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PREFACE 

This volume is dedicated to the memory of Leo Falicov, whose science, 
creativity and magnanimous friendship touched many of us. We will miss 
Leo's pioneering theoretical work which is used today to interpret 
experimental findings not only in magnetism, but also in superconductivity, 
phase transitions and the electronic behavior of solids. Leo was a key 
participant in what has by now become a focal meeting to those of us 
working on thin-film magnetism. Those of us who interacted with Leo at 
these meetings greatly benefitted from his creative mind and his breadth of 
understanding of both the theory and experimental aspects of thin-film 
magnetism. We will certainly miss him in future gatherings. Leo Falicov 
passed away in his beloved Berkeley on January 24, 1995. 

The papers compiled in this volume reflect the state of the art in the field 
of thin-film magnetism and range from insightful reviews to new results in 
all aspects of the field. It is the seventh meeting in the series and gave the 
attendees the unique opportunity to hear from participants from Europe, 
Japan, North America and the former Soviet Union. Original contributions 
were made in the following areas: novel magnetic nanostructures, growth 
and structure of magnetic films and interfaces, interlayer coupling, 
anisotropy, magnetic domains, giant magnetoresistance, spectroscopies, 
magneto-optical properties, and granular nanostructures. 

The meeting began with a dedication to Leo which was attended by his 
wife, Martha, and Roger Falcone, chairman of the physics department at UC 
Berkeley. The technical meeting opened with key review papers on the 
perspectives of thin-film magnetic material devices in the storage industry. 
All papers published in this Festschrift were peer reviewed. The organization 
of the volume reflects the topical areas of the meeting that spanned over 
four days and included two well-attended poster sessions. Finally, we 
gratefully acknowledge our sponsors, ONR, MIST, Hewlett Packard, Read Rite 
Corporation, Komag, Sony, IBM, Seagate, and TDK Corporation, whose 
financial support made this exciting meeting possible. 

E.E. Marinero 
B. Heinrich 
W.F. Egelhoff, Jr. 
A. Fert 
H. Fujimori 
Q. Quntherodt 
R.L. White 

June 1995 
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ABSTRACT 

CoNiCu/Cu superlattice nanowircs have been grown by electrodeposition in nuclear track- 
etched nanoporous membranes. Transmission electron microscopy (TEM) images show a good 
layer structure and allow an estimate of the current efficiency. Current perpendicular to plane 
(CPP) giant magnetoresistance of up to 22%, at ambient temperature, has been measured but 
appears to be limited by defects, giving rise to ferromagnetic interlayer coupling, at low non- 
magnetic layer thicknesses. Magnetic properties of the superlattice nanowires are influenced by 
in-plane anisotropy and magnetostatic coupling. 

INTRODUCTION 

The discovery of giant magnetoresistance (GMR) in the Fe/Cr system and others has resulted 
in much research into the characterisation and growth of short period metal/metal multilayers. 
Interest has now moved to studying GMR in the CPP (current perpendicular to plane) direction 
as it allows a clear separation of interface and bulk contributions to the magnetoresistance1,' . 

We have shown that it is possible to grow high-quality epitaxial metal/metal multilayers with 
individual layer thicknesses as small as ~ 6Ä by the relatively simple and inexpensive technique of 
electrodeposition, using a single electrolyte and switching between two deposition potentials. A 
GMR of up to 20% was found in the CoNiCu/Cu system using this technique4. When an 
appropriate template is used, electrodeposition also provides a means of growing ultrafine wires 
having diameters of a few hundred Ä and a length of several um5,6,7. As a result of combining 
these techniques and using nanoporous membranes metal/metal multilayer nanowires have now 
been electrodeposited by various groups8'10'". 

This paper will discuss the preliminary results achieved from CoNiCu/Cu nanowires 

EXPERIMENTAL DETAILS 

The deposition of the nanowires takes place within the pores of nuclear track-etched 
polycarbonate membranes (figure 1). The diameter of the pores, and thus the nanowires, was 
-800Ä and their length ~6|am. A thin layer of gold was evaporated onto the back of the 
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Polycarbonate membrane 
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X 
Gold coating 

6 (im 

800 Ä 
Figure 1 Schematic diagram of the polycarbonate membrane and a representation of a 

nanowire 

membrane which acted as a substrate and electrode. X-ray diffraction showed that the gold was 
polycrystalline with mainly (111) and (200) textured regions. 

The nanowires were grown from a sulfamate electrolyte containing Co2+, Ni2+ and Cu2+ ions, 
similar to that used for our conventional large area multilayers4. Experience in growing these 
large area multilayers has shown that the pH of the electrolyte is an important factor in the 
growth and influences the magnitude of the GMR in the samples12. The electrolyte pH was thus 
adjusted to 1.8 with the addition of sulfamic acid. 

Each metal has a characteristic reduction potential. As copper is one of the most noble metals 
it requires only a small negative potential for reduction to occur, whereas Ni and Co (less noble) 
require a much higher negative potential. In our case we used -0.2V to deposit layers of almost 
pure Cu and -1.8V to deposit a magnetic alloy layer containing Ni, Co and Cu. The plating 
current was monitored throughout the deposition. Both potentials were measured with respect 
to a saturated calomel reference electrode, placed close to the membrane. The amount of Cu in 
the alloy layer is limited by having a low concentration of Cu in the electrolyte. 

It was possible to monitor the growth of the nanowires within the pores by measuring the 
current7. As the nanowires emerge from the pores the surface area of the deposit increases and 
hemispherical 'caps' are formed. This 3D growth corresponds to an increase in both the Cu and 
the magnetic alloy currents. The current eventually starts to saturate as the hemispherical caps 
on the tops of the pores start to coalesce. It is at this point that plating is stopped allowing 
contact to small groups of wires for the magnetoresistance (MR) measurements. 

After deposition the membrane is mounted on a glass support. Two gold coated spring-loaded 
probes are placed on the top of the membrane so that the current passes down through a group 
of wires, through the gold substrate and back up through another group of wires. The electrical 
resistance is typically 4ß and it is estimated that approximately 30 wires are connected. 



RESULTS AND DISCUSSION 

Transmission electron microscopy (TEM) was used to verify the structure of the multilayer 
nanowires and energy dispersive x-ray (EDX) analysis was used to determine the chemical 
composition. The ratio of Co to Ni, in the alloy layer, was found to be 7:3, which is slightly less 
than that found in the planar multilayers4. The presence of Ni in the electrolyte appears to reduce 
problems associated with the dissolution of Co at the interface when the potential is switched to 
the less negative value appropriate to Cu deposition. 

Figure 2 shows a transmission electron micrograph of a CoNiCu/Cu nanowire of diameter 
800Ä. The bilayer period for this wire was measured to be 30Ä with the Cu layer being 10Ä and 
the CoNiCu alloy layer being 20Ä. A direct measurement of the bilayer period is needed to 
determine the current efficiency for metal deposition, which is less than 100% due to 
co-reduction of hydrogen. The current efficiency for the CoNiCu alloy was found to be 70% for 
this electrolyte and these growth conditions. The micrograph shows extremely good layering 
and shows what is possible by electrodeposition, but structurally some of the nanowires contain a 
high density of twin boundaries and dislocations. 

Figure 2 A bright field TEM image of a 20Ä CoNiCu/10Ä Cu superlattice nanowire 
showing the contrast between the alternate layers. 

A series of samples was grown witli a fixed CoNiCu layer thickness of 35Ä and various Cu 
layer thicknesses (tc). The magnetisation and magnetoresistance properties were measured at 
ambient temperatures with an in-plane magnetic field. Some examples of the magnetoresistance 
curves are shown in figure 3. The distinct broadening of the MR curve and decrease in the 
magnitude of the GMR occurring for 10Ä of Cu compared to 50Ä of Cu may be due to pin holes 
in the Cu layer, causing ferromagnetic coupling between the magnetic layers. This is 
accompanied by a change in the easy direction of magnetisation from in the plane of the layers to 
along the axes of the nanowires. The decrease in GMR is expected from the increasing ratio of 
the Cu layer thickness to the magnetic layer thickness and the decreasing number of interfaces. 
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Figure 3 Magnetoresistance vs applied field for samples with a fixed CoNiCu layer 
thickness of 35Ä and Cu thicknesses of 10,50.200Ä respectively 

Figure 4 shows the GMR as a function of to, and it is seen that there is a maximum GMR of 
17% for 50Ä to, for this set of samples. The maximum GMR achieved, to date, in CoNiCu/Cu 
nanowires was 22% for a sample with 24Ä CoNiCu and 35Ä Cu. 
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Figure 4 Giant magnetoresistance vs Cu thickness at ambient temperature and with an 
in-plane applied field. 



The shapes of the MR curves along with the high saturation fields, in figure 3, are 
characteristic of the nanowire samples. To explain them an understanding of the alignment and 
motion of the individual moments within the layers is needed. 

The diameter of the wires is presumably too small to allow domain walls within the layers. 
The wires can therefore be considered as a column of single domain moments, which can only 
move by in-plane rotation. The high saturation field of the MR curves indicates that these 
moments cannot rotate freely. This could either be due to in-plane anisotropy, interlayer 
coupling or most likely to a combination of the two. 

Magnetic measurements using a SQUID magnetometer showed that as the superlattice 
nanowires are cooled the coercivity increases dramatically, as seen from figure 5. This is 
attributed to anisotropy preventing the easy rotation of the individual moments or groups of 
moments. 

Significant exchange coupling through the Cu layers will occur for thicknesses below a few 
tens of Ä. This is commonly seen in conventional multilayers. The small diameter of these 
superlattice nanowires means that there should be in addition a strong magnetostatic coupling 
between the layers which will have a much longer range. Preliminary magnetic remanence 
measurements at low temperature support this conjecture as evidence is seen for an 
antiferromagnetic interlayer interaction even for tCu as large as 600Ä 13. This is significantly 
greater than the non-magnetic spin diffusion length of 400Ä measured in electrodeposited Cu/Co 
multilayers14. 
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Figure 5 Coercivity from magnetisation loops vs temperature for a nanowire with a 
repeat of 35Ä CoNiCu and 50Ä Cu. The maximum in GMR occurred at a 
systematically larger field but followed a similar trend. 
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ABSTRACT 

Recent work1 has highlighted the possibility that through the introduction of metals into 
the one-dimensional channels of zeolite L, it may be feasible to engineer charge transport along 
the channels to produce a unique compound comprising a precise, assembled array of ultrafine, 
atomic-scale conducting wires embedded within the aluminosilicate framework. Using electron 
spin resonance (ESR), and microwave cavity perturbation measurements, we examine the 
properties of these remarkable materials as a function of composition as they approach the 
insulator to metal transition. 

INTRODUCTION 

The class of crystalline aluminosilicates known as zeolites, many of which are naturally 
occurring minerals, are composed of comer-sharing Si04 and A104 tetrahedra, arranged into 
three-dimensional frameworks in such a manner that they contain regular channels and cavities 
of molecular dimensions (Figure 1). Conventionally a metal is often described as a regular array 
of ions embedded in a sea of itinerant electrons. Although neither exists in practice, a close 
approximation to the former is a dehydrated zeolite such as zeolite L, where cations 
coordinated on only one side to an anionic framework, line the inside of a series of regular 
channels. The controlled and continuous doping of 'excess electrons' into these white insulating 
solids is possible through their reaction with alkali metal vapour. Incoming metal atoms are 
ionized by the intense electric fields within the zeolite releasing electrons to interact with the 
zeolite cations.1-6 We have noted that at some critical stage of metal loading, one expects 
enhanced electron-electron interactions and the possibility of an insulator-metal transition.6"8 

The purpose of this study is to examine the conductivity of these metal-loaded zeolites as 
a function of potassium concentration and determine whether the conduction mechanism is 
metallic. Since the samples are both air- and moisture-sensitive, and in powder form, a 
contactless conductivity measurement is preferred. A convenient method for studying the 
conductivity of such samples is the microwave cavity perturbation technique, where 
dissipative eddy currents can be set up within each powder grain.9 This dissipation is readily 
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Figure 1. Representation of zeolite L with potassium metal atoms occupying the channels. 
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Figure 2. Schematic diagram of the 3.5 GHz copper hairpin resonator. 
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assessed from the resonant bandwidth of the cavity, and appropriate modelling can lead to an 
estimate of the powder conductivity. 

EXPERIMENTAL 

The compounds Kx/K9-L (x = 1, 3, 5, 7, 9) were prepared through the reaction of 
dehydrated potassium zeolite LTL (K9-L), supplied by Laporte, with an amount of potassium 
vapour equivalent to x potassium atoms per zeolite unit cell. The reactions were carried out at 
temperatures between 200 and 250 °C in sealed, evacuated quartz reaction tubes, as described 
previously.1-6 Careful annealing resulted in a blue solid, with the intensity of the colour 
increasing with the amount of added metal. A portion of each sample was sealed in a Spectrosil 
side arm of the reaction tube so that ESR and microwave cavity measurements could be made 
without exposing the product to the atmosphere. The ESR spectra were recorded on a Bruker 
ESP 300 spectrometer operating at X-band frequencies (9 GHz) with 100 kHz field 
modulation. The microwave frequency was measured with a Hewlett-Packard 5350B frequency 
counter to an accuracy of + 1 kHz, and the magnetic field with a Bruker ER 035M NMR 
gaussmeter to better than + 0.1 G. Temperatures down to 4 K were attained by means of an 
Oxford Instruments ESR 900 continuous flow cryostat. 

Microwave Cavity Perturbation Measurements 

The cavity used in these.measurements was a quarter-wave copper hairpin resonator, 
resonant at 3.5 GHz (Figure 2). This host resonator has a relatively high quality factor Q 
(around 1500 at room temperature, increasing to over 4000 below 20 K) resulting in a low 
background loss. The volume of the resonator (~ 0.8 cm3) is very small for these high Q values, 
so that the effective volume filling factor of the zeolite sample was high (~ 15%), resulting in a 
sensitive measurement of the zeolite response. The resonator was loop coupled and all 
measurements were performed in transmission mode using a HP 8720A network analyser and a 
closed cycle cryostat in the temperature range 15-295 K. All of the zeolite samples were 
contained in sealed quartz tubes which were inserted into the resonator through a hole in the 
radiation shield (see Figure 2). One of the advantages of the hairpin resonator is that there are 
distinct regions of high microwave magnetic field and high microwave electric field. Since here 
we were looking at the eddy current losses, we placed the sample in the magnetic field antinode, 
close to the short circuit end of the resonator. The electric field in this position is small, and the 
effects of the dielectric properties of the zeolite were minimized. 

RESULTS AND DISCUSSION 

Figure 3 shows the effect on the resonator response of placing various metal-loaded zeolite 
samples (Kx/K9-L) in the resonator at room temperature. Note that there appears to be two 
distinct discontinuities in this raw data. The loss increases dramatically between concentrations 
x = 3 and x = 5, and there seems to be a further increase between x = 7 and x = 9. A similar 
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pattern is observed in Figure 4, which shows the ESR linewidth of four of the samples as a 
function of temperature: between x = 3 and x = 5 the behaviour changes from decreasing with 
increasing temperature, suggesting that the linewidth is governed by a motional averaging 
process, to increasing with temperature, indicative of a phonon-mediated relaxation process. 
This observed increasing trend strengthens markedly between x = 7 and x = 9. It is likely that 
these variations reflect the changing distribution of potassium within the zeolite channels as the 
concentration of metal increases. Figure 5 shows the resonant bandwidth as a function of 
temperature for each of zeolite samples. By subtracting the unloaded zeolite bandwidth from 
each we obtain the bandwidth contribution associated with metal-loading. Surprisingly, it 
appears that the low temperature bandwidth contribution for each metal concentration reaches 
similar values, independent of the concentration. 

To relate the bandwidth to the zeolite conductivity, we use a model where we assume that 
the conductivity is low enough that the microwave fields penetrate each powder grain 
completely. This assumption is true when the microwave skin depth 8 is much greater than the 
particle radius, and is justified by the observed ESR lineshapes. Then the dissipation within 
each grain is a volume effect, and when averaged over one wave cycle is given by 

4o-f E2dV 
2    JV 

(1) 
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where er is the conductivity and E is magnitude of the induced electric field within the grain. 
Denoting VcaVity as the volume of the resonator, the stored energy averaged over one cycle can 
be shown to be 

V=1
AßoHlVcmity (2) 

If A/s is the contribution of the sample to the resonant bandwidth, then 

As the observed bandwidth is proportional to a, Figure 5 may be regarded as a direct 
reflection of changes in the conductivity of the zeolite as a result of metal loading. Despite the 
fact that the room temperature conductivity increases spectacularly with metal concentration, it 
is immediately apparent from the temperature dependence of the losses that the conductivity is 
not metallic. Nevertheless, it is clear that metal-loaded zeolites exhibit substantially higher 
conductivity than the purely ionic conductivity of dehydrated zeolites. To obtain absolute 
values of conductivity it is necessary to perform a full particle size analysis of the zeolite 
powders. This and further measurements to help determine the mechanism of conduction are 
already in progress. 
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ABSTRACT 

A magnetic field sensor based on the planar Hall effect has been developed using epitaxial 
permalloy (Ni8oFe2o) ulrrathin films (1-10 nm). The magnetic and magnetotransport properties of 
these films have been studied in detail. For thicknesses above 5 nm, the resistivity of the permalloy 
film is below 5nQ-cm, and its magnetoresistance ratio is 2%. By using the transverse resistivity 
for detection, we have reduced thermal drift effects by five orders of magnitude. We also make use 
of a weak uniaxial anisotropy induced in the permalloy through exchange coupling with a 6 nm- 
thick Fe/Pd multilayer, itself grown directly on the MgO substrate. Magnetic sensors based on 
these films have been used successfully to detect fields below 10 nT at 1Hz. Since the lateral 
dimensions of the sensing element are small (<30|im), and because of the ferromagnetic coupling 
with the Fe/Pd structure, it consists of a single magnetic domain. Sensitivities above 100 V/T-A 
have been obtained, with deviations from linearity of less than 2% over 4 decades. 

INTRODUCTION 

Most of the magnetic detection systems used either in magnetic recording read-heads or 
low-field measuring devices are based on hybrid technologies. One of the important challenges for 
the next few years is the production of a solid state magnetic sensor with a high level of 
integration. Magnetoresistive ferromagnetic thin films are one of a few candidates for such devices. 
In a thin film with a uniaxial magnetic anisotropy, an external magnetic field applied in the plane 
perpendicular to the easy axis, induces a rotation of the magnetization, which changes the 
resistivity of the film due to the anisotropic magnetoresistive effect (AMR)1. For read-head 
applications, high frequency rates are needed, mainly in the MHz range. The resolution of 
resistive measurements is then limited by the noise due to thermodynamical fluctuations, usually 
called Johnson noise. In the bandwidth of interest for ultra-low-field measurements (few Hz), this 
limitation is less severe. However, one must consider then a second type of thermal noise 
limitation, induced by temperature variations in the frequency range of the measurement. Through 
the important temperature drift of soft magnetic materials (for standard permalloy 
(l/R)(dR/dT)=0.25% per Kelvin), these variations lead to an important output voltage fluctuation. 
Indeed, this temperature drift appears to be the main factor limiting the low-field performance of 
magnetoresistive detectors. As an alternative solution, we have developed a sensor based on the 
planar Hall effect (PHE). It is actually a measurement of the AMR in a transverse configuration, 
so it is sensitive only to the non-isotropic part of the resistivity. The PHE voltage is given by 

V= Rt I = AR sin(26) I (1) 

where Rt is the transverse resistivity, AR the total resistivity anisotropy and 9 the angle 
between the magnetization and the current. Consequently, the temperature drift of the PHE signal 
is drastically reduced compared to the standard longitudinal magnetoresistance geometry, which 
increases the resolution in the low frequency range. The temperature dependence of Rt is small, 
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since it is originated by spin-orbit interactions. Although the PHE is a well-known phenomenon2, 
it is not widely used since the transverse resistivity of metals is usually too small to produce a large 
enough signal. In a recent study we have shown the feasibility of growing high-quality NiFe 
ultrathin films (below 10 nm) by molecular beam epitaxy3. This material has now been used to 
produce nanoTesla Planar Hall sensors with very small thermal drift. Beside the suppression of 
the thermal drift, the PHE configuration has two other main advantages. First, the dependence of 
the output signal on 9 (the angle between the current I and the magnetization M), is shifted by 45° 
compared to the longitudinal AMR geometry. The maximum sensitivity is then direcdy obtained at 
8=0, which eliminates the need for barber poles or external biasing fields. Second, the size of the 
sensing element may be very small (few square micrometers), which leads to a monodomain 
sensor. 

EPITAXIAL PERMALLOY 

Multilayers of metallic thin films were evaporated from separate high-temperature effusion 
cells onto (001)MgO substrates by Molecular Beam Epitaxy. The growth method of the multilayer 
is described elsewhere!4]. The multilayer structure of a typical sensor (MgO(OOl) / 1.5nm Fe / 
0.5nm Pd / lnm Fe / lnm Pd / 6nm NiFe / lnm Pd ) consists of three distinct parts: a Fe/Pd 
multilayer as buffer layer, a magnetoresistive active layer which is a 6 nm thick layer of Permalloy; 
and finally, a thin layer (1.5nm) of Palladium for passivation. The initial (001)Fe/Pd multilayer is 
used to induce an in-plane uniaxial magnetic anisotropy. Normally, bcc (001)Fe thin films have 
two identical in-plane easy axes, (100) and (010), with an anisotropy field of a few hundred Oe 
with respect with the (110) axis. We have shown recently that when the Fe layer is deposited with 
a non-rotating substrate, a weak uniaxial anisotropy (anisotropy field = 20 Oe) is induced in the 
Fe/Pd multilayer due to the angle of incidence of the Fe atom flux with the substrate.5 The NiFe 
alloy is deposited by simultaneously opening the Fe and Ni shutters, while rotating the substrate. 
Permalloy grows on the above Fe/Pd multilayer with a (110) texture. Its magnetotransport and 
magnetic properties are similar to the bulk material fi For thicknesses above 5 nm, the permalloy 
resistivity is below 25 nß.cm, and its magnetoresistance is AR/R=2%. Since the NiFe alloy is 
grown on a rotating substrate, it does not show any intrinsic anisotropy. However the Fe/Pd 
multilayer imposes its magnetic anisotropy to the entire magnetic structure through ferromagnetic 
exchange coupling.3 

PLANAR HALL EFFECT SENSORS 

Devices have been fabricated from the above multilayers, by patterning the films using 
standard photolithography and low energy (200 eV) ion milling. Initially, a test pattern was used 
to simultaneously measure the transverse and the longitudinal resistivity of the device. The 
temperature dependence aT=(dR/dT)/AR could then be compared for the two configurations on the 
same sample. Typically, we measured ax=0.5 K~* for standard longitudinal magnetoresistivity, 
and aT=0.5xl0-3 K"1 for the PHE. This corresponds to an equivalent magnetic noise of 10^ 
nT.K"1 for the longitudinal measurement and 100 nT.K-1 for the transverse configuration. 

For actual device fabrication, a different pattern was used with only two output connections 
corresponding to the Planar Hall signal. The resistivities of the contact legs were decreased in 
order to obtain both low output noise and minimal electrical dissipation. With this patterning 
specially designed for PHE, we obtained a better compensation, with a very low resulting thermal 
drift, (<10 nT.K"l). Several sizes were tested for the sensing area, but we did not observe any 
systematic variation of the performance down to the lowest dimension (28 |im*28)im). One 
should note that standard magnetoresistive sensor technology always requires the use of an 
integrated bridge to reduce thermal drift together with the use of Barber poles or biasing fields to 
improve the sensitivity. The fabrication of PHE sensors is therefore much simpler, with few steps 
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and only one lithographic mask. A second mask can be used to deposit a protection layer onto the 
sensing area, which avoids contamination by conducting or magnetic dust. Such a mask, 
however, does not need precise alignment. 
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Fig 1 Pattern use for the simultaneous measurement of the longitudinal magnetoresistivity, 
V1-V2 (the voltage electrodes are sensitive to the component of the electric field parallel to the 
current), and the PHE signal, V3-V4 (the output voltage probes the component of the electric field 
perpendicular to the current). 

The transverse magnetoresistance of a sensor is shown in figure 2, for different direction of 
the applied magnetic field. When a saturating field is applied along one of the two hard axes, 
Fe(110) andFe(l-lO), the angle between the current and the magnetization is 6=45°. Therefore, 
the Planar Hall signal is at an extremum (minimum in one case and maximum in the other). When 
the field is then decreased, toward the easy direction Fe(100), the signal approaches a value in 
between the two extrema. When the field is applied along the easy axis direction Fe(100), the in- 
plane magnetization axis does not change during the entire loop, so the sensor response is 
constant. 

One should note that the value of the transverse resistivity is not exactly equal to zero as it 
should be. This small difference has two different origins: First, a very small misalignment 
between the current and the most easy axis, for example in the patterning process, will lead to an 
significant signal offset. Second, a small defect in the shape of the Hall pattern would introduce a 
small longitudinal contribution to the magnetoresistance. This may be also the source of the small 
residual temperature drift observed in these PHE sensors. 

SENSITIVITY AND RESOLUTION 

The uniaxial anisotropy is used in the sensing process to ensure that the magnetization in 
zero field is along the most easy axis regardless of the magnetic history of the device. A transverse 
field then produces a rotation of the magnetization which leads to a transverse voltage. For a 
uniform magnetic layer, the PHE output signal can then be written 

VH=IAR(Hext/Ha) (2), 
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where I is the current, Hext is the magnetic field perpendicular to the most easy axis of the 
structure, AR is the total anisotropic resistivity and Ha is the total anisotropy field. In our 
structure, the anisotropy field acts directly only on the Fe/Pd structure, whereas in the field energy 
term (-MH), both Fe/Pd and NiFe magnetizations must be considered. Therefore, expression (2) 
becomes 

VH = I AR (Hext/Ha) ((MNiFe+MFe) / MFe) (3), 

where MNiFe is the magnetization of the NiFe layer and MFe is the magnetization of the Fe/Pd 
structure. 
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Fig 2        Planar Hall resistivity as function of external applied field in the Fe(l 10), Fe(l- 
10) and Fe(100) directions. The sensing clement is a Fe/Pd/Fc/Pd/NiFe/Pd multilayer. 

The saturation field Hs observed when the direction of the magnetic field is along one of the hard 
axes (see figure 2) is related to the value of Ha used in this expression. When the four-fold 
anisotropy is dominant the relation is simply Hs=2*Ha. The sensitivity can be then expressed as: 

S = VH/I Hext = AR/Ha ((MNiFc+MFc) / MFe) (4) 

For the structure described above, we usually measure AR between 0.5 and 1 Ohm. Using 
AR=0.5 Q, Ha=100 Oe, and ((MNiFc+MFc) / MFc ) = 2, expression (4) leads to S= 100V/T-A. 
Figure 3 shows the Planar Hall signal versus the applied field aligned with the less easy of the two 
easy directions. The hysteresis is identical to values observed by SQUID magnetometry. 

The linear parts correspond to rotation of the magnetization away from "easiest" (100) 
direction. It is the operating field range of the sensor. On Figure 3 it is seen that the linear 
response covers a field range on the order of 20 Oersted. The ultra-low field response was 
obtained using a Helmholtz coil generating a controlled field down to 10-6 Oe (10~10 Tesla). This 
is shown in figure 4. Since the uniaxial anisotropy is directed along the current, there is no need 
for a bias field to place the sensor in its optimum operating range. Moreover, the earth's magnetic 
field does not need to be compensated since the linear response of the sensor is spread over several 
Gauss. We used for the measurement a DC current of 1mA corresponding to a current density 
close to 5X105 A/cm2, and a time constant of 1 sec. 
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Fig.   3       Planar Hall resistivity as function of external applied field in the Fe(010) 
direction. The sensing element is a Fe/Pd/Fc/Pd/NiFe/Pd multilayer. 

The sensitivities values deduced from Figure 3 and from Figure 4 are identical, S=70 V/T- 
A. Using the value of AR deduced from the figure 3, AR=0.35 Q, and the magnetization ratio, 
(MNiFe+MFe) / MFe = 1-8 deduced from the structure of the multilayer, we have calculated a value 
for the anisotropic field of Ha=90 Oe.   This value is in relatively good agreement with the 

saturation field value HS=15Q±30 Oe (figure 2), since a factor two is expected between Hs and Ha. 
Different structures have been tested with increasing NiFe thicknesses or with different Fe/Pd 
multilayer structure. We have always obtained a ratio Hs/Ha close to the expected value. Indeed 
the sensitivity does not depend on the measured current up to 1=50 mA. 
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Fig 4 PHE output voltage as function of external applied field for DC (a) and AC (b) 
measurements (I=lmA and the applied field is perpendicular to the most easy axis). The 
response of the sensor to magnetic field steps of 20 mOe in amplitude is shown in the inset. 
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The lowest detectable field is then determined by the noise, which in our case is dominated 
by the electronic instrumentation noise. Using a time constant of 1 second, direct measurement of 
magnetic fields of the order of 10"3 Oe were obtained. The detection performance in the low field 
limit can be slightly increased using AC resistive measurements, with an excitation frequency in the 
1 kHz range. This leads to an important reduction of the noise, and consequently the resolution of 
the sensor can be increased by an order of magnitude. The resolution (defined by a signal to noise 
ratio equal to unity with a time constant of one second) is observed to be below 1(H Oe (10 nT). 
The signal is observed to be linear over more than 3 decades. Moreover, from figure 3, we can 
conclude that the sensor has a linear response over more than four decades. 

In order to increase the sensitivity and at the same time the low field resolution, we have 
explored two different solutions. First, a decrease of the magnetic anisotropy would lead to an 
increase of the sensitivity. The NiFe magnetization is aligned with the Fe magnetization trough a 
strong ferromagnetic coupling. However, a decrease in the strength of this coupling will permit an 
independent rotation of the two magnetizations, although the coupling should stay strong enough 
to maintain the NiFe magnetization in the vicinity of the Fe easy axis. By increasing, up to 30 A, 
the thickness of the Pd layer used as a spacer between the Fe and the NiFe layers, we have 
obtained sensibilities up to S=130 V/TA. A complete study of this decoupling effect will be 
published elsewhere7. Second, the adjunction of flux concentrators in the vicinity of the sensing 
element has lead to an important increase in the sensitivity. Preliminary results gave, S=300V/T- 
A, and a resolution R=3 nanoTesla. We expect further increases in the performance with this 
technique. Modelization of the magnetic flux lines in the system are now in progress, with the goal 
to optimize the design to achieve resolutions below 1 nanoTesla. 

CONCLUSIONS 

We have produced thin film magnetic field sensors based on the PHE, with a resolution 
below 10 nT and a sensitivity above 100 V/A-T. The thermal drift is observed to be very small, at 
least four order of magnitude.below the thermal drift of longitudinal magnetoresistive sensors. The 
microscopic lateral dimensions of the active part of the sensor is surely the most interesting aspect 
of these PHE detection devices, since it allows parallel fabrication to be easily implemented on 
large scales, and it also gives access to high frequency detection. This technology could therefore 
provide lead to the fabrication of integrated field gradiometers and sensor matrices for magnetic 
cartography. 
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process of the sensors, and A. Wochenmayer for technical assistance. This work was supported in 
part by the ESPRIT Basic Research Program of the European Economic Community. 
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ABSTRACT 

We have observed micromagnetic structure in real computer hard disks with the typical 
structure of C/Co alloy/Cr/NiP/Al(substrate) using Lorentz transmission electron microscopy 
(LTEM). A chemical etching method was introduced to successfully prepare LTEM specimens 
directly from the computer hard disks with both smooth and mechanically textured substrates. 
Micromagnetic structural features, e.g., ripples and vortices, were studied in disks in bits- 
written, ac-demagnetized, and saturation remanent magnetic states. 

INTRODUCTION 

With the increase in recording density of magnetic hard disks, detailed analysis of 
micromagnetic structure in the media has become increasingly important. Lorentz transmission 
electron microscopy (LTEM) is thought to provide the highest resolution for magnetic 
structures.1 However, LTEM requires specimens with large uniformly thin areas so that the 
deflection angle of the incident electron beam is proportional to the magnetic field within the film 
plane. Specimen preparation, therefore, is one of the major barriers to application of this 
technique to the recording media. Some authors have used model systems with specially 
designed substrates to facilitate preparation of LTEM specimens of Co alloy/Cr films.23 

Unfortunately, the microstructure of the magnetic layer can be affected by substrate character. 
In the present study a chemical etching method was introduced which allowed LTEM observation 
of micromagnetic structures in unmodified real computer hard disks with the typical C/Co 
alloy/Cr/NiP/Al(substrate) structures. 

EXPERIMENTAL PROCEDURE 

The disks studied have a smooth substrate (supersmooth) with the structure of 15nm 
C/29nm Co84CrioTa6/50nm Cr/6u.m NiP/Al(substrate). The metallic films were sputter- 
deposited using a dc magnetron system with a substrate bias of -200 V and a substrate 
temperature of 225 °C without breaking vacuum. Magnetic parameters of these films, measured 
using vibrating sample magnetometry (VSM), are as follows: Hc = 1590 Oe and Mrt = 1.34 
memu/cm2. The radial-to-circumferential orientation ratio of coercivity is 0.98. Magnetic bits 
were written in alternating direction of magnetization along tracks (in the circumferential direction 
of the hard disk) in a standard writing procedure for computer hard disks. A magnetoresistive 
head with an inductive writing element of the size of PI W/P2W = 7.5/6 u.m was used at a flying 
height of 0.076-0.089 |im (3.0-3.5 p."). The recording density was 585 bits/mm (15 Kfci) at the 
inner diameter. (The bits were written with a constant frequency at different radii, so the 
recording density decreased with increase of radius.) Track pitch was lO.lnm. The disk was 
not dc-erased before writing, so the regions between tracks were in the as-deposited magnetic 
state. The ac-demagnetized state was achieved by rapidly spinning the sample in the VSM 
machine in a magnetic field which decreased slowly from a saturation value to zero (The sample 
surface is parallel to this external field). The saturation remanent state was obtained by applying 
a saturation magnetic field to the samples along the sample surface and then removing the field. 

Disks on mechanically textured substrates, having the structure of C/48nm 
Co86Cr8Ta6/75nm Cr/NiP/Al(substrate), were also investigated.   The metallic films were 
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deposited using conditions similar to those in the smooth substrate case. Magnetic parameters 
are as follows: Hc = 1900 Oe (in the circumferential direction of the hard disk) and Mrt = 2.5 
memu/cm2. This disk was dc-erased in the circumferential direction before bits were written. 

A chemical etching method was used to produce LTEM specimens directly from the C/Co 
alloy/Cr/NiP/Al(substrate) computer hard disk structures. The resulting specimens typically have 
2000 ^irn2 or larger electron transparent areas of Co alloy/Cr films with uniform thickness. The 
computer hard disks were first ground from one side to remove most of the Al substrate. The 
thinned pieces were then mechanically cut into 3mm disks which were subsequently dimpled 
from the Al side into the NiP layer, which was then etched away with concentrated nitric acid at 
room temperature. Since both Cr and Al are insoluble in this acid, the Cr underlayer acts as a 
protective layer, isolating the Co alloy magnetic layer from the etchant while the Al substrate 
remains as mechanical support for the resulting thin metallic film. The etched samples were 
suitable for LTEM observation. If necessary, further removal of the Cr underlayer and C 
overcoat can be accomplished using low-angle ion-milling. 

A Philips CM 20 FEG TEM (200 kV) was used for LTEM observation of the films. 
This machine is equipped with both a Twin2 Lorentz imaging lens (3nm resolution) and a 
SuperTwin objective lens (0.24nm resolution), which allows direct correlation between 
micromagnetic structural features and microstructural features of the same sample area at high 
spatial resolution. 

RESULTS AND DISCUSSION 

Figure la is part of a Fresnel, i.e., defocused, LTEM (FLTEM) image of the 
Co^CrioTag/Cr film on the smooth NiP/Al substrate in the bits-written magnetic state, which 
confirms that a large uniformly thin area is successfully obtained using the chemical etching 
method. Alternating dark and light domain walls along the track direction are observed between 
the bits and the regions between tracks. This is consistent with the magnetization state of the 
film. As described earlier, the bits were in alternating direction of magnetization along the tracks, 
while the regions between tracks were in the as-deposited magnetic state. Since the film was 
deposited using a dc magnetron system, it is possible that the magnetic field during deposition 
gave rise to a remanent magnetization in the radial direction of the disk, which is perpendicular to 
the magnetization direction within the bits. The incident electrons are deflected by the 
demagnetization field within the film in the direction perpendicular to the magnetization 
directions, generating alternating dark and light lines along the track direction in defocused 
images. Longitudinal magnetic ripples4, perpendicular to local net magnetization, are found 
within the bits and regions between tracks. The transition regions between the bits are featured 
with alternating dark and light spots along the transition width (perpendicular to track direction). 
This observation is consistent with a previous observation by Cameron and Judy on a 
Co86Crj2Ta2/Cr film deposited on a carbon-precoated Si substrate, which can be interpreted as 
vortices with an alternating sense of rotation.2 

The micromagnetic structural features at the bit-transition regions can be more clearly 
seen at higher magnification in Figure lb. The diameter of the magnetic vortices is estimated to 
be 0.1-0.2 |irn based on the alternating periodicity of these spots, which is considered to be twice 
the dimension of the vortices across the transition width. The size of these vortices is slightly 
smaller than that observed by Cameron and Judy.2 This is presumably because the films 
observed in this study have higher coercivity than their films. The ripples at the ends of the 
transition widths have two distinct structures, one being divergent from the transition region into 
the regions between tracks and the other being divergent from the regions between tracks into the 
bits. One possible interpretation can be made in terms of magnetostatic interaction between 
magnetic moments within the bits and those within the regions between tracks. The magnetic 
field generated by the regions between tracks tends to rotate adjacent magnetic moments within 
the bits to its own direction (perpendicular to the track direction). The rotations have two 
different patterns based on the relationship between the magnetization directions, as indicated in 
Figure lc, which give rise to two distinct longitudinal ripple structures at the two ends of a 
transition width (track edge).   The micromagnetic structure at the track edges can also be 
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complicated by fringing head fields during the writing procedure.5-6 The track edge magnetic 
structure is very important for future high density application and will be addressed in future 
studies. 

Region 
between 
cracks 

^m   : Overall Magnetization Direction 

■4-    : Local Net Magnetization Direction 

/    : Longitudinal Ripples at Track edges 

Fig 1 a) Fresnel LTEM image of Co84Cri0Ta6/Cr film on the smooth NiP/Al substrate in the 
bits-written magnetic state; b) Fresnel LTEM image at a higher magnification; c) Schematic of 
magnetic ripples at the track edges. 
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Figure 2a is a FLTEM image of Co&jCrioTaö/Cr film (on the smooth substrate) in the ac- 
demagnetized state. The random pattern is consistent with randomization of the directions of 
magnetic moments in this state. The arrows point out "star-like" features, which we identify as 
magnetic vortices. Figure 2b is a schematic structure proposed for these vortices, in which small 
magnetic moments form clusters and these clusters then form close-fluxed vortices.7 The size of 
these vortices is estimated to be around 1.0-1.5 |im, about 10 times larger than that found in the 
bit-transition regions in the bits-written films discussed in the previous paragraph. Because the 
magnetic clusters in these vortices are large, their net magnetizations are large enough to give 
visible walls between them. Therefore, detailed structure of the vortices can be revealed. The 
difference in vortex sizes in the above two cases may be rationalized as follows: in a bit-transition 
region the smaller vortices may be a result of constraints from adjacent bits which suppress the 
size of the vortices; in the ac-demagnetized state, however, there is no such constraint and 
consequently larger magnetic vortices may be energetically more favorable. This interesting 
observation has implications on the interpretations of different media noise measurement 
methods, such as the uniform magnetization noise and the integrated media noise, which are used 
to characterize transition media noise in the thin film media.8 

Fig 2a FLTEM image of 
Co84CrioTa6/Cr film (on 
the smooth substrate) in the 
ac-demagnetized state. 

Fig 2b Schematic model for 
magnetic vortices observed 
in Fig 2a. 

Image of Co84CrioTa6/Cr film (on the smooth substrate) in the saturation remanent 
magnetic state is featured with ripples aligned largely parallel to each other (Figure 3). The 
alignment of the ripples reflects the alignment of magnetic moments. Higher magnetization arises 
from better alignment of magnetic moments and therefore is associated with better alignment of 
magnetic ripples. The saturation remanent state has the highest magnetization in the absence of 
external field, so the ripples align very well. 
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Fig 3  FLTEM image of Cog/iCrioTae/Cr film (on the smooth substrate) in the saturation 
remanent magnetic state. 

Figure 4 is a FLTEM image of a Q^CrgTaö/Cr film on the mechanically textured NiP/Al 
substrate in the bits-written magnetic state. Dark and light domain walls are observed between 
the bits and the inter-track regions for half of the bits in an alternating manner. This is because 
this disk was dc-erased in the circumferential direction before the bits-writing process, so half of 
the bits form 180° walls with the inter-track regions while the other half have the same 
magnetization direction as the inter-track regions and therefore no domain wall. Observation of 
micromagnetic structural features, i.e., ripples and vortices, in this film is somewhat complicated 
because contrast from the texture lines tends to obscure the more subtle magnetic contrast. 

Fig 4 FLTEM image of a Co86CrgTa6/Cr film on the mechanically textured NiP/Al substrate in 
the bits-written magnetic state. 
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CONCLUSION 

A chemical etching method has been successfully introduced, which allows us to study 
micromagnetic structure in real computer hard disks. Some important features, such as magnetic 
vortices and track edge structures, are revealed. More detailed analysis and interpretation of our 
observations are currently underway in order to deepen understanding of the magnetic 
performance of the recording media. 
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ABSTRACT 

Coherent epitaxial Fe304 layers in the range of 0 to 400 A have been grown by mo- 
lecular beam epitaxy on single crystal MgO(100) substrates. The magnetic properties were 
studied by local magneto-optical Kerr effect experiments on a wedge shaped Fe304 layer, 
by ferromagnetic resonance and SQUID. The results show that the magnetic behavior of 
the Fe304 thin films resembles bulk Fe304 in the investigated thickness range. 

INTRODUCTION 

The continuing progress in thin film deposition techniques enables one nowadays to fab- 
ricate artificial layered structures with precise control over composition and thicknesses. So 
far the main efforts in the field of magnetic materials have been directed to metallic systems, 
although more complicated systems such as oxides can be deposited in a controlled fashion 
as well. Recently, we have shown from structural data that we were able to stabilize the 
correct phase of magnetite, Fe304, by MBE i.e. without unwanted phases such as Fe, FeO, 
and Fe203 [1]. Although Fe304 seems to be a simple oxide, its growth is not straightforward. 
Several different techniques have been reported. In the majority of these studies (see for in- 
stance [2]), the magnetic properties differ considerably from the bulk Fe304 behavior. Here, 
we focus on the characterization of thin Fe304 layers. We present ferromagnetic resonance 
(FMR), and SQUID data as well as the results of thickness dependent magneto-optical Kerr 
effect (MOKE) experiments on epitaxial Fe304 layers grown on MgO(100) single crystals 
by MBE and with layer thicknesses below the investigated range reported before. These 
studies enable a direct determination of the magnetic anisotropy constants. 

EXPERIMENTAL 

The Fe304 layers were grown using a UHV Balzers UMS 630 multichamber Molecular 
Beam Epitaxy system. The main deposition chamber consists of two differentially pumped 
chambers containing the evaporation sources and substrate holder, respectively. This con- 
figuration combined with the differential pumping with powerful turbo-pumps enables high 
oxygen pressures locally at the substrate maintaining relatively low pressures in the re- 
maining part of the main chamber. The oxygen is supplied through a ring shaped doser 
located close to the substrate holder. This prevents the use of ionized oxygen generated 
by a Wavemet microwave/ECR plasma generator source such as in the case of Lind et al. 
[3]. The Fe304 layers were deposited by e-gun evaporation from Fe targets at a substrate 
temperature of 225° C on single crystalline MgO(lOO) substrates and at an oxygen pressure 
of 2.8 x 10~5 mbar. Before and during the deposition, 
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Figure 1: RHEED patterns of MgO(lOO) (a) and Fe3O4(100) (b) at room temper- 
ature, with the e-beam parallel to the [100] direction. 

the e-gun evaporation fluxes are controlled by a cross-beam quadrupole mass-spectrometer 
feedback system. For further details on the preparation, see [1]. 

Two types of samples have been grown; samples with the Fe304 layer uniform in thick- 
ness and samples in which the Fe304 layer was deposited in the form of a wedge (from 0 to 
400 Ä) by slowly withdrawing a shutter located close to the substrate. 

All samples were characterized in-situ with RHEED. Fig. 1 shows typical RHEED 
patterns of the MgO (a) and the Fe304 (b) surface at room temperature. From the photos it 
can be concluded that the Fe304 grows epitaxially on the MgO substrate without indications 
of island growth. It also appears that the MgO substrate was flat on an atomic scale, because 
of the clear presence of Kikuchi lines. These lines persist when depositing Fe304, indicating 
that the roughness does not increase significantly with Fe304 growth. Upon deposition of 
Fe304 and after cooling down, the observed lattice constant doubles, as follows from the 
appearance of additional streaks located between the MgO [0,0] and [-1,0] and [1,0] streaks. 
This is what one expects since the unit lattice cell length of Fe304 is about twice that of 
MgO; (8.396 and 4.2117 Ä, respectively). A more detailed analysis of the growth will be 
given in [4]. 

The magnetic characterization of the wedge sample has been performed by means of the 
magneto-optic Kerr effect (MOKE) at room temperature. The MOKE studies are performed 
in the longitudinal geometry. The longitudinal MOKE experiments are performed with the 
applied field oriented along two different axes in the plane of the film, namely the [100] 
and [110] axes. Below thicknesses of 50 A Fe304, the signal intensity is too low to measure 
hysteresis loops. 

A uniform 300 A thick Fe304 film has been investigated by means of SQUID (Quantum 
Design MPMS5) and FMR, employing a standard commercial FMR spectrometer with a 
Bruker X-band cavity (9.79 GHz) and a flow cryostat to obtain temperature dependent 
measurements in the range of 5 up to 300 K. 

SQUID AND LONGITUDINAL MOKE EXPERIMENTS 

Typical longitudinal hysteresis loops with the field applied along the in-plane [110] and 
[100] directions are shown in Fig. 2. The in-plane hysteresis loops reveal a low coercive field, 
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Figure 2: Hysteresis loops for 340 A FenO^lOO) measured by longitudinal MOKE 
with the field applied parallel to the film plane along the [110] (a) and [100] (b) 

indicating the soft magnetic behavior of magnetite and show low saturation fields, indic- 
ating that the magnetization is oriented preferentially along the film plane rather than 
perpendicular to it. The in-plane hysteresis loop with the field applied along [110] shows 
a 100 % remanence, whereas with the field applied along [100] a remanence of 70 % is ob- 
served. For the latter, a field of about 20 kA/m was almost enough to obtain saturation. 
This indicates a cubic crystal anisotropy with [100] and [110] of the Fe304 the hard and 
easy in-plane directions, respectively, which is the same as for bulk Fe304. For bulk Fe304 

at room temperature, the magneto-crystalline anisotropy energy is, in first approximation, 
given by E = K^a\a\ + a\a\ + ajaj) with Kx = -l.lxlO4 J/m3 [5]. Here au a2 and 
a3 denote the direction cosines of the magnetization relative to the cubic axes. For (100) 
growth, this results in <110> easy and <100> hard axes in plane, as observed in the MOKE 
experiments. 

The results of a SQUID magnetization measurement on a uniform 300 A Fe304 single 
film, investigating the behavior in larger applied fields, support the above observations. 
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Figure 3: The hysteresis loop of a 300 A Fe304 single film on MgO (100) measured 
by a SQUID magnetometer at 300 K with the applied field along a [100] axis. 
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Figure 4: The thickness dependence of the remanence (a) and the coercive field (b) 
obtained from the in-plane hysteresis loops with the field applied along the [100] 
(squares) and [110] (circles) directions. 

As can be seen from Fig. 3 again a low coercive field (of about 3 kA/m) is obtained. The 
field of needed to obtain saturation along the [100] axis is low and appears to be about 30 
kA/m. In addition the SQUID data yield a value for the absolute saturation moment which 
in the present case appears to be 490 kA/m, close to the bulk value of 480 kA/m [6j. 

Fig. 4 shows the remaining results obtained with MOKE, i.e. the thickness dependence 
of the remanence and the coercive field when performing position dependent measurements 
along the Fe304 wedge. The [110] axis appears to be the easy axis for Fe304 thicknesses 
above about 120 Ä as may be clear from the magnetization remanence versus the Fe304 

thickness. Below 120 Ä, the remanence decreases along the [110] direction. The remanence 
becomes equal for the [100] and [110] directions at 90 A, suggesting a decrease of the in-plane 
anisotropy. For lower thicknesses the remanence of both directions decreases. Figure 4(b) 
shows the coercive field as a function of the magnetite thickness of the in-plane MOKE 
measurements for both directions of the applied field. For Fe304 thicknesses above 120 A, 
the coercive field of the hysteresis loop measured along the hard axis of about 3 kA/m is, 
as expected, lower than the coercive field for the hysteresis loop measured along the easy 
axis (about 4.5 kA/m). Below 120 A, the coercive fields for the [100] and [110] directions 
become equal, which again indicates a lowering of the in-plane anisotropy. 

FMR EXPERIMENTS 

The magnitude of the crystal anisotropy could not be determined accurately from 
the MOKE and SQUID hysteresis loop measurements, because of the inaccuracy in the 
determination of the field needed to saturate the magnetization along a [100] axis. Therefore, 
magnetic anisotropy studies were also performed by means of FMR to obtain a quantitative 
measurement of the cubic crystal anisotropy and its temperature dependence. Single layers 
of Fe304 on MgO (100) were investigated. Here, we will only discuss the results of a 300 
A Fe304 film. The complete results including investigations on several other samples will 
be published elsewhere [7]. In Fig. 5 the angular dependence of the in-plane resonance field 
measured at 293 K is shown. From this figure the fourfold symmetry that is expected for 
epitaxial growth of a cubic material in the [100] direction is clear. The minimum in the 
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Figure 5: Angular dependence of the in-plane resonance field measured at 9.79 GHz 
and 293 K of a 300 A Fe304 film on MgO (100). The angle is defined relative to 
the [110] axis. 

resonance field occurs at the [110] direction, which is consistent with the easy axis direction 
derived from the MOKE hysteresis loop data. The solid line in the figure represents a fit of 
the well-known resonance condition for this geometry (see e.g., [8]). Here, the bulk g-value 
was assumed to be 2.12 [5]. To obtain a good fit, it appeared sufficient to take into account 
only the first order term of the magneto-crystalline anisotropy, K\. A value of 28 kA/m was 
thus yielded for the obtained cubic anisotropy field, -2Ki/ß0Ms. Using the value of 480 
kA/m for the saturation induction ß0Ms of bulk Fe304 [6], an anisotropy constant Ki of 
-0.9x10" J/m3 is calculated, which is slightly lower than the bulk value of -1.1 xlO4 J/m3 

[5]. Similar FMR experiments on a multilayer of 44 Ä Fe304 / 18 A MgO (not shown), reveal 
a cubic crystal anisotropy field of 6.4 kA/m. Note that this strong reduction is consistent 
with the MOKE hysteresis loop data, which displayed a more or less isotropic behavior for 
thicknesses below 120 A (Fig. 4). 

Also FMR experiments as a function of temperature have been performed. 
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Figure 6: FMR data on a 300 A Fe3Oi film on MgO (100). (a) The temper- 
ature dependence of the cubic magneto-crystalline anisotropy constant K\ (solid 
squares). Literature data for bulk [5] (open circles) are shown for comparison, (b) 
The temperature dependence of the resonance field with the applied field perpendic- 
ular to the film plane. 
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The resulting temperature dependence of the crystal anisotropy constant Kj is shown in 
Fig. 6(a). Again, the magnitude as well as the temperature at which K\ reverses sign (T = 
130 K) in this MBE-grown film is in agreement with literature data on bulk magnetite [5]. 

Fig. 6(6) shows the temperature dependence of the resonance field obtained for applied 
fields oriented perpendicular to the film plane. Here, the data extend to lower temperatures 
revealing the Verwey transition at a temperature of about 105 K through a drop in the 
resonance field. The drop is attributed to a drop in the anisotropy and not in the saturation 
magnetization. The latter also determines the resonance field, but is expected to be fairly 
constant in the investigated temperature range, because of the relatively high Curie tem- 
perature of 848K. In principle, the lowered Verwey transition with respect to the bulk value 
of 119 K [6] could be due to incorrect stoichiometry, but strain induced in the Fe304 film 
resulting from its coherent epitaxial growth on the MgO(lOO) single crystal may also play 
an important role. It is known that strained Fes04 layers could have a Verwey transition 
temperature, which differs from the bulk Verwey transition [9], 
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ABSTRACT 
We report on the phase transformation of amorphous PtMnSb thin films 

induced by laser annealing in the nanosecond time regime. Structural and magnetic 
transformations are investigated by TEM, XRD, AFM and in-situ MOKE and 
VSM. We have established that a minimum laser fluence is required to crystallize the 
amorphous films and thus, to induce magnetic activity. The transformation kinetics 
vs number of irradiation pulses reveals that the magnetically active Clb phase is 
formed via an intermediate phase, namely, tetragonal-PtMn. We have also 
established that the thin film crystallization induced by the nanosecond laser 
annealing proceeds via nucleation rather than grain growth. Measurement of the 
lattice parameter of the Clb-PtMnSb produced by the laser quenching (LQ) 
indicates an essentially unstrained structure with a = 6.17 A vs a = 6.201 A reported 
for the bulk. Nevertheless, we observe the generation of large surface undulations 
upon laser annealing and suggest that this is the mechanism for stress relaxation 
concomitant with the large volumetric changes involved in the phase transformation. 
In addition, we observe decrements in saturation moments and Curie temperatures 
which are attributed to the nanocrystalline nature of the LQ specimens. 

INTRODUCTION 
The Heusler alloy, Clb-PtMnSb [1], is known to exhibit the largest Ken- 

rotation at room temperature of all known ferromagnetic materials. [2] Thus, there 
is considerable interest for optical storage applications and due to its unique band 
structure (metal for the majority spin electrons and semiconductor for minority spin 
electrons) [3], it is also a promising material for magneto-resistive applications. 

Previous reports on the generation of the Clb crystalline phase have utilized long 
term, high temperature annealing employing conventional isothermal annealing. 
Recently Carey et al [4], reported also the usage of rapid thermal annealing to 
produce the Clb phase. The use of nanosecond duration laser pulses to crystallize 
amorphous PtMnSb was first reported by Marinero. [5] In this work we report for 
the first time, details pertaining the crystallization kinetics of these alloys, the nature 
of the structural transformation and the development of magnetic properties 
intimately related to the nano scale of the crystalline film produced under this 
non-equilibrium thermal conditions. 
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EXPERIMENTAL 
PtMnSb thin films were deposited by DC magnetron sputtering (base pressure 

< lxlO"7 Torr.) onto quartz substrates from elemental targets utilizing Argon sputter 
pressures around 3 mTorr. The Heusler alloy was grown between SiN layers as 
follows: quartz / SiN (20 nm) / PtMnSb (150 nm) / SiN (12.5 nm). All layers were 
grown in the same pumpdown and the nitride was formed by reactive sputtering. 
To correlate film structure to magnetic and magneto-optic properties, we utilized the 
following measurement techniques: FILM STOJCHIOMETRY: x-ray microprobe, 
Rutherford backscattering (RBS), secondary ion mass spectrometry (SIMS) and 
Auger analysis. MICROSTRUCTURAL STUDIES: x-ray diffraction (XRD), 
transmission electron microscope and atomic force microscopy (AFM). MAGNETIC 
CHARACTERIZATION: Magneto-optic Kerr Effect (MOKE), vibrational sample 
magnetometer (VSM) and torque magnctometry. 

Laser annealing was conducted within the pole pieces of a 20 kOe electromagnet 
which is part of the MOKE apparatus. No external field was applied during the 
sample annealing. Dielectric mirrors and beam combiners are utilized to guide both 
the excimer laser radiation and the probe He-Ne laser onto the same spot of the 
sample. The excimer laser irradiates a 6 mm diameter area (determined by the pole 
bore hole) whereas the Hc-Ne laser spot is approximately 1.5 mm in diameter and 
is fully confined within the irradiated area. In this fashion we are able to in-situ 
monitor the magnetic phase evolution of the amorphous alloy. Irradiation in our 
work was conducted through the SiN/air interface. The laser is a Lambda Physik 
(102) excimer laser running on KrF (248 nm) and it generates 16 ns pulses of around 
250 mJ in energy. Control of the laser fluence is obtained by means of variable 
attenuator and the pulse energy is measured with a pyrolcctric detector. To minimize 
pulse to pulse energy variations, a repetition rate of 2.5 Hz was employed. This also 
guaranteed that no thermal build up effects are present in our annealing 
experiments. In addition to LQ, we utilized also rapid thermal annealing in our 
experiments to compare the resulting structural and magnetic properties under these 
conditions and those induced by LQ. The RTA (AG Associates 610) pulse heat 
profile in our studies was the following: 5 s hold at room temperature, ramp-up to 
the target temperature at 125°C/s, 120 s hold at the target temperature and the 
sample was removed from the instrument after cooldown below 100° C. 

EXPERIMENTAL RESULTS 
A wide range of compositions around the stoichiomctric 1:1:1 ratio were 

fabricated. Large variations in magneto-optical activity as a function of composition 
were observed. In this work we report only on studies of films whose elemental 
composition ratio was Pt34gMn334Sb31 8. Oxygen and carbon traces (<1%) were 
found through the film thickness, however, the levels detected are close to the 
instruments' sensitivity limits. The as-deposited (AD) film structure as indicated by 
XRD and TEM electron diffraction (ED) is amorphous. Smooth flat surfaces and 
SiN/Quartz interfaces were observed with no pinholcs. The amorphous films exhibit 
no magnetic activity. 
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In Figure 1, the maximum Kerr rotation or saturated rotation (0S) is plotted vs 
number of irradiation laser pulses for a fluence of 68.4 mJ/cm2. This saturation value 
is that obtained when the external field aligns all moments out of plane of the film 
and was determined to be around 4.8 kOe for this hard axis orientation. The fluence 
threshold for observing the development of magnetic activity was determined to be 
34 m.T/cm2. This is correlated to the need to raise the amorphous film temperature 
to or close to its melting temperature. The figure shows that very little magnetic 
activity develops upon the first laser irradiation, whereas, the second pulse develops 
close to 50% of the maximum rotation obtained in the experiment. Note also the 
changes in reflectivity occur during the cumulative laser annealing of the sample. 
TEM studies utilizing plan and cross-sectional view were conducted for the 
as-deposited sample, after a single laser pulse exposure, two pulses and 2000 to 
investigate the phase transformation. 

10 100 
Pulse number 

10000 

Figure 1. Typical MOKE signal evolution of PtMnSb thin films vs.   number of KrF 
excimer laser pulses, (fluence = 68.4 mJ/cm2) 

Figure 2 gives a composite electron diffraction pattern corresponding to plan view 
observations of: (a) as-deposited film; 8S =0°, (b) first pulse irradiation; 0S = O.O4°, 
(c) two consecutive pulses; 0S = O.52° and (d) after 2000 pulses: 0S= 1.0°. The laser 
fluence utilized corresponds to Fig. 1. The typical broad halos of an amorphous 
structure are seen in 2(a). In contrast 2(b) shows the onset of crystallization and the 
index analysis indicates that this corresponds to tetragonal PtMn. Reference samples 
of pure PtMn treated under similar annealing conditions, exhibited no Kerr activity 
within experimental error. Thus, wc attribute the ds value observed in Fig. 1 
corresponding to single laser irradiation to traces of Clb phase that could be formed 
concurrently with the PtMn. Application of a second laser pulse 2(c) shows 
predominantly the Heusler Clb phase, although arcs of PtMn are still visible. 
Finally after 2000 pulses (2(d)), the ED pattern is all essentially Clb phase. 
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Figure 2. Composite plan view TEM electron diffraction (ED) patterns corresponding 
to figure 1. (a) as-deposited film, (b) single pulse irradiation, (c) two pulse exposure 
(d) 2000 pulses irradiation. 

(a) As deposited (b) LQ 1 

(d) LQ 2000 (c)LQ2 

Figure 3. Cross sectional TEM bright field images corresponding to (a) - (d) of figure 
2. Note the laser induced surface undulations. 
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Figure 3 shows cross sectional TEM (Akashi 002B, 200keV) bright field images 
corresponding to the samples of Fig. 2. Again, the as-deposited film, 3(a) was 
amorphous and exhibits smooth flat top and bottom interfaces. Following the first 
pulse as seen in 3(b), significant crystallization has occurred. However, note that the 
nanocrystallites are located in the middle of the film. Top and bottom ~100 nm thick 
amorphous layers remain in the vicinity of the SiN interfaces. It is clear also from 
3(b) that the laser annealing leads to the generation of surface undulations. After two 
consecutive pulses, the film volume is filled with 10~20 nm size nanocrystals and 6S 

jumped up to 50% of the maximum value. Fig. 3(d) shows the effect of 2000 pulses, 
the surface undulations are very apparent and it is noted that the the average grain 
size did not change from 2 to 2000 pulses. In contrast, 0S gradually increased to its 
maximum value. The AFM study shows that the amplitude of the surface 
undulations is enhanced with the number of pulses, whereas the periodicity of the 
undulation, ~ 500 nm, is essentially unchanged. 

The XRD spectrum of the film exposed to 2000 pulses is given in Fig. 4. In this, 
we compare its spectrum to that observed utilizing RTA annealing to 650°C for 
120sec. Whereas the laser annealing produced single phase Clb-PtMnSb with a 
lattice parameter of 6.17 A, the RTA led to a multi-phased crystalline film, 
consisting of Clb, tetragonal PtMn and cubic PtSb2. A lattice parameter of 
a = 6.18Ä is measured for the Clb phase formed by RTA. Both Clb lattice 
parameters in LQ and RTA film are comparable to that of the bulk value, 
a = 6.20A, reported by Watanabe [1], indicative of absence of lattice strain. 
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Figure 4. Comparison of XRD spectra for RTA (650°C) and laser annealed (iluence = 
68.4 m.I/cm2) PtMnSb specimens. LQ samples yield single Clb PtMnSB whereas 
secondary phases are formed during RTA. 
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DISCUSSION 

Intermediate PtMn Phase 
The formation of the Clb PtMnSb induced by laser annealing clearly 

proceeds via the formation of the intermediate PtMn tetragonal phase. We observe 
a threshold for the onset of crystallization which we attribute to the need for 
liquid-like diffusion for crystallization to occur in the nanosecond time scale of our 
annealing. Thermociynamic driving forces are likely to facilitate the formation of the 
tetragonal PtMn phase more readily than that of the complex Clb structure. This 
intermediate phase then acts as nucleation centers for the generation of the Clb 
phase. The unique aspect of this transient annealing is that the grain growth is 
significantly arrested. Thus, as determined in our study, the grain size from 2 to 2000 
pulses changes little, hence the crystallization process occurs essentially via 
nucleation. Such non-equilibrium conditions lead to constraints in the grain size 
which have a profound effect on magnetic properties. For example, we observe a 
significant depression in the Curie temperature for LQ samples (Tc = 230 °C) vs 310 
°C for the RTA samples. Corresponding resulting average grain diameters are 20 nm 
and 50 nm for LQ and RTA respectively. 

The effect of the temperature gradient during laser exposure is the reason for the 
results of Fig 3(b). As seen in the figure, nucleation of tetragonal PtMn occurs 
initially in the middle of the film with amorphous regions remaining in the vicinity 
of the interfaces. These interfaces provide more effective cooling for the thin film 
changing the quench rates significantly so that the cooldown curve near the 
interfaces has a larger quench rate, preventing crystallization occurring at the 
interfaces. In contrast, the quench rate in the film center crosses the TTT diagram 
so that the end result is crystallization. 

Surface Undulations 
Surface undulations generated by laser annealing have been encountered by 

others, sec for example Sicgman et al. [6] and Preston ct al. [7] As pointed out the 
characteristic undulation wavelength in our experiments is ~500 nm and the 
amplitude increases with number of pulses. This periodicity differs by a factor of two 
from values reported in the literature in which undulations equal to the laser 
wavelength or to X/'n (n = refractive index) have been described. Such experiments 
also utilize normal incidence geometries such as ours. We suggest that the origin of 
the undulations observed in our work are associated with stress relief. As pointed 
out, the lattice parameter values measured for our LQ samples are virtually the same 
as those published for bulk values. Nevertheless, as can be expected from raising the 
temperature of the absorbing film from ambient to or close to its melting point in 
such short time scales, leads to large volume changes. In addition, crystallization 
under non-equilibrium conditions is realized with concomitant volume changes. In 
the time scales involved in our experiments, there is not sufficient time to 
accommodate such large volume expansions as simple tensile or compressive stress 
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and thus, the stress is released by the formation of such surface undulations. Such 
an effective stress relief mechanism has been discussed by Stephen ct al. [8] for 
silicon dioxide on silicon substrate system. Further work to quantify the periodicity 
and amplitude in terms of this process and as a function of laser fluence are in 
progress. 

CONCLUSION 
The phase transformation from amorphous to crystalline PtMnSb induced by 

laser annealing has been investigated with a variety of structural and magnetic 
techniques. We have established for the first time that the transformation proceeds 
via the intermediate phase formation of tetragonal PtMn. Temperature and time 
constraints lead to formation of the Clb phase predominantly via a nucleation 
process. Evidence for stress relaxation via the formation of surface undulations has 
been given and the effect of reduced dimensionality on magnetic properties has been 
described. We suggest that the application of such transient laser annealing 
techniques be utilized to synthesize unique nanostructures and the formation of 
metastable phases not accessible under equilibrium annealing conditions. 
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ABSTRACT 

Novel material structures that combine magneto-optic (MO) and semiconductor devices have 
potential applications in monolithic microwave systems and optoelectronics. We have 
investigated the materials issues pertaining to the film structure, interface uniformity, and 
magnetic/MO properties of (BiDy)3(FeGa),012 (Bi-DyIG) thin films sputter deposited on Si and 
GaAs. The rapid thermally annealed films were polycrystalline with a nominal grain size of 20 
ran. The magnetic and MO properties were strongly dependent on the type of substrate such 
that square hysteresis loops and coercivities of 0.1 to 0.9 kOe were observed for Bi-DyIG/Si 
structures while Bi-DyIG/GaAs structures showed much lower coercivity values (0.03 kOe). A 
comparison of the magnetic properties, microstructure and substrate composition was carried out 
with plan-view and cross-section transmission electron microscopy, as well as electron and x-ray 
diffraction. The results suggest that grain orientation effects, stress, and compositional 
inhomogeneity due to interfacial reactions or diffusion introduced by the substrate strongly 
influence the magnetic and MO properties of the films. 

INTRODUCTION 

Monolithic integration of magnetic and magneto-optic (MO) materials with semiconductor 
electronics and optoelectronics has potential for a host of novel device applications that include 
microwave electronics [1,2], sensors [3], as well as information storage and processing [4,5]. 
Combining MO materials with underlying high speed III-V or Si electronic and optoelectronic 
device structures offers device opportunities that exploit the properties of both materials. In 
particular, we have investigated the possibility of monolithically combining MO and 
optoelectronic devices such as lasers and detectors. To realize an integrated device, 
compromises in growth conditions and materials compatibility may be necessary to ensure that 
the properties of each material are maintained. 

Integrating MO materials with lasers, for example, places certain restraints on the MO 
material selection. These criteria include selecting an MO material with a large Faraday 
rotation, perpendicular magnetic anisotropy, and low absorption at the wavelength of interest. 
Bismuth substituted garnets satisfy these criteria [6,7]. These materials exhibit large Faraday 
rotation of about 1-2 7|im at 633 nm, when sputter deposited, and more transparency than metal 
MO films such as TbFe [8]. However, the garnet films are typically deposited in an amorphous, 
non-magnetic state and require a subsequent high temperature (600-700 °C) anneal to obtain a 
magnetic, crystalline form [9]. During processing, these temperatures could reduce the integrity 
of the underlying semiconductor. Furthermore the garnet film properties are sensitive to various 
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growth and processing conditions [9], as well as substrate properties such as lattice constant and 
thermal expansion coefficient [10]. Hence the figures of merit of both the MO material and 
semiconductor can be influenced by the choice of the substrate material. The following study 
evaluates this issue by examining the influence of the substrate on the magnetic and MO 
characteristics of garnet films. 

We report on the magnetic and MO properties of (BiDy)3(FeGa)5012 (Bi-DyIG) films grown 
on Si, GaAs, and glass. Rapid thermal annealing (RTA) has been successfully employed to 
crystallize Bi-DyIG resulting in small grain sizes (20 nm) and good magnetic and MO properties 
for films on Si and glass. Here, we discuss the relationship between microstructure, interface 
roughness and magnetic properties and propose possibilities for improved structures based on 
garnet-semiconductors. 

EXPERIMENTAL 

The 200-300 nm thick Bi-DyIG films were rf magnetron sputter deposited on Si (100), Si 
(111), GaAs (100), GaAs (111), and Corning 7059 glass substrates. The garnet target 
composition was Bi20Dy10Fe40Ga|0Ox. As-deposited films were subsequently annealed using 
RTA at 650 °C for 3 minutes, with a ramp rate of 125 °C/s. RTA processing results in a lower 
grain size compared to conventionally annealed films, believed to reduce the read/write noise 
associated with polycrystalline garnet MO media [11]. Microstructural investigations were 
carried out using x-ray diffraction (XRD) with Co Ka radiation, as well as plan view and cross 
section transmission electron microscopy (TEM), and electron diffraction. TEM samples were 
prepared with mechanical polishing and Ar ion milling. Composition analysis was performed 
using Rutherford backscattering (RBS). The saturation magnetization and coercivity of the films 
were measured (in the film plane and film normal directions) with a vibrating sample 
magnetometer. MO characterization of the Bi-DyIG films was carried out with Kerr or Faraday 
rotation measurements (at 633 and 840 nm respectively). Faraday rotation measurements were 
carried out on films deposited on glass, while Kerr measurements were used to study films on 
the opaque Si and GaAs substrates. 

RESULTS 

Magnetic and MO Properties of Garnet films 

The magnetic and MO properties of Bi-DyIG films deposited on glass, Si, and GaAs are 
summarized in Table I. The table shows that the saturation magnetization (Ms), coercivity (Hc) 
and Faraday rotation (0F) of Bi-DyIG deposited on glass compare reasonably well with 
previously published results [12]. A typical Faraday rotation measurement from this sample 
shows a square loop indicating perpendicular magnetic anisotropy, shown in Figure 1(a). 

Bi-DyIG films deposited on Si were found to possess somewhat smaller coercivities and 
Kerr rotation values (0k) than films on glass. For both the Si (100) and (111) substrates the 
films exhibited perpendicular anisotropy and square hysteresis loops. The magnitude of 0k 

varied, however, from 0.2 to 0.7 °/jam for two separate growth runs, presumably due to a subtle 
difference in preparation conditions. The Bi-DyIG films grown on GaAs substrates exhibited 
much reduced Hc and ©k relative to films grown on glass and Si. Examination of the magnetic 
properties in and out of the film plane indicated no perpendicular anisotropy for films on GaAs. 
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Table I: Magnetic and MO Data of Bi-DyIG Films 

Substrate Ms He 0 (Kerr/Faradav) 
(emu/cc) (kOe) (°/Hm) 

Glass 10 1.3 1.2* 
Si (100) 60 0.4 0.2-0.7 
Si (111) 15 0.2 0.6 
GaAs (100) 80 0.03 0.0-0.1 
GaAs(lll) 100 0.05 None 

1.5 

Note: Kerr measurements were taken at 633 nm, and 
(*) Faraday measurements at 840 nm. 

Microstructure of Films on Different Substrates 

The film microstructures were characterized to 
determine their influence on the magnetic properties. 
XRD data (Fig. 2) and plan-view electron diffraction 
indicated that the film texture varied with substrate 
composition. The Bi-DyIG films on glass exhibited 
no preferred orientation from XRD and cross section 
electron diffraction. Plan view electron diffraction 
supported this, although in thin regions of the TEM 
sample (hence the top portion of the garnet film) 
some texturing was evident as the (420) spacing was 
weak and the (611) spacing was stronger than 
expected for a randomly oriented film. Considerable 
dispersion was found in the grain size, which varied 
from about 10 nm to 100 nm. No second phase lines 
were detected in the diffraction patterns. Cross- 
section TEM imaging revealed the garnet-glass 
interface to be fairly smooth both before and after 
(Fig. 3(a)) annealing. 

For Bi-DyIG films grown on Si, a comparison of 
the XRD and magnetic data indicated that random 
orientation correlated with higher 0k. The first-run 
sample deposited on Si had Hc and 0k values 
comparable to the Bi-DyIG film on glass, and had a 
very similar XRD pattern (Fig. 2). The only 
difference in XRD data was the observation of a 
strong (842) reflection in the film on Si, probably 
due to orientation with the Si (400) planes at nearly 
the same spacing. Electron diffraction also indicated 
a fairly random orientation in that all reflections 
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Figure 1:   Faraday and Kerr hysteresis 
loops for Bi-DyIG films on (a) glass, 
(b) Si (100), and (c) GaAs (100). 

420 

•Uiu. ■•^Lf.—*. 

jj-^L 

420 Si 400 

I^<0~J_AJL'WA_^ 

A 
M.         )0.         40. 50. W.         '0.         «0. 

321 GaAs^.1 
400 *) 

420 

~J~L „A 
M          »           «. i M.         >0.        N. 

(a) 

(b) 

(c) 

20 
Figure 2: X-ray diffraction patterns of 
Bi-DyIG films deposited on (a) glass, 
(b) Si (100), and (c) GaAs (100). 
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were present; however, the diffraction rings were 
spotty even when a very large number of grains 
contributed to the pattern. A grain size of about 20 
nm was observed, with less apparent variance than 
for the film on glass. For the second sample run, the 
normally prominent (420) reflection was weak and 
the (800) spacing was dominant. This sample also 
had a significantly reduced 0,, indicating a definite 
connection between film microstructure and magnetic 
properties. 

The Bi-DyIG samples on Si were also examined 
in cross section. Underneath the fine grain structure 
formed during annealing are larger crystals (about a 
micron in diameter) directly atop the Si (Fig. 4(b)). 
These are of the garnet phase as determined by 
selected area electron diffraction. The grain 
boundaries of the large crystals are not evident in 
plan view TEM unless the sample is ion milled 
briefly from film side, when the boundaries become 
easily visible (Fig. 5). The interface between these 
grains and the Si is fairly abrupt and smooth despite 
annealing. However there are two very thin (0.5-1 
nm) layers, presumably one of which is an oxide, 
between the Si and garnet. Very faint second phase 
lines were observed in the diffraction pattern, which 
have not been definitely associated with any of the 
features observed in TEM. 

In contrast to the Bi-DyIG films deposited on Si 
and glass, films on GaAs showed low coercivity and 
no perpendicular anisotropy. The film microstructure 
also contrasted with that of the Si and glass samples. 
XRD and electron diffraction data (Fig 2(c)) indicate 
strong (321) diffraction and very weak (420) 
diffraction. The grains were slightly smaller than for 
the other films (15 nm) and fairly uniform in size 
except for those grains at the Bi-DyIG / GaAs 
interface itself. No evidence for the mixed-sized 
grain structure seen in Si-grown films was present. 
Cross-section TEM did, however, reveal a much 
rougher interface in the Bi-DyIG / GaAs relative to 
the film interfaces with Si or glass. Electron 
diffraction also indicated second phase lines, 
conceivably reaction products with the substrate. 

As deposited, un-annealed Bi-DyIG films on 
GaAs also were also analyzed. The un-annealed 
garnet/GaAs interface was different for the two 
sample runs on GaAs (100), which is not surprising 
since they had different magnetic properties when 

(a) Glass 

(b) Si (100) 

(c) GaAs (100) 20 nm   J 

Figure 3: Cross-section TEM images of 
Bi-DyIG films grown on glass, Si (100), 
and GaAs (100). 

0.1pm 

Figure 4: Plan-view TEM image of Bi- 
DyIG grown on Si (100). The electron 
diffraction pattern is shown in the inset. 



annealed. The first run sample (before annealing) 
had a thin (10 nm) epitaxial garnet layer atop the 
GaAs, which was confirmed by plan view 
diffraction. On top of this were two amorphous 
layers, the contrast between them presumably due to 
a composition difference. On the other hand, neither 
an epitaxial layer nor pronounced contrast bands 
were seen in the un-annealed sample from the second 
run. As for films on Si, the variations in growth 
runs for films on GaAs are attributed to unintentional 
differences in substrate surface preparation, as well 
as sputtering and annealing conditions. 

Compositional Analysis of Garnet Films 

RBS was used to determine the compositional 
variation within the By-DyIG films before and after 
annealing. The results showed that after annealing, 
there was a difference in composition compared to 
as-deposited films. This variation in composition 
was most obvious in the Bi-DyIG / GaAs samples 
which showed changes in the Bi, Dy, and Ga levels. 
This data suggests that diffusion of species during 
the anneal is possible which could have resulted in 
interfacial reaction. As the film magnetic properties 
are sensitive to composition this may account for 
some of the reduction in Ok and Hc seen for Bi-DyIG 
films on GaAs. 

1.0pm 
Figure 5: Plan-view TEM image of Bi- 
DyIG grown on Si (100). A portion of 
the film has been sputtered off, 
revealing a large grain structure 
superimposed on that showed in Fig. 4. 
The inset shows electron diffraction 
from one grain. 

DISCUSSION 

Observations from this study suggest three possible links between the Bi-DyIG / substrate 
interface and the film magnetic and MO properties. Grain orientation effects, which for films 
on GaAs exhibited by far the strongest deviation from randomness, are believed to be partly 
responsible for the reduced Hc of samples on this substrate. In addition GaAs has the closest 
thermal expansion coefficient to garnet (near room temperature); hence the stress induced during 
thermal processing may be lower than for Si or glass, reducing the magnetic anisotropy and 
resistance to domain rotation. Furthermore, in the GaAs case some degree of diffusion or 
intermixing of Ga may have lead to an effective doping of the garnet film which reduced the 
Hc or altered the compensation temperature. 

In contrast, for Bi-DyIG films grown on Si, the three parameters discussed (film texture, 
stress, and composition inhomogeneity) were all more similar to the samples on glass, and the 
magnetic properties were much closer as well. Effects such as film texture [13] and movement 
of atoms to different lattice sites during processing [8] have been determined to affect magnetic 
properties for other material systems. Since several phenomena appear to be at work here, 
particularly for films on GaAs, isolating each one has thus far proved elusive. Variations 
between different growth runs on the same substrate underscore the sensitivity of the film to the 
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growth surface. 
Investigations are underway into use of diffusion barrier materials to reduce the sensitivity 

of the Bi-DyIG films to the substrate, in order to provide greater control in growing MO films 
with intact properties on Si and GaAs. This will also be important to realization of the 
integrated semiconductor devices whose operation would also be very sensitive to interface 
reactions. 

CONCLUSION 

The growth of Bi-DyIG films on Si and GaAs has been carried out along with the evaluation 
of some basic materials issues pertaining to garnet MO media / semiconductor integration. The 
garnet microstructure and magnetic properties are sensitive to the choice of substrate as well as 
the subtle variations in processing conditions. Some combination of reduced stress, grain 
orientation effects and possible interface reaction leads to low coercivities (about 0.03 kOe) in 
samples grown on GaAs. Films on silicon have comparable magnetic properties and 
microstructure relative to films on glass, but exhibit wide variations between growth runs. 
Samples on glass as expected have Hc above 1 kOe. Further work should lead to films with 
improved figures of merit on GaAs and improved process control for films on Si. As 
applications requiring MO elements integrated with circuitry and optoelectronics expand, this 
could be one of the implementations to consider. 
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1 Introduction. 

In the past years artificially-structured materials have been grown with an increasing de- 
gree of sophistication due to steady progress in our ability to control growth processes 
down to the atomic level. These materials have yielded new physical properties due to 
the confinement of electrons in less than three dimensions. Thus, the confinement of elec- 
trons in two-dimensional (2D) metallic superlattices has resulted in oscillatory magnetic 
coupling with an associated oscillatory giant magnetoresistance (GMR). New properties 
are expected when the electrons are further confined to one dimension (ID) of free motion 
in the structures known as quantum wires. In this report we briefly describe two recent 
examples of atomic-scale engineering of materials. In the first case a surfactant is used 
to purposely modify the structure of magnetic/non magnetic superlattices. The second 
example illustrates a further reduction in dimensionality obtained by modifying the sub- 
strate onto which the growth takes place: the fabrication of ID magnetic quantum wires 
on vicinal surfaces. 

2 Experimental. 

The experiments have been carried out in three different Ultra High Vacuum (UHV) 
chambers: a) A Molecular Beam Epitaxy (MBE) system equipped with Thermal Energy 
Atom Scattering (TEAS) and Low Energy Electron Diffraction (LEED), b) a system 
equipped with Scanning Tunneling Microscopy (STM) and LEED and c) a six-circle X- 
ray diffractometer placed at the ID3 beamline of the European Synchrotron Radiation 
Facility (ESRF) at Grenoble. The samples were Cu(lll) flat and vicinal surfaces, cleaned 
in-situ by ion sputtering and annealing. In all cases, prior to the growth, the cleanliness 
was checked by Auger Electron Spectroscopy (AES) and the crystalline perfection by 
LEED, TEAS and STM respectively. The metals evaporated, Pb, Co, Cu and Fe were 
deposited from different electron bombardment and thermal sources at low rates (A/min) 
under residual pressures of the order of 10-10 Torr. 
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3    Results and Discussion. 

3.1    Surfactant effects on the growth of {Co/Cu}(lll) super- 
lattices. 

It has been shown that Co can be grown by MBE at room temperature (RT) in the 
metastable fct phase on an adequate substrate such as Cu(100) [1, 2]. The lattice mis- 
match being moderate (~ 2%), the Cu surface provides a template onto which the Co 
atoms lock, accommodating the forced lateral expansion with a contraction of their inter- 
layer spacing. This structure can be maintained up to rather large thicknesses because 
the square symmetry of the Cu(100) face is very different from the hexagonal one of bulk 
hep-Co, thus making the transition very unlikely [1]. Accordingly, Co/Cu superlattices 
grown along the (100) direction are strictly fee and have shown antiferromagnetic (AF) 
coupling [3] and oscillations in the coupling as a function of the Cu spacer [4], reproduced 
by several groups [5, 6]. 

On the contrary, experimental studies of epitaxial films of Co grown on Cu(lll) 
and (lll)-oriented Co/Cu superlattices have been plagued with contradictory reports 
regarding not only their electronic and magnetic properties, but even their crystalline 
structure. Polycrystalline (lll)-textured sputtered multilayers [7, 8] have shown MR 
oscillations and correlated oscillatory magnetic coupling, while samples grown by MBE 
either do not display oscillatory coupling [9, 10] or do not present AF coupling at all 
[11]. In the rare occasions in which oscillatory coupling was indeed observed, a significant 
fraction of the sample was ferromagnetically-coupled independently of the thickness of 
the Cu spacer layer [12]. 

Using a combination of different techniques (STM, LEED, and Surface X-ray Diffrac- 
tion -SXRD-) we have performed a thorough characterization, of the structural evolution 
of the Co films in real time during growth. We have found that the origin of these contra- 
dictory results can be traced down to the existence of defects that result in the formation 
of channels between crystallites, thus preventing the formation of continuous spacer films 
[13]. Across these channels, magnetic bridges can develop providing a direct FM cou- 
pling between adjacent Co films [13]. It was further suggested that the Cu film grown 
on Co was composed of fec-twinned crystallites [13]. This can be directly inferred from 
experimental data such as those depicted in Fig. 1. This figure shows LEED I-V curves 
measured on a clean Cu(lll) substrate and on a trilayer formed by depositing 3 ML of 
Co on the substrate and then covering it with another 3 ML of Cu. Unlike the curves 
corresponding to the fee substrate, which display the typical three-fold symmetry, those of 
the trilayer appear to be six-fold. Although this could be taken as an indication that the 
film is already hep, a careful study of these I-V curves shows that they can be accurately 
reproduced just by incoherently adding the intensities of the two inequivalent curves of 
the clean substrate (the (1,0) and (0,1) families). This means that the film is composed 
of twin-fee crystallites larger than the coherence length of a typical LEED instrument (< 
100Ä), that cannot match and coalesce laterally. Therefore, this results provide an ex- 
planation for the lack of AF coupling observed in MBE-grown {Co/Cu}(lll) multilayers. 
It seems reasonable to ascribe the different behavior of Co films grown on the Cu(100) 
and Cu(lll) faces to the different symmetry of these two faces. In fact, thefcc-(lll) face 
of Cu can only be distinguished from the (0001) basal plane of hep-Co by the stacking 
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sequence. It is therefore expected that the transition of Co from fee to hep happens very 
easily and has some influence on the twinning of the Cu spacers. 

W curves   Cu/Co/Cu(111) 

Figure 1: LEED I-V curves for a clean Cu(lll) surface (lower panel) and a 3ML Cu/3 
ML Co/Cu(lll) trilayer (lower panel). The latter curve can be directly obtained by 
incoherently adding the curves of the two inequivalent beams ((1,0) and (0,1)) of the bare 
substrate, indicating that the Cu film consists of twin-fee crystallites. 

In order to study this problem we resorted to Surface X-Ray Diffraction (SXRD) 
experiments performed at the ID3-BL7 beamline of the ESRF. SXRD is a well-established 
technique for surface structure determination combining a very high sensitivity for struc- 
tural defects with an easy interpretation of the experimental results, since kinematic 
scattering theory can be applied. Additionally, the very high photon flux available at 
the ESRF makes it possible to obtain a wealth of data in real time during deposition. 
This is crucial for a correct determination of all the relevant parameters involved in the 
growth process. Our experiments consisted of basically two types of measurements: first, 
monitoring the evolution of the diffracted intensity at selected points in fc-space in real 
time during evaporation of the growing species, and second, measuring complete scans 
along the most relevant Crystal Truncation Rods (CTR's) at fixed coverages, after having 
stopped growth. By fitting the latter measurements with a suitable model, it is possible to 
accurately determine the crystallographic structure of the films, whereas the former ones 
allow us, by adequately choosing the point in reciprocal space where the intensity is going 
to be measured during the time-scans, to follow the time evolution of a given structural 
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characteristic of particular importance; in our case, we were interested in studying the 
formation of stacking-faults (SF's) and twins in the epitaxial films of fcc-Co grown on 
Cu(lll), and the transition from the fee to the hep phase as a function of the Co layer 
thickness. 

(-1,1) CTR 

• a) 1.5 ML Co 
»b)4.5 ML Co 
♦ c) 5.4 ML Co 

2.0 3.0 
Miller Index I 

Figure 2: (-1,1) rod scans for Co films of several thicknesses grown at RT on Cu(lll): 
(a) 1.5 ML; (b) 4.5 ML; (c) 5.4 ML.The inset shows the evolution of diffracted intensity 
at the twined fee position 

Fig. 2 shows scans measured on the (-1,1) CTR after depositing different amounts 
of Co. Bulk Bragg maxima in the CTR at Miller indexes 1=1 and 1=4 correspond to 
the fee stacking while features at 1=2 reveal the appearance of SF,s. Several aspects 
deserve being noted: first, as said before no SF's appear for the first two monolayers of 
Co. This information can be obtained from the fits to rod scans such as the one labeled 
(a), and also from timescans such as the one depicted in the inset. The initial decrease in 
intensity is due to the increasing disorder at the surface caused by the substrate etching 
and formation of bilayer islands with pure fee stacking. At this stage a considerable 
amount of intermixing of Co into the Cu substrate takes place [14]. It appears therefore 
that the fee structure of this bilayer is stabilized by the presence of Cu in the film. 
Above 2ML of Co, the segregation of Cu to the growing film is frozen and further growth 
occurs by single-layer islands that start to introduce SF's in the Co film leading to local 
hep stacking. This is revealed by the asymmetric shape of the CTR in Fig. 2b and the 
increase in intensity in the inset above 2ML. Hence, on top of the faulted islands growth 
continues as hep-Co. The transition to hep of the remaining fee fraction takes place in 
the same way over subsequent layers; an example of the structure of a thicker (~ 5.4 ML) 
Co film is shown in Fig. 2c. For this coverage, nearly 50% of the fourth layer is already 
hep, whereas another 25% is forming an fcc-SF. The film therefore is not homogeneous, 
because different areas of the sample make their structural transition at different heights 
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above the substrate surface. As a consequence, for instance, our fit indicates that all 
three possible hep stackings (-ABAB-, -BCBC- and -ACAC-) are present in the film, thus 
preventing the formation of a continuous layer. Nucleation of Cu islands on top of hep 
fractions with different stacking sequence seems thus to be the reason for the twinning of 

the Cu overlayers [15]. 

I/V curves   Cu/Co/Pb/Cu(111) 

100.0 200.0 
Energy (eV) 

Figure 3: LEED I-V curves for selected diffraction spots of (a) the clean Cu(lll) surface, 
and (b) a 3ML Cu/3 ML Co trilayer grown on a Pb-precovered Cu(lll) surface. The 
three-fold symmetry of the latter curves indicates pure fec-stacking, without detectable 

formation of twins. 

Having determined successfully the origin of the problems found when working with 
this system is not enough if high-quality superlattices are to be grown: there remains 
the task of finding a method that allows us to avoid these undesirable results. To this 
end, we resorted to using Pb as a surfactant to try to modify the natural tendencies of 
both materials. Pb is a low-surface-energy metal, and is therefore likely to remain on 
top of the growing film without being incorporated into it, a basic condition that must 
be fulfilled by any surfactant agent to be of any practical use. In fact, we have observed 
that a monolayer of Pb deposited on top of the clean Cu(lll) substrate remains on the 
surface after having subsequently deposited more than 20 ML of both Co and Cu. But 
most importantly, Fig. 3 shows how the presence of this Pb layer prior to the growth of 
a Cu/Co trilayer prevents the formation of fee twins. The LEED I-V curves depicted are 
equivalent to those shown in Fig. 1 , but now it is evident that the trilayer grown with 
Pb has three-fold symmetry, with a structure rather similar to that of the Cu substrate 
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although the shifts in the peak positions indicate relaxations of the interlayer spacing. In 
any case, no twin fraction is detected for trilayers grown using this method. This effect 
persists for additional Cu/Co trilayers, and can therefore be used to fabricate high-quality 
superlattices [15]. 

(0 -1) Crystal Truncation Rod 

fee    hep 

\      I 
hep 

\ 
fee 

• «9ML Co/1.4ML Pb/Cu(111) 
»      *9MLCo/Cu(111) 

2 3 

Miller index I 

Figure 4: (0,-1) rod scans for Co films of 9.5 ML, grown on Cu(lll) with and without 
using Pb as a surfactant. While in the former case the fee structure is preserved, in the 
latter a large fraction of the film has already converted to hep. 

The mechanism of actuation of the surfactant at the atomic scale is not yet com- 
pletely clarified, but we have determined that the main effect consists of delaying the 
transition of the Co film from fee to hep. Cu layers deposited on top of purely-fcc stacked 
Co films continue to grow with the correct stacking sequence, producing films of much 
higher structural quality. This effect of Pb is demonstrated by the SXRD data presented 
in Fig. 4: there, two scans of the same CTR are shown, corresponding to 9.5 ML Co films 
grown with and without precovering the Cu substrate with 1.4 ML of Pb. It is clear from 
the figure that while the film grown without Pb contains already a large fraction of hep 
structure (indicated by the increasing intensity diffracted near the values 1.5 and 3 of 
Miller index /), the one grown with Pb has retained the fee structure. In summary, these 
data clearly indicate that the use of surfactants for the growth of metallic superlattices is 
a valuable method that is bound to concentrate increasing attention in the near future. 
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3.2    Magnetic Quantum Wires and Lateral Superlattices. 

The fabrication of quasi-lD materials is recently attracting strong interest. It has been re- 
ported that Ni and Co nanowires (600Ä in diameter) exhibit perpendicular magnetization 
and enhanced coercivity [16]. Co/Cu multilayers shaped in the form of 400-800Ä diame- 
ter nanowires show MR values of 15% at RT [17, 18]. Conventional vertical multilayers 
show GMR effects in both geometries: current in the plane and current perpendicular to 
the plane (CPP). For the first case the effect vanishes when the layer thickness surpass 
the electron mean free path (~ 100Ä ), while for the CPP geometry the number of in- 
terfaces sampled is much larger since the relevant length is now the spin diffusion length 
(~1000Ä ). Accordingly, a stronger GMR effect is expected for the CPP geometry. The 
measurements in this geometry, however, are difficult to perform. The growth of lateral 
superlattices on the surface of vicinal substrates may offer new possibilities in this respect, 
since an alternate array of magnetic/non magnetic stripes can be tested with a current 
in the surface plane but perpendicular to the stripes, that will sample all the interfaces. 
We have explored this approach [19] which is schematically illustrated in Fig. 5. 

stepped surface 

+ Fe, Co 

übü. 
Figure. 5:  Schematic drawing of a lateral superlattice of magnetic wires grown by step 
flow during thermal deposition on vicinal substrates. 

Vicinal substrates with varying terrace widths can be prepared by intentional misori- 
entation of the crystal at selected angles out of the normal. For certain step orientations, 
terrace widths and deposition rates, evaporation of magnetic materials (Fe, Co) may result 
in preferential decoration of steps and formation of regular arrays of wires as discussed 

55 



elsewhere [19]. 

Figure 6: STM images (270 Ä wide) recorded with sample voltage, Vs = -0.3 V and 
tunneling current i=0.3 nA. Above: Clean Cu(lll) 4.5° vicinal surface. Below: 0.2 ML 
of Fe deposited on Cu(lll) 4.5°. 

The actual fabrication of such system, however, may not be easy. The first task 
involves the preparation of a vicinal surface. Observation of the characteristic splitting of 
the LEED spots is not enough. A real-space characterization is mandatory. The upper 
panel in Fig. 6 shows a representative image of a vicinal Cu(l 11) surface cut nominally at 
4.5° away from the (111) direction into the (112) direction. The monoatomic-high steps 
are aligned along [110] and display considerable "frizziness" [20] due to fast motion along 
the steps of atoms at the kinks. Images at smaller magnifications proof that the steps are 
straight over distances of microns, i.e., not pinned by impurities or curved by excessive 
annealing as commonly observed. Carefully prepared samples show a distribution of 
terrace widths that is a narrow Gaussian centered around a width of 22Ä indicating that 
the actual miscut angle is 5.5°. 

Deposition of 0.2 ML of Fe at RT onto such a vicinal surface produces images like the 
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one reproduced in Fig. 6 (lower panel). Oblong islands 2-4Ä-high, 15Ä wide and 25-50Ä 
long appear close to the steps edges. Frequently, bilayer-high steps are found. In many 
cases the islands are separated as a consequence of a significant etching of the terraces. The 
islands cover ~50% of the surface area. Since this is much larger than expected from the 
deposited amount of Fe (0.2ML), it indicates that the additional material removed from 
the clean Cu substrate is incorporated into the islands. Thus, the islands probably consist 
of a fcc-FeCu alloy. The islands are isolated from each other and have an average area of ~ 
400Ä2, below the size of Fe islands on W(110) at the superparamagnetic limit (130 mil2) 
[21]. Therefore the islands probably behave magnetically as a dense (« 1.4 ± 0.2 • 10u 

islands-cm-2 ) array of superparamagnetic "particles" lacking magnetic order, a system 
with potentially interesting properties. 

Figure 7: STM image (500Ä wide) taken with V, = -0.6V, and i=0.5 nA on a Cu(lll) 
2.5° surface containing multiatomic steps with 0.4 ML of Fe deposited. 

We have observed evidence for deposition-induced etching of the substrate for RT- 
evaporation of Fe on most vicinal Cu( 111) surfaces showing a regular array of monoatomic 
steps. Vicinal surfaces cut at smaller angles display larger terraces but, unfortunately have 
a tendency to yield partial step bunching, i.e. that the steps are grouped into step bunches 
including multilayer-high steps and separated by terraces larger that expected on the basis 
of the miscut angle. On these surfaces with partial step bunching the intermixing reaction 
seems to be severely reduced. Fig. 7 shows an STM image of a Cu(lll) 2.5° surface 
onto which 0.4ML of Fe have been evaporated.    Terraces ~100Ä wide are separated 
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by multiatomic steps grouped together in bunches of 3-4. Islands that almost coalesce 
decorate the steps. The islands are 4Ä high and cover 20% of the area, i.e. they contain 
mainly the evaporated material. 

Scanning Tunneling Spectroscopy (STS) can be used to identify the chemical nature 
of features on the surface. ^(K) curves show indeed that these islands and wires do 
not contain a significant fraction of Cu. Their magnetic properties, however, remain to 
be studied. In this respect it is worth mentioning that monoatomic-high Fe-stripes 200Ä 
-wide grown of W(110) [21] show Curie temperatures, Tc, that scale inversely with their 
width in a manner similar to the thickness dependence of Tc in thin films [22]. 

In sumary, the fabrication of lateral superlattices is not yet as advanced as the 
production of vertical superlattices. Growth at steps takes place in the ID analogs of the 
well known modes of growth at surfaces: intermixing and surface alloy formation, Stranski- 
Krastanov (islands) growth and layer-by-layer (row-by-row) growth. The latter, highly 
desiderable, may be uncommon just as layer-by-layer is not frequent on extended surfaces. 
Neverheless, the ability to grow artificial magnetic structures of reduced dimensions offers 
unique scientific and technological possibilities that are worth exploring in the next future. 

This work has been financed by the CICyT under projects PB91-0929 and PB93- 
0271. JJM wishes to thank the Comunidad Autönoma de Madrid (CAM) for help with 
travel expenses. 
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ABSTRACT 

Owing to the sensitivity of the hyperfme field to the topological and chemical environment 
of the probe nuclei, NMR spectra can be considered as histograms of the short range order 
ruling the structure of the material under investigation. Complementary to diffraction tech- 
niques this gives a local insight on the structure in the direct space. We review recent struc- 
tural investigations of cobalt layers imbedded in Co/X multilayers and particularly of buried 
interfaces. Special attention has been given to the way intermixing takes place at the interfaces 
as its influence on the multilayer properties may be of considerable importance. Co/Cu multi- 
layers, a case of weakly miscible elements, have been specially investigated owing to their 
GMR properties. But also cases of solid solution forming elements (Co/Ru or Co/Cr) or com- 
pound forming elements (Co/Fe) have been thoroughly studied. The latter case, which shows 
a stabilization of a bcc Co phase, will be discussed against the bulk alloy phase diagram. 

I. INTRODUCTION 

The influence of the detailed structure of metallic multilayers and sandwiches on their 
magnetic and transport properties is well accepted. Bulk structure of the individual layers and 
bulk defects, do influence magnetic and magnetotransport properties but even more critical is 
the structure of the interfaces. This makes structural studies of buried interfaces highly desir- 
able since properties are strongly dependent on interface roughness or compositional intermix- 
ing. The sensitivity of NMR to the local environment of atoms (number and nature of the 
neighbors) and to the site symmetry can be used to study the local atomic structure of individ- 
ual layers and the interface topology of metallic multilayers and superlattices. The structural 
information at atomic scale, as given by NMR, complements that of standard structural meas- 
urements like X ray diffraction and electron microscopy observations. In terms of probed 
distances and element selectivity NMR can be compared to the EXAFS technique: while, 
contrary to EXAFS, it does not yield quantitative information about distances, it provides 
much more detailed information about local chemical configurations. The NMR spectrum re- 
flects the occurrence probability distribution of all nearest neighbor (NN hereafter) configu- 
rations in a sample (each configuration giving rise to a characteristic line in the spectrum). 
This distribution can be compared, in turn, to those which would result from various model 
structures of interfaces (from a perfect abrupt interface to strongly interdiffused interfaces or 
sharp interfaces containing monoatomic step defects or discontinuous, granular interfaces). 
From such a comparison, concentration profiles, densities of step defects, sizes of grains or 
islands can be evaluated thus characterizing the interface roughness at atomic distance scale. 
The method has been developed and applied mostly to cobalt based multilayers. We present 
here some studies which, in the bulk state, cover the cases of non miscible metals, solid solu- 
tion forming metals and compound forming metals. Before we survey these examples, we 
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present first an introduction to the analysis of the NMR spectra and to various structural 
models for the interfaces that have been checked against the experimental results. 

H. METHODS: SPECTRUM ANALYSIS AND INTERFACE MODELS 

Typical Co NMR spectra observed in multilayers are shown in Fig.l. All spectra are nor- 
malized to the interface area of the samples so that the interface components of the spectra are 
superimposed, whenever the interface structure and composition are similar through samples, 
whereas contributions from the bulk increase proportionally to the Co layer thickness. Spectra 
can be coarsely separated into two parts: a main structure between 215 MHz and 230 MHz 
corresponding to bulk Co (fee Co at 217 MHz, hep Co at 225-228 MHz °, stacking faults in 
between) and a set of lines (called satellites) or a tail below 200 MHz corresponding to nuclei 
lying in the interfacial regions (where Co and the other element are nearest neighbors). A per- 
fect interface should yield, beside the main bulk line, a single satellite reflecting the unique 
environment of Co in the interface plane. This is obviously not the case here and several 
pieces of qualitative information can be readily drawn out of such spectra: 

Jn the Co/Cu series shown, spectra are 
nearly superimposed in the low frequency 
range which corresponds to the interface. 
This shows that the interface topology does 
not depend on the Co layer thickness. It is 
often observed, in series of samples, that 
the interfaces of the thinnest Co layers look 
different, with a larger spectral intensity as 
compared to the other samples. The effect 
is weak here, though. It carl be explained by 
misfit strains which may lead to a different 
structure for Co in thin layers. Another 
explanation may be that, from place to 
place, rough and/or diffused areas start to 
merge from both sides of the Co layer as it 
gets thinner: this modifies the Co environ- 
ment distribution and the spectrum shape. 

The example spectra exhibit a weak but well defined satellite line at 165 MHz, correspond- 
ing to Co with 3 Cu NN's at perfect (111) interfaces. However, the intensity of this satellite is 
weak and the extended tail which is observed at low frequency is typical of diffuse interfaces. 
This suggests that the interfaces are composed of a small number of islands with flat (111) 
oriented surfaces separated by rough and/or mixed areas. 

Fig.l also shows a significant increase in the spectral intensity between 200 and 210 MHz, 
as the Co thickness increases. Although this frequency range corresponds to Co atoms at the 
interface (with 1 Cu NN), the increase happens to be linear with tc0. To explain this spectral 
feature, it is thus necessary to assume here an extra contribution from Co atoms in the bulk of 
the layers. Since the frequency of the extra intensity is largely away from fee and hep Co, it 
can only be attributed to Co located at the vicinity of bulk defects. Chemical analysis ruling 
out the possibility of bulk impurities, it is then concluded that the extra intensity arises from 
Co located at the boundaries of numerous thin columnar grains. The proportion of these sites 
yields the surface to volume ratio of the grains and, assuming smooth hexagonal columns, an 
average column diameter of 60 Ä can be deduced. This compares well with the 100 A irregu- 

90 130       170       2iÖ' '220  23Ö' 
Frequency (MHz) 

Fig.l. Examples of Cobalt NMR spectra recorded in 
a series of Cu/Cot /Cu/NiFe/FeMn spin valves. The 
left part shows the interfacial component magnified 
20 times with respect to the bulk components on the 
right. 
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Iar columnar grains observed on TEM cross section micrographs. In other samples, with 
much larger grain diameters, the NMR spectra show no thickness dependence of the signal 
intensity in this frequency range. 

The last qualitative observation on the spectra concerns the bulk crystallographic structure 
of the Co layers. The high and sharp peak at about 217 MHz and the weak intensity at 
228 MHz show that Co is primarily fee but the considerable amount of intensity between 220 
and 225 MHz indicates the presence of numerous stacking faults. Moreover the relative 
amount of Co in hep environments (high frequency contribution) increases with the Co thick- 
ness. It is concluded that Co grows fee first on fee Cu but, with increasing Co thickness, it 
tends to recover its stable hep phase through an increasing number of stacking faults. 

One step further in the analysis is made by fitting the spectrum to a set of gaussian lines 
from which the amount of Co atoms in each specific spectral region is deduced. Such coarse 
analysis yields the proportions of Co involved in the two phases and the stacking faults of the 
bulk of the layers. The amount of Co in other spectral regions (i.e. in specific structural ob- 
jects) are also quantified this way as for the grain boundaries mentioned above. Usually the 
thickness dependence of the various intensities is needed to discriminate between interracial 
(thickness independent) and bulk quantities. From the remaining intensity in the low fre- 
quency range, the proportion of Co located in the interface regions of the multilayers is also 
deduced: for a perfect interface its value should correspond to 1 monolayer per interface, its 
usually larger value shows immediately the amount of admixture at the interfaces. In granular 
systems the value of the interface/bulk ratio is also used to estimate the average grain size '. 

Modeling of the interface spectral shape does provide more quantitative information about 
intermixing at the interfaces (short range roughness). The basis for the simulation of a spec- 
trum is the shift of the Co NMR frequency resulting from the substitution of an alien element 
for Co in the NN shell 2. This shift gives rise to a succession of satellites to the bulk line, cor- 
responding to Co atoms with 1, 2, 3, ... alien neighbors, the relative intensities of which are 
the occurrence probabilities of such NN configurations. The spacing between satellites is gen- 
erally regular but depends on the foreign element; it is estimated independently on reference 
bulk alloys of known structure (fully disordered and/or ordered). Hence, simulated spectra 
consist of a sum of L primary lines (L=13 in compact structures), arising from Co nuclei 
surrounded by L-n Co and n aliens in their NN shell. Lines are assumed gaussian like. Their 
spacing is primarily given by the reference study but a limited shift of the lines must be al- 
lowed since they are rarely exactly at the same frequency as in the references. This shift 
arises from differences between the electronic structure at the metal-metal interface and in the 
reference alloys: strain effects 3, or a different average magnetization in the mixed region, or 
the anisotropic neighbor distribution in an interface 4 may be responsible for the difference 
(such effects are illustrated in the next section). The width of the lines is treated as a secon- 
dary free parameter of the fitting procedure. 

It is usually easy to fit the interface spectra with a set of independent intensities for the 
satellite lines but the resulting set of configuration probabilities that is obtained after refine- 
ment is not directly informative. An alternative way is to build a model (topological and 
chemical) of the interface structure where the basic parameters are distances and concentra- 
tions. From such a model, configuration probabilities (satellite intensities) are deduced which 
are used to reconstruct the spectrum. The spectral refinement procedure is applied to the 
structural parameters instead of the line intensities. The fitting procedure concludes about the 
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applicability of the model and, if it can be accepted, its refined parameters give a direct in- 
sight on the short range order at the interfaces. 

When the coarse analysis of the spectra suggests that interfaces are sharp (weak admixture 
between the two elements), the first interface model one can think of is a model where the 
interfaces defects or the interface roughness consist only in steps which have a monoatomic 
height 3'5. Variants of such a model consider that the single mixed monolayer is built of 
patches of the two elements. Given the model, the probability of occurrence of the various 
neighbor configurations in the interface can be computed as function of a few characteristic 
lengths, diameter of patches or distance between steps. These lengths are the main parameters 
of the model which, if applicable, characterizes the nanostructure of the interface. In the il- 
lustrations below two parameters are used which describe, in plane, the density of steps (d: 
average spacing) and their straightness (1: average straight length). Monoatomic step models 
apply to situations where atoms of the two species are clustered in one mixed interface plane, 
deviations from the models become obvious as soon as there is a significant probability for 
atoms of any element to be isolated within a shell of the other species. Such event is more 
closely handled by the diffused interface model which is presented next. It must be pointed 
out here that NMR measurements provide information essentially about the distribution of NN 
configurations which means that the length scale at which the technique characterizes the in- 
terface roughness is about two atomic distances. As a consequence what is called here a 
monoatomic step interface includes any oblique or wavy interface as long as the slope is well 
below 1/2: to NMR this appears still as a sharp interface, monolayer thick, whereas X rays 
would feel it thicker. 

When there is obviously much more than one mixed plane at each interface, one can use a 
general model which introduces a concentration profile through several monolayers 5-6. The 
two elements are assumed distributed at random in the mixed atomic planes (i.e. the interfaces 
are built from successive two dimensional random alloys). Using a binomial law distribution 
of atoms in plane, the configuration probabilities and the spectral shape are fully defined by 
the concentrations in each atomic layer which are the free parameters of the model. The re- 
finement against the experimental spectrum yields the interface profile with atomic resolution. 

The number of parameters can be reduced 
by constraining the profile to an analytical 
function. For example, a linear profile has 
only one adjustable parameter: its slope or 
accordingly, the number of mixed planes 
within an interface region. Of course in 
real world the distribution of local configu- 
rations may differ from the binomial law 
which is used here but it is hard to develop 
such a model which would take into ac- 
count both a concentration profile along the 
growth axis and the detailed in-plane 
structure of the interface. Such attempts 
are described below. 

In Fig.2 are presented the expected 
shapes of the interfacial part of the NMR 
spectrum for these two models and several 
values of the pertinent parameters (d and 1 
are expressed in atom spacing units)5. The 

' One mixed plane 
' Two mixed planes 
■ Three mixed planes 
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Fig.2. Simulations of the interface spectra using 
the step defect model (a) aid the äjfused interface 
model (b). Spectra normalized to unit area. 
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shapes are quite different between the step interface model and the diffused model which 
shows that the two types of interface structure can be easily discriminated. Among the dif- 
fused models, differences can be observed up to an interface thickness of 3 monolayers. For 3 
mixed layers and above the spectral shape is not sufficient to discriminate between the models 
but, of course, the number of mixed layers is given by the relative intensity of the interfacial 
tail compared to that of the full spectrum (coarse analysis). Examples of spectral refinement 
using these models are given later in the paper. 

These two basic models fail to describe the observed spectra when the interface admixture 
is inhomogeneous i.e. when parts of the interface are close to perfection or at least sharp, 
while others are strongly mixed. In such cases a correct distribution of signal intensities may 
be obtained assuming an interface model where islands of pure elements are surrounded by 
mixed, alloyed regions. The pure patches are assumed to have a perfect interface with the 
other element while the mixed parts are treated as an homogeneous alloy or like in the dif- 
fused model. This model combines simplified versions of the two first with a supplementary 
parameter which measures the surface area or volume ratio of the two regions (see Co/Fe). 

HI. EXPERIMENTAL EXAMPLES 

Non Miscible Elements: Co/Cu multilayers and sandwiches 

Here we summarize NMR studies of the local atomic structure of Co layers in Co/Cu 
multilayers and spin valves (1 Co layer) from various origins. Different fabrication techniques 
have been used to grow the multilayers (MBE or e-gun UHV evaporation, RF or DC, magne- 
tron or diode sputtering), which result in quite different spectral shapes of the Co NMR. The 
differences arise from three main classes of structural differences between samples: an admix- 
ture of fee and hep phases in various proportions, a columnar growth with various grain di- 
ameters and various degrees of Co-Cu admixture at the interfaces. The bulk Co layer struc- 
ture (stacking, stacking faults and other defects) as well as the Co/Cu interface topology was 
investigated. More details on samples and NMR results are given in references 

Concerning the bulk structure of the Co layers and to summarize the conclusions of the 
studies: (i) copper favors the fee structure, upon Cu layers, Co grows initially with the fee 
structure and, at constant Co thickness, the thicker the Cu layers the larger is the fee Co con- 
tent (a few exceptions of hep growth of Co onto Cu have been observed though 10 ); on the 
contrary, (ii) large Co thickness and strong (111) growth textures favor the most stable hep 
stacking; (iii) large deposition rates favor numerous columnar grains of small diameters. 

The results of the study about the interface structure of the layered systems are summarized 
in Fig. 3. Significant differences between samples can be observed at first sight. These differ- 
ences have been translated in terms of interface roughness by comparison with model spectra 
like shown on Fig.4. Samples are sorted, from top to bottom, in order of increasing interface 
roughness (amount of Co-Cu admixture): 

a). A sample prepared by slow thermal evaporation of a single Co layer on a (111) ori- 
ented Cu single crystal. The purpose of the sample was to achieve the sharpest and cleanest 
interface between Co and Cu. The expected spectrum for a perfect interface should exhibit 
two narrow lines, one for the bulk part of the Co layer (at about the frequency of bulk Co) 
and one for Co atoms at the interface which have 3 Cu neighbors among their 12 NN's. In- 
deed the experimental spectrum is very close to the expected one both qualitatively (only one 
satellite line beside the main bulk one) and quantitatively (the satellite line intensity corre- 
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sponds nearly exactly to one Co monolayer). The frequency for the interface satellite is here 
about 5% lower than expected from bulk references: this illustrates the modification to the 
hyperfine field that is due to strains and/or anisotropic chemical environment at interfaces. In 
other samples, where the chemical disorder is larger at the interface, the position of this main 
satellite is much closer, as expected, to the bulk position. 
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a) Nearly perfect interface (111) (1 monolayer). 
Single satellite line corresponding to Co atoms with 
3 Cu neighbors. Traces of Co with 2 Cu neighbors. 

b) The best multilayered structure observed (1.1 
ML in the interface). The 3 Cu neighbors line is 
30% of the interface spectrum. The average dis- 
tance between monoatomic step defects is 4 atomic 
radii. 

c) Sharp interfaces (<1.5 ML) but numerous 
monoatomic step defects: average distance 2 atomic 
radii. 

d) Mixed interfaces (2.5 ML). Presence of flatter 
areas (3 Cu neighbors line resolved). Steep concen- 
tration profile. 

e) Mixed interfaces (>3ML.). Satellite lines of Co 
with 1 and 2 Cu neighbors show the presence of 
several planes containing a weak Cu concentration 
(3 to 8 %). 

Fig.3. Examples of ..ICulCol.. interface spectra 

b). A multilayered sample prepared by 
slow thermal evaporation of Co and Cu on 
a float glass substrate covered with a gold 
layer. Although the sample is polycrystal- 
line in plane, the Au buffer layer presents 
an excellent surface flatness, large grains 
and good crystallinity; it favors an excel- 
lent (111) texture along the growth direc- 
tion. The spectrum exhibits, as the previ- 
ous one, the dominant satellite line of 
abrupt interfaces. The whole interface 
spectrum contains the equivalent amount of 
1.1 monolayer of Co showing the very 
weak Co-Cu admixture. Interfacial defects 
can be described as monoatomic steps 
which are separated, on average, by 4 
atomic distances of perfectly flat interface 
(75% perfect surface area). Fig.4 shows an 
MBE grown sample with similar features 

100  120  140  160  180  200  220  240 

Freauencv (MHz) 

Fig.4. Reconstruction of a Co/Cu multilayer spec- 
trum showing the contributions of Co neighbor 
configuration (from 1 to 6 Cu neighbors) involved 
in the interface according to a step defect model 
(d=2.5,1=1.6). Bulk contributions are not shown 
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and its reconstruction using the monoatomic step model. 
c,d,e). Argon sputtered samples on Si substrates with different buffer layers designed more 

specifically for magnetoresistive properties. They exhibit to various degrees a significant in- 
terfacial admixture containing from 1.5 Co monolayer (still sharp interface but with a high 
density of steps) to 3 and more Co monolayers (several planes of Co containing Cu impurities 
and vice versa). Rather large series of such samples (5 to 10) with various Co or Cu layer 
thickness and various bilayer periods allowed a limited study of the influence of various pa- 
rameters on the interface nanostructure: (i) High deposition rates (magnetron vs. diode sput- 
tering) favor interface abruptness (typical spectrum c), (ii) at low deposition rates by diode 
sputtering, the columnar growth with large grains results in very rough interfaces at long dis- 
tance (AFM study) and a weak texture (XRD), at short distance this is associated with the to- 
tal absence of sharp interfaces and a strong interface admixture at atomic scale (typical spec- 
trum e), (iii) the nature of the buffer layer deposited on the substrate prior to the multilayer 
growth has a striking effect on the interface quality: samples grown in the same conditions, 
except for the buffer layer, exhibit, on an Fe buffer, an interface spectrum characteristic of a 
sharp interface with monoatomic steps defects but, on a Cu buffer; an extended, structureless 
interface spectrum of disordered and mixed interfaces. 

Miscible Elements: Co/Cr, Co/Ru multilayers 

Chromium and ruthenium are elements which, in bulk alloys, form solid solutions with co- 
balt (the possibility of a miscibility gap in the CoCr phase diagram may be suspected though). 
Both elements favor the hep stacking of Co. The NMR studies performed on Co/Ru and 
Co/Cr multilayers show very similar structures, as far as Co is concerned: they are two cases 
of large, alloy like admixture at the interfaces. Ru is hexagonal and in Co/Ru superlattices Co 
grows with the hep stacking. In Co/Cr superlattices, thick Cr layers tend to impose their bec 
structure to Co whereas thin Cr layers where found by RHEED analysis to grow as distorted 
(110) bec planes with both NW and KS epitaxial relationships in order to mimic the hexagonal 
symmetry of the (0001) Co plane 4. Only Co/Cr results are presented here. 

Fig.5 shows typical spectra observed in 
these samples. Although XRD indicate a 
hep stacking, the bulk line peaks around 
222 MHz which is low for samples with 
in-plane magnetization °. This shows, in 
agreement with TEM cross section obser- 
vations, that the Co layer contains a lot of 
stacking faults. This defective structure 
explains also the large line width as com- 
pared to the sharp fee Co line observed in 
the Co/Cu samples above. The slight 
downshift observed for the thinnest Co 
layer may be associated with misfit strains 
but also, and more probably, with the 
overall decrease of the magnetization in the 
sample since Cr depresses very strongly 
the magnetic moment of Co. The extended tail below the main line originates from Co atoms 
at the interfaces of the Co and Cr layers. The tails are superimposed in the three samples: the 
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Fig.5. Co NMR spectra observed in a series of 
Co/Cr multilayers. 

67 



100 150 
Frequency 

200 
(MHz) 

250 

interfaces have the same topology. From the thickness dependence of the main Co line inten- 
sity, the amount of Co atoms alloyed with Cr at the interfaces is estimated to be 11 Ä per Co 
layer. No NMR was observed for Co layers thinner than 10 A because of the large admixture: 
they are alloyed to the core and they are too weakly magnetic to yield a significant signal. 

Such cases of a large interfacial admix- 
ture are adequately analyzed using the dif- 
fused interface model. An example of spec- 
trum reconstruction is given on Fig.6 which 
shows the contribution of each atomic plane 
in the interface. The reconstruction pre- 
sented  illustrates  the  possible  difference 
between bulk alloys and alloyed interfaces. 
In bulk CoCr alloys the spacing between 
satellite lines is found to be 32 MHz. How- 
ever, as observed in very diluted alloys ", 
this value is an average between a 41 MHz 
and a 22 MHz spacing depending whether 
the Cr NN is in the same (0001) plane as 
Co or in the adjacent plane of the ani- 
sotropic hep Co. The fits show clearly that 
the smallest spacing yields a better agree- 
ment than the average one which is not sur- 
prising since, in the interface, Co atoms 
have most of their Cr NN in the plane next 
to theirs. The concentration profile deduced 
from the fits is given in Fig.7 (the range of 
possible   values   corresponds   to   satellite 
spacings between 32 and 20 MHz). It shows 
that the mixed region is extended over five 
monolayers per interface.   All  concentra- 
tions do not have the same reliability. In- 
deed,  as  shown  in   Fig.6,   the   interface 
spectrum   results,   within  the  observation 
range, from three planes only: from right to 
left, the last full Co plane giving rise to a 
shoulder to the main line and the two first 
mixed planes. Hence the concentrations of 
the two first mixed planes only are directly 
probed. The third mixed plane does not 
contribute to the spectrum but it influences 
the intensity of the lines arising from the 
second one, the concentration of this third 
monolayer is thus indirectly probed. It is 
impossible to determine the Cr content of 
the two last planes because the spectra give 
neither direct nor indirect information about 
them. However their values are bounded in order to satisfy the constraints of a monotonous 
concentration profile and the amount of Cr deposited. Actually there is no pure Cr plane in 

Fig.6. Reconstruction of a Co/Cr multilayer spec- 
trum showing the contribution of each plane in- 
volved in the interface, a) using the best satellite 
spacing (20 MHz); b) using the average bulk spacing 
(32 MHz) The bulk contributions are not shown. 
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Fig.7. Cr concentration and average hyperfine field 
(magnetization) profile in the interface. The mono- 
layer at zero corresponds to the full Co plane which 
is in contact with the interface. The full lines show 
the minimum and the maximum Cr concentration 
values consistent with the interface model. 
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the multilayer. From the average frequency of each plane subspectrum, it is possible to have 
an insight on the magnetization profile: although the hyperfine field is not fully proportional 
to the local magnetic moment, its average value provides a reasonable estimate of the average 
moment. Fig.8 displays the hyperfine field (magnetization) profile in the interface; it is much 
less sensitive to the choice of the satellite spacing because of its integral nature (centroid). 
From this profile it is possible to deduce that 1.8 Co layers are magnetically dead which com- 
pares well with bulk magnetization measurements. 

Compound Forming Elements: Co/Fe superlattices 

Cobalt can be stabilized in a bcc structure in Co/Fe multilayers . In MBE superlattices, 
XRD and ion channeling experiments show the presence of the bcc phase only (no fee or hep 
Co phase) up to a critical Co thickness of 21 A whereas, on the free Co surface, RHEED ob- 
servations during the growth show that Co switches from the bcc ordering to the hep one 
above 10 Ä only 13"15. NMR experiments have been carried out in these Co/Fe superlattices 
for Co thickness ranging from 5Ä to 42Ä. The purpose was to investigate the Fe-Co ar- 
rangement in the buried interfaces which leads to the doubling of the critical thickness. The 
effect of Fe thickness and samples deposited on MgO (100) substrate have also been studied 
which are not presented here. Observations in the (110) series are summarized in Fig.8. For 
Co thickness between 5 Ä and 21 Ä the spectra reveal a main peak at 198 MHz and a reso- 
lved satellite at 214 MHz.The 198 MHz line 
is well below the known NMR frequencies 
in the closed packed Co structures and have 
to be associated with the bcc structure as 
evidenced first in sputtered Co/Fe multilay- 
ers by combined NMR and EXAFS meas- 
urements12. Contrary to other elements, the 
vicinity of Fe atoms increases the Co NMR 
frequency (about 10 MHz/Fe in fee and in 
bcc bulk alloys) 2,n, it is thus difficult from 
a stand alone NMR observation to decide 
whether the line at 214 MHz arises from a 
bcc Co/Fe interface or from a modified fee 
structure. Actually XRD do not show the 
presence of any fee or hep Co phase: the 
214 MHz line must be attributed to bcc Co 
at the Co/Fe interface. Above 21 A Co a 
new peak appears suddenly at 222 MHz 
while XRD rocking curves and the lattice 
spacing evolution show abrupt discontinui- 
ties. This is associated with the onset of a 
distorted or misoriented hep Co phase for a 
thickness which, as mentioned above, is 
twice the bcc thickness limit observed on an 
open surface by RHEED. 

These observations show the role of the Fe overlayer to stabilize Co in a bcc structure and 
are discussed next. 
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Fig.8.59Co NMR spectra at 1.6 K in COxFe^ multi- 
layers grown on GaAs (110), the integral intensity of 
each spectrum is set proportional to the Co layer 
thickness. 
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Let us consider a perfect (sharp) interface between Co and Fe in bcc symmetry. In case of 
(110) growth 2 Fe NN are present in the Fe plane adjacent to the Co plane. From the study of 
bulk bcc alloys 17 a perfect Co/Fe (110) interface would exhibit a line at about 216 MHz; the 
well resolved satellite at 214 MHz is thus the indication of a considerable content of perfect 
interface. However the, as considerable, tail of the spectra up to 300 MHz shows also a non 
negligible amount of alloyed Co atoms with up to 8 Fe NN. The evolution of the spectra 
shows that the spectrum tails are superimposed only for two samples just before the onset of 
the hep line. This means that continuous, pure Co planes are present only for 15 Ä thick Co 
layers and above; in thinner Co layers interfacial regions from both sides are connected. The 
thinnest Co layers (5 A) are even alloyed to core. 

As in one of the Co/Cu examples above, both basic models fail to describe the spectra: the 
sharp interface model fails to explain the large interfacial intensity and particularly the high 
frequency part of the spectra while the diffused model cannot reproduce the dip between the 
pure bcc Co line and the line for 2 Fe NN (i.e. any monotonous concentration profile that 
gives the right amount of 2 Fe NN configurations gives also too many 1 Fe NN configura- 
tions). Two inhomogeneous models of the Co layers have then been built which can success- 
fully explain the spectral shapes in the bcc range. In both of them the Co layer contains grains 
of pure bcc Co which give the spectral intensity at 198 MHz and partly at 214 MHz and a bcc 
CoFe alloy which gives a broad spectral background up to high frequencies. In the first of 
them Co grains are columns with a sharp Co/Fe interface on both sides whereas in the second 
one they are pyramidal with a sharp Co/Fe interface on the base side only. The first model 
has been discarded. Indeed, in order to agree with the experiment, the volume fraction of Co 
columns must be varied from 0 to 50% as the Co thickness increases; this is obviously un- 
physical since it implies that the column diameter is predetermined by the final layer thickness 
from the start of the deposition. The second model sticks more closely to what is expected 
from a 3D growth of Co islands onto Fe: each atomic plane is a patchwork of Co and CoFe 
areas which are piled up in such a way as to create Co pyramids in the third dimension. NMR 
spectra are thus simulated using two parameters for each atomic plane: (i) the area fraction of 
Co patches (from 0, fully alloyed plane, to eventually 1, full Co plane) and (ii) the Fe content 
of the alloy patches. These two topological/chemical parameters fix the configuration prob- 
abilities and the intensities of the corresponding NMR lines. The profiles of both parameters 
across the Co layer are found not to depend on the deposited Co thickness which shows the 
self-consistency of the model. These profiles are described below. 

Fig.9 exemplifies the theoretical spectra calculated with the model. Three main compo- 
nents are shown for the spectrum: bcc Co peak and its perfect interface satellite (the pyramid 
base), the interface between bcc Co pyramids and CoFe alloy, and the CoFe alloy. All the 
results in the (110) series are summarized in the diagram presented in Fig. 10 showing the 
model cross section of the open Co layer, as observed by RHEED and of the Co layer after 
capping by Fe, as determined from the NMR study of superlattices. It is worth noting that 
NMR cannot decide here what is top or bottom, the choice made on Fig. 10 is suggested by 
the RHEED observation of a rough growth of Co onto Fe, particularly with the onset of the 
hep phase above 10 A. Starting from the top and across about 4 atomic planes Co is mostly 
diluted in an alloy the Fe content of which steeply drops from 100% to 25% (these planes 
contain most of the deposited Co in the thinnest case). Below these first planes, the Fe con- 
centration in the alloy stays essentially constant (25-20 at% Fe) while the area fraction of bcc 
Co increases across the layer. For thick enough Co layers (21 A) the pyramid bases eventu- 
ally merge into up to 3 full bcc Co planes. Then hep Co builds up in the layer. Out of 21 A 
Co in a bcc phase, 10-11 A are included in a bcc CoFe alloy. The remaining 11-10 Ä of pure 
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Co are distributed in the following way: 3 full Co planes (6 A) are formed on the flat Fe sur- 
face and the rest is clustered in the mixed planes, where it alternates with the rather homoge- 
nous CoFe alloy. In case of an open surface, the onset of the hep structure is observed above 
10 A of deposited Co. 

150       200       250       300 

Frequency (MHz) 

Fig. 9. Experimental and model spectra in the thick- 
est bec sample from the (110) series, showing con- 
tributions to the calculated spectra. Solid line: bulk 
bec Co and its sharp interface with Fe, dotted: inter- 
face between bulk Co and CoFe alloy, dashed: CoFe 
alloy. 

Fig. 10. Cross section image of the Fe/Co/Fe super- 
lattice as seen by NMR and RHEED (see text). 

One main conclusion from this study is that 10 to 11 A seems to be the stability limit for 
the bec phase of pure Co when grown on Fe substrate, in case of an open Co surface as well 
as in superlattices. The reconstruction of the bec structure up to 21 A by the Fe overlayer in 
superlattices is due to the intermixing with the rough hep Co open surface and formation of an 
alloyed CoFe layer. A rather astonishing fact is that, beside a transition interface which is 
fully alloyed, the pure bec Co phase coexists with a rather homogeneous alloy containing 20 
to 25 at% Fe. This Fe concentration in the alloyed part of the Co layer happens to be close to 
the stability limit for a bec structure in the equilibrium phase diagram of bulk CoFe. The 
study shows that a comparable limit is preserved also in the non-equilibrium conditions of 
MBE growth and the system has a tendency to phase demixion between a CoFe alloy and Co. 
However under thin film growth conditions the bec structure is preserved in all phases, below 
the critical thickness, whereas in bulk alloys the phase segregation occurs between the bec 
CoFe alloy and an fee, Co rich, phase. A similar conclusion is reached out of the study of bee 
CoFe alloys prepared by codeposition in the same conditions as the multilayers 16. It must be 
quoted that the study of these thin films suggests, for the 214 MHz line, another explanation 
than a (partly) sharp interface. Indeed, in the alloys, which are found bec down to 14 at% Fe 
by XRD, the spectra reveal a chemical short range ordering of Fe which favors configurations 
of Co with 2 Fe neighbors like at a sharp (110) Co/Fe interface. Therefore it cannot be ex- 
cluded that a similar ordering occurs in the superlattice interfaces. 
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IV CONCLUSION 

Because it probes, in real space and at short distance, the atomic configurations, NMR 
complements efficiently standard diffraction techniques (and even diffuse scattering investiga- 
tions) in case of absence of translation symmetry. Throughout this non exhaustive review we 
have tried to show that NMR can be a useful tool to investigate the structure of multilayers 
and in particular of buried interfaces. 
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ABSTRACT 

The growth of Fe/ZnSe/Fe multilayers on (001) and (111) GaAs substrates is reported. 
The samples were characterized in-situ by reflection high energy electron diffraction (RHEED), 
and ex situ by vibrating sample magnetometry (VSM), ferromagnetic resonance (FMR), cross 
sectional transmission electron microscopy (TEM), and x-ray diffraction. On the (001) 
surface, the quality of the layers deteriorated significantly with the growth of the first ZnSe 
spacer layer. In Fe/ZnSe/Fe trilayer structures, TEM revealed a well-defined layered structure, 
with a high density of defects in both the ZnSe spacer layer and the subsequent Fe layer. VSM 
and FMR clearly showed the presence of two Fe films with distinct coercive fields, with the 
higher coercive field attributed to the lower crystalline quality of the second Fe layer. 9-29 x- 
ray diffraction measurements performed on samples grown on (001) GaAs substrates indicated 
that the ZnSe spacer layer (grown on (001) Fe) grew in a (111) orientation. Growth on 
GaAs(l 11) substrates produced better RHEED patterns for all layers with little deterioration in 
film quality with continued layer growth, so that the magnetic properties of the individual Fe 
layer could not be distinguished. 

INTRODUCTION 

The magnetic coupling between ferromagnetic thin films separated by several monolayers 
of a non-magnetic metallic element has generated a great deal of interest and activity in the past 
few years.' Such systems often exhibit giant magnetoresistance (GMR), with potential for 
practical applications in magnetic recording. Several example systems include Co/Cu, Fe/Ag, 
and Fe/Cr superlattices. The coupling in these metallic systems is thought to be mediated by 
the conduction carriers in the non-magnetic metallic spacer layer. In a recent paper, Mattson et. 
al? reported on the coupling of ferromagnetic Fe films separated by thin layers of Si. The 
authors reported that the coupling at low temperature changed from ferromagnetic to 
antiferromagnetic upon illumination of the sample with visible laser light. Other reports on 
similar systems indicate that the coupling was induced by thermal excitation. The prospect 
of extending magnetic interlayer coupling to include semiconductor spacer layers is exciting 
from both a scientific and a technological point of view. Such systems may allow the 
manipulation of the exchange coupling via the control of carrier densities in the spacer layer 
either by doping or by photo-excitation. 

The Fe/ZnSe system offers some advantages over the Fe/Si system in this regard. Since 
ZnSe is a direct wide bandgap semiconductor, photo-induced effects may be more readily 
manifested and easily distinguished from thermally induced effects. From a materials growth 
standpoint, the lattice match is more favorable, with the mismatch between ZnSe and twice the 
lattice constant of Fe being 1.1% compared to 5.5% for the Fe/Si system.   In addition, 
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extensive work has established that it is possible to grow Fe epilayers on ZnSe (001) with 
excellent magnetic and structural properties. Auger electron diffraction and x-ray 
photoelectron spectroscopy studies have shown that Fe grows on the 2x1 reconstructed surface 
of ZnSe (001) in a layer-by -layer manner, with little interdiffusion or compound formation at 
the interface. However, the growth of ZnSe on an Fe epilayer presents a new and different 
set of problems and is more challenging. The growth of a polar material on a non-polar one (e. 
g. the growth of GaAs or CdTe on Si)7 is inherently difficult and can lead to structural defects 
such as antiphase domains. Although the optimum growth temperature of ZnSe on GaAs 
(001) is typically quoted as 300° C, a lower growth temperature for ZnSe on Fe is important to 
minimize interdiffusion at the ZnSe/Fe interface and to preserve the magnetic character of the 
Fe layer. Migration enhanced epitaxy (MEE)8 allows the epitaxial growth of semiconductors at 
low temperatures and was utilized in the work reported to grow ZnSe epilayers on Fe. 

RESULTS AND DISCUSSION 

Details of the growth of ZnSe on Fe (001) films at low temperature (175° C) were reported 
recently.9 To briefly summarize, in the present work all the ZnSe spacer layers were grown 
using migration enhanced epitaxy (MEE)8 at 175° C. This method allows the growth to 
proceed at a low temperature compatible with the growth and preservation of the underlying Fe 
layer as well as the precise control of layer thicknesses. The growth of trilayers consisting of 
Fe/ZnSe/Fe structures was initiated by the deposition of a ZnSe buffer layer on the (001) GaAs 
substrate. For most structures the buffer layer was grown using standard codeposition at 300° 
C to thicknesses that varied from 1000 A to l|im. The thickness of the Fe layers was varied 
from 25 to 125Ä, while that of the ZnSe spacer was varied from 15 to 300Ä. RHEED patterns 
for the second Fe layer were spotty9, indicative of three dimensional growth and surface 
roughness but did not show rings which would be indicative of polycrystalline material. These 
RHEED patterns differed dramatically from those observed for the first Fe film (which were 
streaky), and presumably reflect the lower quality of the intermediate ZnSe spacer layer grown 
on the first Fe film, relative to the ZnSe buffer layer grown on GaAs. 

Examination of the samples by transmission electron microscopy (TEM) confirmed that the 
quality of the spacer layer was much lower than that of the ZnSe buffer layer. Polished cross 
sections were thinned to electron transparency on a liquid nitrogen cold stage using 4.5kV Ar 
ions at a 15° angle of incidence. The samples were examined on a Philips CM30 TEM 
operating at 300kV. Figure 1 shows a bright field TEM photomicrograph of a sample 
consisting of the following layers: GaAs(OOl) substrate/l|im ZnSe (buffer)/ 118Ä Fe/200Ä 
ZnSe (spacer)/118Ä Fe/2u.m polycrystalline ZnSe cap layer. Observations made from this 
sample are consistent with previous results.9 In general, the ZnSe (001) buffer layers grown 
directly on the GaAs substrates were of high crystalline quality with few defects. The Fe (001) 
layers grown on top of these ZnSe buffer layers were also relatively defect-free, although there 
was evidence for strain at the Fe/ZnSe buffer interfaces due to the 1.1% lattice mismatch. The 
interfaces between the first Fe layer and the ZnSe layers above and below it were reasonably 
sharp, suggesting that little interdiffusion took place between these layers. 

Subsequently grown layers showed a high concentration of stacking faults. In Figure 1, 
the upper Fe layer shows a much higher concentration of defects than the first Fe layer, which 
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Figure 1. Bright field cross sectional TEM micrograph for a structure composed of GaAs 
(001) substrate/ lu.m ZnSe (buffer)/ 118Ä Fe/200Ä ZnSe/118Ä Fe/2um polycrystalline ZnSe 
cap layer. The GaAs substrate is not shown. The wavy interface between the ZnSe buffer 
layer and the first Fe layer may be attributed to a surface perturbation which was propagated 
through the deposited layers. 
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Figure 2: Hysteresis loop for the Fe/ZnSe trilayer shown in Figure 1. These data illustrate 
that the Fe layers have distinctly different coercive fields: the lower film has He = 50 Oe, 
while for the upper one Hc is approximately 200 Oe. 
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makes the interface between the ZnSe spacer layer and the upper Fe layer more difficult to 
image due to increased electron scattering. Figure 1 clearly shows that the stacking faults are 
nucleated in the ZnSe spacer layer and that all the layers above the first Fe layer are highly 
defective. The hillock or wave in the layers which appears to the left of center in the 
micrograph may be attributed to a perturbation on the GaAs substrate surface which was 
propagated through the deposited layers, although the ZnSe/GaAs interface was not imaged 
directly (due to sample thickness) to confirm this. 

Vibrating sample magnetometer (VSM) measurements showed that the Fe layers buried in 
ZnSe remained ferromagnetic. Comparison of the measured magnetic moment and the moment 
calculated from the quantity of Fe deposited as measured using x-ray fluorescence 
spectroscopy (XRF) and assuming a bulk moment/atom showed that most of the Fe was 
incorporated in ferromagnetic form with a maximum net moment loss of 15%. Figure 2 shows 
the room temperature hysteresis loop as measured along the [100] direction (easy axis) for the 
sample shown in Figure 1. For this sample, XRF results and the measured magnetic moment 
indicate that all the deposited Fe was incorporated in ferromagnetic form. The figure shows 
clearly the presence of two Fe layers with distinctly different coercive fields. It is concluded 
that the layer with the larger coercive field is the top Fe layer as suggested by the poor 
crystalline quality revealed by the TEM and RHEED, and from previous studies of single Fe 
epilayers on (001) ZnSe, where much lower coercive fields were found. The growth of two 
Fe films with different coercive fields allows one to align the magnetic moments in either a 
parallel or anti parallel manner, opening the possibility for tunneling or magnetoresistance 
applications. 

Ferromagnetic resonance (FMR) at 35 GHz was also used to investigate the Fe/ZnSe/Fe 
multilayer samples. All data were taken at room temperature with the magnetic field in the 
plane of the sample. FMR measures the effective magnetization, 47tM', and the 
magnetocrystalline anisotropies (Kj, etc.) of the Fe films. 5 In addition, the measured FMR 
linewidth provides a measure of film quality. If the parameters differ significantly for the two 
Fe films in the trilayer, separate FMR lines can be seen for each film. 

FMR measurements performed on single (001) Fe films buried between ZnSe layers 
showed that the Fe layer retains good magnetic properties even after a ZnSe layer is grown on 
top of it. For example, typical FMR parameters for this first Fe film are 4jtM' = 19.3 ± 0.4 
kG with a cubic anisotropy Ki/Ms = 263 + 5 Oe and a small in-plane uniaxial anisotropy of a 
few tens of Oersteds. These values are close to those found earlier for Fe (001) films on ZnSe 
(001) without a ZnSe top layer. 5 Similarly, the FMR Iinewidths are within a factor of two of 
the narrowest found for uncovered Fe. Thus, we conclude that ZnSe overlayer growth on the 
Fe does not have a significant detrimental effect on the quality of the first Fe layer. In contrast, 
the second Fe film of the trilayer Fe/ZnSe/Fe exhibits very broad FMR lines indicative of 
significant roughness or inhomogeneity, consistent with the much higher defect density 
observed in this layer with TEM. Typical Iinewidths are 90-180 Oe for the first film but 600- 
700 Oe for the second. The large difference in defect density is also the probable source for the 
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(a) (b) 

(c) (d) 

(e) (f) 

Figure 3: RHEED patterns for different stages of the growth of an (Fe/ZnSe)5 /GaAs(l 11) 
sample, (a) Fe/ZnSe/GaAs( 111) after 20 min. of Fe growth, (b) ZnSe/Fe/ZnSe/GaAs (111) 
after 9 periods of MEE ZnSe. (c) Second Fe layer after 24 min. of Fe growth, (d) 3rd ZnSe 
spacer layer, MEE period 9. (e) 4th Fe layer after 18 min. of growth, (f) 5th Fe layer after 
25 min. of growth. 
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difference in coercive fields observed for the two Fe films, although additional work is 
required to quantify this contribution. 

6-26 x-ray diffraction measurements performed on ZnSe/Fe/ZnSe/GaAs(001) structures 
indicated that at least some portion of the ZnSe on (001) Fe grows in a (111) orientation. TEM 
images also suggested that the ZnSe spacer layer contained more than one orientation. To 
examine this more closely, Fe/ZnSe multilayers were grown on GaAs(l 11) substrates. The 
growth of the ZnSe spacer layers was performed using MEE in a procedure similar to that 
reported in reference 9. The crystalline quality of the second and subsequent Fe layers in this 
case was markedly superior to that observed on GaAs(OOl) substrates. Figure 3 shows a 
series of RHEED pictures taken during different stages of the growth of a multilayer sample 
composed of five Fe/ZnSe periods. While there was some difference between the first Fe layer 
and the subsequently grown Fe layers, the streaks observed in the RHEED patterns for the 

second through the fifth Fe layers indicated good quality growth. This indicates that it should 
be possible to grow Fe/ZnSe superlattices on (111) surfaces. This contrasts sharply with the 
situation for (001) surface, where the RHEED pattern for the second Fe film becomes spotty9 

and the growth of more than two single crystal Fe films is very difficult. Magnetic 
measurements performed on multilayers grown on (111) GaAs did not show the presence of 
independent films. This could be due to either pinhole ferromagnetic coupling or to the Fe 
films having similar magnetic parameters. Further work to optimize the growth in the (111) 
orientation is underway. 

ACKNOWLEDGMENTS 

This work is supported by the Office of Naval Research. 
One of the authors (H. Abad) would like to thank G. Prinz for encouragement and helpful 
discussions. 

REFERENCES 

1. See for example Ultra Thin Magnetic Structures II, edited by B. Heinrich and J. A. C. Bland 
(Springer-Verlaag, Berlin, 1994), chap. 2.; and Magnetic Ultrathin Films, edited by B. T. 
Jonker, S. A.. Chambers, R. F. C. Farrow et al. (Materials Research Society, Pittsburgh, 
1993) vol. 313. 

2. J. E. Mattson, Sodha Kumar, Eric E. Fullerton, S. R. Lee, C. H. Sowers, M. Grimsditch, 
S. D. Bader, and F. T. Parker, Phys. Rev. Lett., 71, 185, (1993). 

3. B. Briner and M. Landolt, Phys. Rev. Lett. , 73, 340, (1994). 
4. K. Inomata, K. Yusu, and Y. Saito, Phys. Rev. Lett. , 74, 1863, (1995) 
5. J. J. Krebs, B. T. Jonker, and G. A. Prinz, J. Appl. Phys. 61, 3744 (1987); B. T. Jonker, 

J. J. Krebs, G. A. Prinz and S. B. Qadri, J. Cryst. Growth 81, 524, (1987). 
6. B. T. Jonker and G. A. Prinz, J. Appl. Phys. 69, 2938, (1991); B. T. Jonker, G. A. Prinz 

and Y. U. Idzerda, J. Vac. Sei. Technol. B 9, 2437, (1991). 
7. S. F. Fang, K. Adomi, S. Lyer, H. Morkoc, H. Zabel, C. Choi, and N. Otsuka, J. Appl. 

Phys., 68, R31, (1990). 
8. J. M. Gaines, J. Petruzzello, and B. Greenberg, J. Appl. Phys., 73, 2835, (1993). 
9. H. Abad, B. T. Jonker, C. M. Cotell and J. J. Krebs, J. Vac. Sc. Tech. B 13,716, (1995). 

78 
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2205 

ABSTRACT 

The effect of in-plane strain in (lll)-oriented epitaxial TbFe2 films on the magnetization 
orientations was studied. Magnetocrystalline anisotropy, shape anisotropy, and magnetoe- 
lastic energy were calculated to determine the magnetization orientation in the presence 
of various in-plane strains. Theoretical considerations indicate that a compressive strain 
smaller than -0.065% can induce an out-of-plane magnetization. DC magnetron sputtering 
from Tb and Fe elemental targets was used to grow 50, 100, 200, and 400 Ä thick epi- 
taxial TbFe2(lll) films at 600°C on (1120)-oriented sapphire substrates with 1000 A thick 
epitaxial Mo(110) buffer layers. The growth rate of the TbFe2(lll) films was 1.44 Ä/sec. 
X-ray diffractometry, Rutherford backscattering spectrometry, and vibrating sample magne- 
tometry were used to characterize the crystal structure, epitaxial orientation, composition, 
stress and strain state, and magnetic properties of the TbFe2 films. The TbFe2(lll) films 
were epitaxial with twins rotated by 60° and were in tensile strain states with the resulting 
in-plane magnetization. 

INTRODUCTION 

TbFe2 is a giant magnetostrictive material with the largest known room temperature 
magnetostriction1. Large magnetostriction is potentially useful for sensors, actuators or 
surface-acoustic-wave applications. In the magnetostrictive applications, the applied mag- 
netic field changes the magnetization direction and then changes the dimensions of the 
material. On the other hand, we can use the inverse magnetostrictive effect to control the 
magnetization orientation by applying stress on the material. 

The effect of film stresses on the anisotropy orientation have been studied in amorphous 
TbDyFe films with the result that tensile stresses induce in-plane anisotropy and compressive 
stresses induce out-of-plane anisotropy2. In this experiment we grow (lll)-oriented epitaxial 
TbFe2 films and study the effect of film strains on the magnetization orientation. Epitaxial 
TbFe2(lll) films with out-of-plane magnetization are potentially useful for magneto-optical 
recording applications. 

The total magnetic anisotropy of (lll)-oriented epitaxial TbFe2 films in the presence 
of various in-plane strains is calculated to determine the orientation of the magnetization. 
These films have been successfully grown on (1120)-oriented sapphire substrates with 1000 A 
Mo buffer layer at 600°C. The crystal structure, epitaxial orientation, composition, stress 
and strain state, and magnetic properties of the TbFe2 films are investigated. Strain and 
magnetization data from this experiment are compared with those from calculation of the 
anisotropy. 

MAGNETIC ANISOTROPY 

Magnetocrystalline anisotropy, shape anisotropy, and magnetoelastic energy were con- 
sidered to determine the magnetization orientations in the epitaxial TbFe2(lll) films. Using 
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Figure 1: Film coordinate system for (lll)-oriented TbFe2 films. 

Using the film coordinate system in Figure 1, we can write the magnetocrystalline aniostropy 
(Emc) per unit volume of TbFe2 as: 

1 /n i 

Emc = K\[- cos4 ij> + (v2cos<^sin2 <j> — cos3 <j>) sin3 ij> cos ip + -sm4tp] (1) 

where K\ is the magnetocrystalline constant of -7600 x 104 erg/cm3. The shape anisotropy 
(Es) per unit vloume of TbFe2 is: 

ES = 2TTM
2
COS

2
IP (2) 

where M is the magnetic moment of 800 emu/cm3. For A10o <S Am and equi-biaxial stress, 
the magnetoelastic energy (Eme) per unit volume of TbFe2 can be written as3: 

c n\       f   C44(C44 + 2c12)   , 2   ; /o\ Emc = 9Am[ ^— ——]en cos' 4> (3) 
c\\ + 2c12 + 4c44 

where Am is the magnetostrictive constant of 2460 x 10-6, the c,y are the elements of the 
elastic stiffness matrix, and cn is the in-plane strain. The values of the magnetocrystalline 
constant , magnetic moment, and magnetostrictive constant used in the calculation were 
measured from single crystal TbFe2 by Clark1. 

Since the elastic stiffnesses of TbFe2 are not known, materials with the same crystal 
structure and similar magnetic properties were surveyed to find typical elastic stiffness 
values. The crystal structure and magnetostrictive properties of Tb0.3Dy0.7Fe2 were the 
same as those of TbFea1. Therefore, we use these elastic stiffnesses for the stress and strain 
calculations. 

The ip and <f> dependence of the magnetocrystalline anisotropy are plotted in Figure 2(a). 
The anisotropy was calculated for ip from 0 to 90° and <f> from 0 to 120°. If only the 
magnetocrystalline aniostropy is considered, the two energy minima in Figure 2(a), one 
along the out-of-plane [111] direction and the other one along the nearly-in-plane [111] 
direction at -tp = 70.2° and <f> = 60°, are equally favorable magnetization orientations as 
can be verified by minimizing Eq.(l) first with respect to 4> and then with respect to ip. 
However, if the shape anisotropy is also considered, the magnetization will prefer to lie along 
the nearly-in-plane [111] direction . 

We calculate the total of the magnetocrystalline anisotropy, shape anisotropy, and mag- 
netoelastic energy as a function of tj) at <j> = 60° for various strains, as shown in Figure 2(b). 
At zero strain, the anisotropy_energy along the out-of-plane [111] is a little larger than that 
along the nearly-in-plane [111]. A compressive strain of-0.065% makes the two directions 
equal in energy. A tensile strain of 0.5% makes the magnetization lie nearly in the film 
plane and a compressive strain of -0.5% makes the magnetization lie along the out-of-plane 
direction. Therefore, a modest compressive strain will induce out-of-plane magnetization in 
epitaxial TbFe2(lll) films. 
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Figure 2: (a) Magnetocrystaliine anisotropy of epitaxial TbFe2(lll) films as a function of 
i\> and </>. (b) The total anisotropy energy as function of ip at <j> = 60° for strains of 0.5%, 
0.0%, -0.065% and -0.5%. 

EXPERIMENTAL 

Epitaxial TbFe2(lll) films with thickness of 50, 100, 200, and 400 Ä were grown on 
(1120) sapphire substrates with a 1000 Ä epitaxial Mo(110) buffer layer using DC magnetron 
sputtering. The sapphire substrates were cleaned in solvents and then dried by high purity 
N2. Prior to deposition, the substrates were first annealed at 650CC until a base pressure of 
4 x 10~8 Torr was achieved. Mo buffer layers were grown at this temperature at a rate of 
1 Ä/sec in 3.0 mTorr Ar. The substrates were then cooled to 600°C. At this temperature, 
TbFe2 films were grown by cosputtering from Tb and Fe elemental targets at a total rate 
of 1.44 A/sec in 1.5 mTorr Ar. A 100 A Mo layer was deposited over the TbFe2 film at a 
temperature below 50°C to prevent oxidation. 

The crystal structure and epitaxial orientation of the films were determined using a 
Philips XGR 3100 diffractometer and a Picker four circle x-ray diffractometer. Asymmetric 
and grazing incidence x-ray scattering (GIXS) with a wavelength of 1.4586 Ä were performed 
at the Stanford Synchrotron Radiation Laboratory (SSRL) to measure the plane spacings at 
different ip (where ij> is the angle between the normal of the diffracting planes and the film 
normal). The standard sin2^ analysis for epitaxial (111) films was then used to determine 
the in-plane stress, in-plane strain and out-of-plane strain4. Three TbFe2 {224} planes at 
different inclinations were selected for this measurement. Rutherford backscattering (RBS) 
energy spectra taken at 6° off film normal and at a tilt angle of 100° with incident He+ of 2.2 
MeV were used to determine the composition of these films. Vibrating sample magnetometry 
(VSM) with a maximum field of 14.0 kOe was used to measure the in-plane and out-of-plane 
hysteresis loops of these films. 

RESULTS AND DISCUSSION 

A symmetric XRD scan of a 400 Ä film is shown in figure 3(a). The presence of strong 
TbFe2(lll), (222), and (333) peaks and Mo(110) peak indicates that the TbFe2 film is 
(lll)-oriented and the Mo buffer layer is (HO)-oriented. The two Tb (002) and (110) 
diffraction peaks come from a small amount of the Tb phase. The epitaxial quality and 
in-plane orientation of the Mo and TbFe2 films were determined using asymmetric x-ray 
diffraction. Mo{121} at x of 59.6° and TbFe2{lll} at x of 19.5° were picked for the <j> 
scans, and the diffraction spectra are shown in Figure 3(b). The twofold symmetry of the 
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Figure 3: (a) XRD symmetric scan diffraction spectrum of a 400 Ä TbFe2 film, (b) XRD 
scan diffraction spectra of Mo{121} and TbFe2{lll} of the 400 Ä TbFe2 film. 
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Figure 4: Averaged compositions of TbFe2 films of 50, 100, 200, and 400 Ä. 

Mo {121} diffraction peaks indicates that the Mo buffer layer grows epitaxially. In the 
TbFe2 film, six {111} diffraction peaks are found. For (lll)-oriented single crystal epitaxial 
films, only three 111 peaks should be observed in the <j> scan. Experimentally six TbFe2 

{111} peaks are observed because 60° rotation twins are formed in the epitaxial TbFe2 films. 
The in-plane rocking curve FWHM of the 400 Ä TbFe2 film is about 5° indicating some 
mosaic spread in the in-plane orientation. From the XRD data we are able to determine 
thatthe orientation relationship between The Mo(110J buffer layerand the TbFe2(lll) film 
is [112]TbFe2 // [001]Mo (lattice mismatch 4.5%) and [HOlxbF« // [110 M„ (lattice mismatch 
-14.3%). 

The averaged compositions of TbFe2 films of 50, 100, 200, and 400 Ä are shown in 
Figure 4. The Fe/Tb atomic ratio is about 2/1 in these films as expected, however significant 
concentrations of Mo and O from the buffer layer and substrate respectively are found in 
these films as well. The Mo/Tb and O/Tb atomic ratios are 2.0 and 1.5 in the 50 Ä film 
and are 0.25 and 0.0 in the 400 Ä film. This implies that thicker TbFe2 films have better 
averaged compositional quality. Since rare earth elements typically reacts with O from the 
sapphire substrate at high temperature, a refractory metal was chosen as a buffer layer 
to prevent reactions5. The diffusion of O through a Nb buffer layer on sapphire has been 
studied with the result that Nb buffer layer thicker than 1000 Ä is needed to have a low 
O concentration at the surface for deposition temperatures higher than 500°C6. The data 
from Figure 4 might indicate that a Mo buffer layer thicker than 1000 Ä is needed to prevent 
oxidation. 
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Figure 5: (a) d vs sin2 4> data. The lines are least-square fits to the data, (b) in-plane and 
out-of-plane strains in 50, 100, 200 and 400 Ä TbFe2 films as determined by sin2 %l> analysis. 

The stress and strain state in the TbFe2 films were determined by using the d vs sin2 i> 
technique4. In (111) epitaxial films with equi-biaxial stress, the equation for film strain as 
function of ip can be expressed as: 

eW = 
d($) — d0 _   r2c44 - Cu - 2ci2     _\_ 

+ 7,— sin2 ^1 (4) 
i0 3c44(cu +2ci2) 

where e(V>) and d(ip) are the strain and the measured plane spacing as a function of ip, d0 

is the unstrained plane spacing, a is the equi-biaxial stress, and the c,j are the elements 
of the elastic stiffness matrix. From this we obtain the unstrained plane spacing do and 
in-plane stress a in each film from the least-square fits to the d vs sin2 V> data. Then, we 
can calculate the in-plane and out-of-plane strains in the film. 

The plane spacing, dty), as a function of sin2 ip and least-square fits to the data for 
TbFe2 films of 50, 100, 200, and 400 Ä are shown in Figure 5(a). The error bars result 
from uncertainties in the energy of synchrotron radiation (energy error), 20 (diffractometer 
error), and the position of the voigt peaks used to fit the diffraction data (fitting error). 
The data points agree with the linear fits within the error of the experiment. The positive 
slope of the fits indicates that the epitaxial TbFe2(lll) films are in in-plane tension. The 
largest tensile stress is in the 400 Ä film and is about 0.88 GPa. A plot of the in-plane and 
out-of-plane strains of the TbFe2 films is shown in Figure 5(b). The in-plane strains were 
calculated from the plane spacings at ^ = 90° and the out-of-plane strains were calculated 
from the plane spacings at V> = 0°. The tensile strains were likely caused by thermal 
strain from the sapphire substrate and lattice mismatch between Mo and TbFe2. Since 
the thermal expansion coefficient of TbFe2 (12 x 10~6/°C) is greater than that of sapphire 
(8.8 x 10_6/°C), we would expect the TbFe2 film to develop a tensile stress when cooled 
from the deposition temperature. 

VSM data for the 200 and 400 Ä TbFe2 films measured with the magnetic field parallel 
to the film plane are shown in Figure 6. Both films have an easy axis magnetization in 
plane. The total anisotropy in Figure 2(b) indicated that 0.5% tensile strain will cause 
the magnetization to lie in the film plane, which is consistent with the experimental data. 
The magnetic moments of the 50 and 100 Ä TbFe2 films are too weak to be measured with 
this apparatus. The coercivity (Hc) of the 200 Ä film is about 10.5 kOe and the magnetic 
moment is approximately 273 emu/cm3. The coercivity (Hc) of the 400 Ä film is about 8.5 
kOe and the magnetic moment is 486 emu/cm3. The magnetic moment of single crystal 
TbFe2 is about 800 emu/cm3. The lower magnetic moment in the epitaxial TbFe2 films is 
most likely caused by oxidation and structural defects in the films. 
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Figure 6: In-plane magnetic measurement of the 200 and 400 Ä TbFe2 films. 

CONCLUSIONS 

(lll)-oriented epitaxial TbFe2 films have been successfully grown on the (1120) sapphire 
substrates with 1000 Ä (HO)-oriented epitaxial Mo buffer layers using DC magnetron sput- 
tering. XRD indicates the epitaxial TbFe2 film has twins rotated by 60°. RBS data show 
the averaged concentrations of Mo and O in the TbFe2 films decrease with the film thick- 
ness, indicating the averaged composition will be better in the thicker films. The TbFe2 

films are in tensile strain states and with in-plane magnetizations, consistent with our total 
anisotropy calculation. The tensile strains in the TbFe2 films are caused by thermal strain 
from the sapphire substrate and lattice mismatch strain from the Mo buffer layer. In order 
to obtain compressive strains in the TbFe2 films, the substrates with larger thermal expan- 
sion coefficients and buffer-layer with compressive lattice mismatches should be used. MgO 
substrates and a Cu buffer layer would be good candidates. 
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Abstract 

x MnAl / Co superlattices are grown epitaxially on GaAs (100) substrates by molecular beam 
epitaxy. High angle XRD spectra are analysed and indicate that good structural quality is 
achieved. The behaviour of the superlattice upon annealing is described and compared with in- 
plane and out of plane magnetization data. Extraordinary hall effect measurements show low 
field switching comparable to MnAl thin films. Arguments on how structural properties are 
affecting the magnetic properties are discussed. 

Introduction 
x MnAl and related intermetallic compounds, epitaxially grown on GaAs (001) have been 
studied for their interesting properties [1]. Epitaxy on the semiconductor substrate gives high 
quality films with the x MnAl c-axis normal to the growth plane. This results in perpendicular 
magnetization due to the large magnetocrystalline anisotropy in x MnAl. Polar magneto optic 
Kerr effect (MOKE) and extraordinary Hall effects (EHE) at moderate fields (+ 10* Oe) have 
been described. Other Mn-based systems epitaxially grown on (001) GaAs include MnGa thin 
films [2] and multilayers of x MnAl/NiAl [3]. 
Even more flexibility in tayloring the magnetic properties of the epitaxial heterostructures is 
anticipated from including a second epitaxial magnetic thin film in the heterostructures such as 
in the case of x MnAl /Co [4]. In the following we describe growth experiments and sample 
analysis mainly by XRD and AGFM. We will concentrate on the interface quality and the effect 
of annealing on the structural and magnetic properties of the superlattices. We will discuss 
some phenomena that occur in these MnAl / Co heterostructures which demonstrate that 
excellent interface control will be essential in tuning the magnetic properties. 

Experimental conditions 
MBE growth includes the deposition of an Al As buffer layer on GaAs (100) using standard 
conditions.   After the deposition, at room temperature, of an amorphous template of 2.5 
monolayers Mno.sAlrj.s, the sample is heated to initiate solid phase epitaxy.   Upon the 
crystallized x MnAl surface, the alternate deposition of MnAl and Co layers takes place at a 
substrate temperature of about 220 - 250 °C.  RHEED is monitored during the superlattice 
growth and oscillations are recorded for establishing the deposition rate and for control of the 
completion of the x MnAl monolayers. 
We will show results of the sample analysis using X-ray diffraction (XRD), alternating gradient 
field magnetometry (AGFM) and extraordinary Hall effect (EHE). 

Results 
RHEED images during growth indicate the epitaxial relationship of the Co and the x MnAl on 
GaAs (100). It is expected that the Co structure in these few monolayers thick films is dictated 
by the MnAl lattice.   As a consequence, the often quoted forced bcc Co [5] phase should 
originate. 
- Analysis of as grown superlattices: 
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X-ray diffraction analysis was used to study the crystal quality of the multilayers. It is well 
known that a high-angle XRD spectrum can yield detailed information on the quality of the 
interfaces as well as on the individual layer thicknesses, strain, etc. Furthermore, in comparison 
to a low-angle spectrum, it is less prone to systematic errors induced by small changes in the 
sample alignment. A high-angle XRD spectrum of a 6.5 x {x MnAl(17Ä)/Co(4Ä)} superlattice 
is presented in Fig la, while Fig. lb shows the spectrum of a 6.5 x {x MnAl(18Ä)/CoAl 
(3A)/Co(4Ä)/CoAl(3Ä)}- superlattice, essentially the same structure whereby a CoAl unit cell 
is added at every MnAl-Co interface. Even for these small thicknesses, a clear multilayer 
structure can be observed. In both cases the central peak at 59° together with several sattelite 
peaks and finite size peaks (between the sattelite peaks) can be clearly observed and are 
indicative for a good superlattice structure. Higher order sattelites at the right hand side of the 
central peak are hidden by the GaAs substrate peak at 66°. 

The XRD spectra taken from the superlattices are fitted and best fits were obtained assuming a 
bcc Co structure. Fits to the spectra using the SUPREX program [6] are also shown in Fig.l. 
Excellent fits to the experimental data can be achieved. The analysis for the 6.5 x {x 
MnAl(17Ä)/Co(4Ä)}-superlattice (nominal values) indicates that the true thicknesses are 16Ä 
for the MnAl layer and 5.5Ä for the Co layer. The x MnAl and Co lattice spacing are 
respectively 1.6Ä and 1.33Ä, i.e. a little contracted in comparison with the theoretical values ( 
Bulk x MnAl: 1.75Ä and "bcc" Co: 1.41Ä). It should be noted that the spectrum can be best 
fitted when a intralayer disorder was included whereby an asymmetrical strain profile was 
assumed : we find a 0.02Ä fluctuation on the MnAl lattice spacing , a contraction at the top x 
MnAl-Co interface and an expansion in the lowest x MnAl planes. For the Co-layers we find 
that the Co spacing for the Co layers growing on MnAl is contracted, while it is expanded for 
the Co layers closest to the next x MnAl layer. 

The fit to this spectrum also enables us to estimate the roughness on the individual layers. For 
crystalline/crystalline - systems, it is known that discrete fluctuations on the layer thicknesses 
lead to a broadening of the superlattice peaks in a XRD spectrum. However, one needs to be 
careful, since for an almost.lattice matched system ( e.g. Au/Ag with a 0.2% lattice mismatch) 
there is hardly any broadening and discrete thickness fluctuations cannot be easily inferred from 
the high-angle spectrum. It is therefore difficult to distinguish between continuous fluctuations 
on the interface width and discrete fluctuations on the crystalline layer thicknesses. In that case 
the high-angle spectrum only gives a lower limit for the discrete roughness and it is necessary 
to study the low-angle XRD spectrum . For our system, the theoretical mismatch is 1.8% and 
fits on the high-angle spectrum result in a neglectable continuous interface fluctuation width 
and a lower limit for the discrete roughness of about 1 monolayer for the x MnAl layers with an 
error margin of 1 monolayer. This value of a one monolayer discrete roughness is confirmed by 
fits on low-angle XRD-spectra (not shown). 

The same analysis has been made for the 6.5 x {xMnAl(18Ä) / CoAl(3Ä) / Co(4Ä) / 
CoAl(3Ä)} superlattice and very comparable results emerge from this analysis. In this 
spectrum (Fig. lb), more sattelite peaks can be observed than in Fig.la, due to the smaller 
modulation length of this superlattice and the slightly better layer quality - as indicated by fits - 
when a monolayer CoAl is inserted at every interface. 

- Analysis of annealed superlattices: 
While it has been observed [7] that the optimum temperature for obtaining bcc Co on GaAs is 
around 150 °C, MnAl magnetic quality is optimum for growth temperatures around 250 - 280 
°C and was found to improve upon post growth annealing. This improvement is attributed to 
increased ordering in the x MnAl lattice [8]. Attempts to achieve this ordering in situ by 
growing in an atomic layer epitaxy mode (alternate Mn / Al monolayer deposition) resulted in 
excellent RHEED patterns but poor low field magnetic properties. Hence it was decided to 
investigate the influence of post growth annealing on the superlattices. 
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Fig 1. A high-angle XRD spectrum of a 6.5 x 
(MnAl(17Ä)/Co(4A)) superlattice (a) and of a 6.5 x 
(MnAl(18A)/CoAl (3A)/Co(4A)/CoAl(3A)| super- 
lattice, essentially the same structure whereby a CoAl 
unit cell is added at every MnAl-Co interface (b). A 
clear multilayer structure can be observed. 
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Fig. 2 High-angle XRD spectra of a 6.5x |MnAl(20A) /CoAl(3A) 
/Co(8A)/ CoAl(3A)| superlattice annealed (for 30 sec) at various 
temperature. A: As grown; B 300 °C; C: 400 "C; D: 450 °C; E: 500 
°C. 
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Fig 3. A selection of alternating gradient field 
magnetometer data from annealed samples from 
the 6.5x (MnAl(20A) /CoAl(3A) /Co(8A)/ 
CoAl(3A)) superlattice (see also Fig 2). Curves a 
were taken with the field parallell to the plane. 
Curves b with the field perpendicular. (Note 
the horizontal scale difference (factor 10) 
between (a) in plane and (b) perpendicular. 
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In this section the effect of ex-situ annealing at 300° to 500° on the magnetic and crystalline 
properties of x MnAl/Co superlattices is described. These annealing experiments were 
performed in combination with XRD and AGFM analysis in order to study interdiffusion 
phenomena occurring in these MnAl/Co- structures and their relation to the magnetic 
properties. The ex-situ annealing was done during 30 seconds in a rapid thermal annealing oven 
under forming gas atmosphere (N2 - hydrogen mixture). 
High-angle XRD spectra of such an annealing experiment on a 6.5x{x MnAl(20Ä) / CoAl(3Ä) / 
Co(8Ä) / CoAl(3A)} superlattice are shown in Fig. 2. The upper curve A corresponds to the 
state of the sample before diffusion sets in, while the others are recorded at increasing 
annealing temperatures. A fitting on the spectrum of the non-annealed sample revealed very 
comparable quality features as dicussed for Fig. la and lb. 

Roughness was shown to lead to a broadening and an intensity decrease of the multilayer peaks. 
Interdiffusion has another effect on the spectrum, because it leads to an exchange of the atom 
species (chemical disorder)which is not necessarily accompanied by structural disorder. As a 
result of this the modulation length in the multilayer remains the same but the interface 
becomes more diffuse. This will lead to a decrease of the multilayer sattelite peaks, but not to 
broadening. In other words, interdiffusion gradually fades out the composition profile in the 
multilayer while the central peak of the average lattice parameter remains or increases in 
intensity. At a certain temperature, complete homogenization of the heterostructure will be 
achieved and the diffraction spectrum will only show a peak corresponding to the average 
lattice parameter of the materials involved. 

In Fig. 2, curve B corresponding to an annealing temperature of 300°C appears to indicate an 
improved layer quality in comparison with curve A, but this is merely due to a reduced noise 
level during data acquisition. In this temperature range, which is only slightly above growth 
temperature, no significant effects occur in the superlattices. Fig. 3 a and b show the 
magnetization data, in-plane and perpendicular, for these annealed samples. The full lines 
show the data for samples annealed at 250 °C. These curves are identical to the as-grown 
situation. 

From 400°C on, the central peak which is originally positioned at 60.6° shifts to higher angles 
and increases in intensity. This central peak, which was the smallest at 60.6° becomes the 
dominant one at 62.8°, while the intensities of the sattelite peaks are steadily decreasing. The 
strong increase of the central peak reflects the creation of a mixed region in which the average 
lattice parameter prevails , while the layered structure is gradually lost by interdiffusion. The 
position of this central peak, which can be interpreted as the reflection from a random MnAICo 
alloy, shifts in the direction of the Co peak. At the same time, hardly any broadening of the 
sattelite peaks is observed, indicating again that interdiffusion is the prevailing mechanism and 
not interface roughening. Furthermore, the fact that the sattelite peaks do not remain at their 
initial positions , indicate that there is a change in the modulation length. This effect can be 
ascribed to a change in layer thicknesses, or to a transformation of Co to an hep-like structure. 

The magnetization data show a reduction of coercivity in t MnAl (Fig 3 b) with annealing, 
which was also found for annealing of single x MnAl thin films [8]. The in-plane 
magnetization spectra show an increase in coercivity for Co with the onset of remanence. No 
in-plane anisotropy along <011> or <001> directions of GaAs was found in these layers. The 
normalized quantity M/M Max is shown, where M Max is the magnetisation at the maximum 
applied field (~5000Oe). 

Finally in spectrum E we can observe only a single peak which is located about halfway 
between the angular positions for the reflections of pure MnAl and Co. This peak corresponds 
to a homogenization of the structure, i.e. a x MnAl-Co alloy with nearly equal x MnAl and Co 
concentrations and for which the lattice parameter of the alloy is the average of the x MnAl and 
Co lattice parameters. These layers can be compared with as grown MnAICo thin films [9], 
but this is beyond the scope of this paper. 
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Discussion 
As mentioned above, no in-plane anisotropy is found for the magnetization in these x MnAl/Co 
superlattices. This is in contrast with the observations in Co/CoAl epitaxial multilayers on 
GaAs [10] and with previous reports of Co on GaAs [11]. In the former case evidence of a 
faulted fee structure was found, while in the latter case transformation to hep was claimed. 
These results indicate a relation between the in-plane anisotropy and the Co crystal structure 
and are presently under further study. 

Besides the good structural properties of the superlattices, they also reveal the perpendicular 
magnetization and hence the EHE -effect. The EHE curve in Fig.4 is taken from a MnAl / Co 
Superlattice and is very comparable to thin film MnAl EHE measurements [1]. Although, the 
signal magnitude is lower (factor of 4). Further, MOKE data on these samples show a smaller 
Kerr rotation compared to the MnAl thin films [12]. The coercivity of the measurement in 
Fig.4 is also smaller than what is regularly achieved in MnAl films and a better understanding 
of the interaction between structural and magnetic properties might lead to further optimisation 
of these films in perspective of applications such as MRAM. 

A complete understanding of the magnetic properties of the superlattices cannot be achieved 
through low-field characterisation (to about IT) only. High field MOKE experiments have 
been performed recently by G. Lauhoff and J.A.C.Bland [13] on these x MnAl/Co superlattices. 
The MOKE measurements to 7 T show that the magnetisation is not saturated at the low field 
used in the AGFM characterisation. Hence, in Fig. 3, we normalize to Mmax instead of the 
usual Msat. The high field MOKE study has further revealed, for the first time, high field 
features that indicate coupling effects between the Co and x MnAl layers in the superlattice. 
These features were later corroborated using EHE [14]. The lower magnitude of the Kerr effect 
and the EHE at low fields can also be attributed to the magnetic coupling effects occuring in the 
superlattice. These high field MOKE data and the interpretation will be published elsewhere 
[15]. 

Theoretical predictions by Van Leuken and de Groot [16] showed that coupling between x 
MnAl and Co layers would be anti-ferromagnetic when a Mn-layer was terminating the x 
MnAl. The predicted magnetic moment per Co atom is 1.67 and for Mn in MnAl is 2.7, which 
agree well with other reported values for Co (1.68 -1.72,1.76 ]Xß for bec Co [17], and 1.72 JIB 
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for hep [18] and is somewhat high for x MnAl (1.94 u.ß [19]). Superlattices were grown where 
the MnAl layers were terminated with a Mn or Al monolayer. In low field magnetization 
experiments, no difference in properties was found thus far. 
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GROWTH AND CHARACTERIZATION OF FePt COMPOUND THIN FILMS 

M.R. VISOKAY and R. SINCLAIR 
Department of Materials Science and Engineering, Stanford University, Stanford CA 94305 

ABSTRACT 

FePt alloy films were deposited at 50 and 490 °C onto amorphous Si02 and single crystal 
[001] MgO and [0001] AI2O3 using DC magnetron cosputtering, resulting in polycrystalline and 
[001] and [111] epitaxial films, respectively. High temperature deposition resulted in ordered 
films with the tetragonal Ll0 structure and out-of-plane magnetic easy axes while low temperature 
deposition yielded chemically disordered fee alloys with in-plane easy axes. Significant 
modification of the magneto-optic Kerr spectrum is observed for ordered relative to disordered 
alloys for all orientations. The Kerr rotation has a strong orientation dependence for the ordered, 
but not disordered films. 

INTRODUCTION 

FePt and CoPt alloy thin films have received significant attention as possible magneto-optic 
(MO) recording media owing mainly to the existence of an ordered intermetallic phase with 
exceptional magnetic properties [1]. Near-equiatomic alloys adopt the tetragonal Ll0 crystal 
structure and have extremely strong magnetocrystalline anisotropy along [001], the unique c-axis 
[2-5]. Thin films with this structure have been found to have perpendicular magnetic anisotropy in 
the [111] [6,7] and [001] [7-10] orientations; in both cases the [001] easy axis is out of the film 
plane and therefore the magnetocrystalline anisotropy can be used to overcome that due to the thin 
film geometry, which favors in-plane magnetization. Several methods have been used to produce 
such films, including post-deposition annealing of both disordered alloys [6,11] and epitaxial 
multilayer precursors [8,9],-which resulted in [111] textured and [001] epitaxial alloys, 
respectively. Simplification of this processing, namely direct formation of epitaxial ordered FePt 
and CoPt films by MBE [10,12] and sputtering [7] has also been reported. This paper describes 
the direct formation of polycrystalline and epitaxial FePt thin films by DC magnetron cosputtering 
and in particular the effect of both deposition temperature and substrate choice upon the resulting 
structural and magnetic properties. 

EXPERIMENTAL 

The alloys described here are equiatomic FePt produced directly by DC magnetron 
cosputtering from elemental sources. The film structure is: 0.5 nm Fe/5 nm Pt/100 nm FePt, 
which was produced simultaneously on [001] MgO, [0001] AI2O3 (sapphire) and amorphous Si02 
substrates located within 1 cm of each other in the chamber. The Pt underlayer, which adopts the 
orientation relationships Pt{001} II MgO{001} and Pt[lll] II Al2O3[0001], Pt(110) II Al2O3(10l0) 
[13,14], is present to allow epitaxial growth of the subsequently deposited alloy films at an 
arbitrary temperature. The Pt was formed at a substrate temperature of 490 °C while the alloys 
were deposited at 50 and 490 °C. Temperature was measured using a thermocouple in the heater 
head which was subsequently calibrated using an optical pyrometer. Actual, rather than nominal, 
temperatures are given here. The sputtering ambient was 3 mTorr Ar and the chamber base 
pressure was on the order of lxlO"8 and 1x10"'Torr at room temperature and 490 °C, respectively. 
The composition was adjusted by changing the sputtering power of each source and the rates were 
measured using a quartz crystal monitor that was calibrated prior to film growth. The deposition 
rate was 0.1 nm/sec for the alloys and the substrates were rotated at approximately 20 rpm to 
insure compositional uniformity. 

After deposition the film structure was characterized using transmission electron microscopy 
(TEM) and x-ray diffraction (XRD).   TEM specimens were produced by standard grinding, 
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dimpling and ion milling techniques and the microscopy was performed using a Philips 430ST 
TEM operating at 300 kV. XRD experiments were performed using Philips 3100 two-circle and 
Philips MRD four-circle diffractometers, with CuK« radiation in both cases. 

Magnetic and magneto-optic properties were measured using vibrating sample, magneto-optic 
Kerr and torque magnetometry (applied field = 20 kOe for torque measurements). The variation of 
Kerr rotation with incident photon energy was determined in an applied field of 20 kOe using a 
Nihon Kagaku Kerr spectrometer for photon energies 1.24-3.54 eV (1000 nm < k < 350 nm). 

RESULTS AND DISCUSSION 

Structural properties 

The effect of substrate temperature upon the resulting film structure is shown in Figure 1 for 
100 nm thick FePt films deposited at 50 and 490 °C onto [001] MgO. Symmetric XRD data show 
the presence of substrate and alloy (002) peaks in both cases, but strong alloy (001) diffracted 
intensity only for the high deposition temperature film. This peak confirms the formation of 
ordered FePt since it is forbidden for all the constituents as well as the disordered alloy. Plan-view 
selected area electron diffraction patterns (SADP) from the film deposited at 50 °C confirm that this 
alloy adopts a chemically disordered cubic structure, indicating that low temperature formation is 
analogous to quenching from above the ordering temperature in the bulk material. No orientations 
other than <001> are observed, indicating strong out-of-plane texture. For the film deposited at 
490 °C the diffracted intensity on the low 20 side of the FePt (002) peak could be due to the Pt 
seed layer or either disordered or [100] oriented ordered FePt. Cross-section high resolution TEM 
(HRTEM) images, however, revealed that the Pt seed layer was not consumed during high 
temperature deposition and that no [100] FePt population was present Symmetric XRD data from 
similar films grown with no Pt seed also show a complete absence of this diffracted intensity. The 
inset shows phi rocking curves from off-axis {111} planes for both the MgO substrate and FePt 

NfcD        FePt    600 
(002)     (002) 

400 

200-- 
FePt 

100      200      300 

Phi (deg) 

40 50 
Two Theta (deg) 

Figure 1. Symmetric x-ray diffraction data for 100 nm thick FePt alloy films 
deposited at 50 and 490 °C onto [001] MgO. The inset shows phi rocking curves 
from the {111} planes of the MgO substrate and FePt film deposited at 49Q. CC. 
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Figure 2. Plan-view SADP of 100 nm 
thick FePt deposited at 490 °C on a) [001] 
MgO, b) [0001] A1203 and c) Si02. 

film deposited at 490 °C. The data show 
the four-fold symmetry expected for [001] 
materials, and that there is no relative in- 
plane rotation between the two, establishing 
the relationship FePt(llO) II MgO(llO). 
The same orientation was observed for the 
film deposited at 50 °C. 

The effect of substrate choice upon the 
resulting film structure is established in 
Figure 2 which shows plan-view SADP for 
100 nm thick FePt films deposited 
simultaneously onto [001] MgO (Figure 
2a), [0001] AI2O3 (Figure 2b) and 
amorphous Si02 (Figure 2c) at 490 °C. 
This is the same deposition for which data 
from the MgO sample are shown in Figure 
1. Figure 2a was taken near the [001] zone 
axis and measurement of the (110) peak 
contained in this pattern and the (001) from 
the symmetric x-ray scan confirm the 
tetragonality of the alloy, with c/a = 0.97. 
No (001) intensity is observed, further 
demonstrating that no [100] out of plane 
material is present. As revealed by both 
plan-view and cross-section TEM imaging, 
the typical defect structures for these [001] 
films are orthogonally oriented [111] twins 
with a spacing on the order of 100 nm and 
a high density of anti-phase boundaries. 

Deposition onto [0001] AI2O3 results 
in a strong [111] out of plane texture as 
observed using symmetric XRD. The 
[111] oriented SADP (Figure 2b) is 
consistent with this and shows six-fold 
symmetry of both the {220} fundamental 
and (llO) superlattice spots, indicating both 
strong ordering and that there are at least 3 
distinct orientation variants present since a 
singly oriented film would have only one 
pair of (110) spots. Furthermore, phi 
rocking curves show six-fold symmetry of 
the off-axis {002} and (001) peaks for the 
Pt seed and FePt alloy layers, respectively, 
demonstrating that the Pt forms with two 
[13,14] and the FePt with six orientation 
variants. HRTEM images show that the 
microstructure consists of randomly 
distributed domains of each orientation 
variant that are as small as 10 nm across. 
Weak AI2O3 diffraction spots are also 
present in which show that each domain is 
epitaxially related to the substrate with an 
in-plane orientation relationship of the type 
FePt(110)IIAl2O3(1010). 

The film deposited onto Si02 (Figure 
2c) shows a ring pattern characteristic of a 
random in-plane orientation. Although all 
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allowed spacings, both superlattice and fundamental, are observed, the (00/) rings are extremely 
weak and were only observed for long exposure times and are not contained in the figure. A c/a 
ratio of 0.97 was derived from the measured radii. Thinner alloy layers (-40 nm) showed strong 
[111] out of plane and random in-plane texture; it is not known why the growth orientation 
changes as the film becomes thicker, but the overall result is a nearly randomly oriented alloy. The 
microstructure is polycrystalline with grain size on the order of 50-100 nm. 

Magnetic properties 
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The magnetic properties of these alloy films are strongly affected by both the crystal structure 
and orientation. Most striking is the effect of deposition temperature, which was shown in the last 
section to determine whether the fee or tetragonal Ll0 structure forms. The effect of deposition 

temperature upon the resulting 
magnetic properties is shown in 
Figure 3, the bulk of which 
contains the Kerr spectra (the 
variation of saturation Kerr 
rotation with incident photon 
energy) for FePt films deposited 
on [001] MgO at 50 and 490 °C, 
and are thus disordered and 
ordered, respectively. The inset 
shows the corresponding Ken- 
hysteresis loops (field applied 
perpendicular to the film plane) for 
an incident wavelength of 600 nm. 
The hysteresis loops clearly show 
that a switch from a hard to an 
easy magnetic easy axis out of the 
plane accompanies the formation 
of [001] oriented ordered FePt, as 
expected due to the strong 
magnetocrystalline anisotropy of 
this phase. The low coercivity is 
somewhat surprising considering 
the observed twins and antiphase 
boundaries, which would be 
expected to act as domain wall 
pinning sites. The hysteresis 
loops suggest that this is not the 
case, however. 

The Kerr spectra show that a 
significant modification occurs upon ordering, and that ordered FePt has a higher angle of rotation 
for most of the energy range measured. This effect has also been observed for FePt formed by 
MBE [10,12] and by annealing epitaxial multilayer precursors [15], and recently reported ab-initio 
calculations show that this is consistent with the change in atomic environment associated with 
ordering [10]. For energies near 2 eV, the rotations obtained from these films (as high as 0.72°) 
compare quite well with competing structures such as Co/Pt multilayers. These results clearly 
show that high deposition temperatures that lead to ordered phase formation yield films with 
superior properties relative to those deposited at low temperature. 

Owing to the strong anisotropy present in FePt with the Ll0 structure, it is reasonable to 
expect that the crystallographic orientation will also affect the resulting properties. This is shown 
to be the case in Figure 4, which contains Kerr hysteresis loops for ordered FePt films deposited 
simultaneously onto [001] MgO, [0001] AI2O3 and amorphous Si02. The [111] and randomly 
oriented films deposited onto AI2O3 and SiÜ2 have extremely large coercivities, on the order of 
9 kOe, compared to the [001] film on MgO, for which the coercivity is about 0.5 kOe.  This 

Incident Photon Energy (eV) 

Figure 3. Magneto-optic Kerr rotation vs. incident 
photon energy for FePt films deposited onto [001] 
MgO at 490 and 50 °C. The inset shows the 
corresponding Kerr hysteresis loops taken using an 
incident wavelength of 600 nm. 
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difference can largely be attributed 
to the film microstructure, rather 
than any inherent anisotropy, 
however. The [001] alloy has no 
high angle grain boundaries or 
second phase particles that can act 
as domain wall pinning sites, while 
the other two films can be regarded 
as polycrystalline in nature, thus 
leading to higher coercivities. 
While deposition onto AI2O3 led to 
local epitaxy, six distinct in-plane 
orientation variants formed, 
resulting in an effectively 
polycrystalline structure. Since 
coercivity is largely controlled by 
microstructure, it is likely that the 
relatively poor magnetic properties 
of the [001] alloys can be overcome 
by proper processing and 
microstructural engineering: i.e. by 
introducing grain boundaries and 
forming [001] textured, rather than 
epitaxial, films. 

A significant difference 
between the hysteresis loops that is 
related directly to the structural 
anisotropy is the magnitude of the saturation Kerr rotation, which is largely independent of 
microstructure. The [001] film clearly has a larger rotation than the other two for this wavelength. 
This is shown more completely in Figure 5 which contains Kerr spectra from two sets of films, 
one of which is ordered (deposited at 490 °C) (Figure 5a) and the other disordered (deposited at 
50 °C) (Figure 5b). There is a substantial orientational variation for the ordered alloys, with the 
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Figure 4. Magneto-optic Kerr hysteresis loops for 
ordered FePt films deposited simultaneously onto 
[001] MgO, [0001] AI2O3 and Si02. 
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Figure 5. Magneto-optic Kerr rotation vs. incident photon energy for 100 nm 
thick FePt films deposited at a) 490 and b) 50 °C. For each temperature films 
were deposited simultaneously onto [001] MgO, [0001] A1203 and Si02. The 
scales are the same for both figures. 
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[001] film displaying the highest rotations throughout observed energy range. When the alloy 
adopts the fee structure, however, there is no such orientation dependence. This is a manifestation 
of the fact that magneto-optic anisotropy is correlated with strong magnetocrystalline anisotropy 
present in a structure [16]. Thus the Kerr rotation for materials such as fee Co or disordered FePt 
would be expected to show little or no orientation dependence, while those with strong 
magnetocrystalline anisotropy, such as hep Co and ordered FePt, on the other hand, should show 
a strong variation. Since the Kerr rotation magnitude is microstructurally independent, the [001] 
oriented films are clearly superior to those with a [111] or random texture in this respect. 

CONCLUSIONS 

In summary, ordered FePt films with the Ll0 crystal structure can be formed directly by 
cosputtering at high temperature with an orientation determined by the choice of substrate. [001] 
oriented alloys show strong perpendicular magnetic anisotropy and enhanced Kerr rotations 
relative to both disordered [001] and ordered [111] films. The magneto-optic properties of the 
[001] ordered films make them attractive for recording applications, but the observed low 
coercivity is a significant drawback which requires further microstructural development. 
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STRUCTURE AND MAGNETISM IN Mo/Co MULTILAYERS 

C.L. FODJES, M.R. FRANKLIN AND R. LOLOEE 
Department of Physics and Center for Fundamental Materials Research, Michigan State 
University, East Lansing, MI 48824 

ABSTRACT 

The magnetic and structural properties of Co in Mo/Co multilayers are an unresolved issue. 
Two independent studies report different structures for thicker Co layers in multilayers of 
comparable dimensions as well as significant differences in both the form and the layer 
thickness for a loss of ferromagnetism. Both studies base their structural claims on a limited 
number of Bragg lines. We have used x-ray diffraction, transmission electron diffraction, and 
EXAFS to probe the structure of Mo/Co multilayers having Co layer thicknesses from 4 to 63Ä. 
Our structural and magnetic results for these samples are compared to those of the above studies 
and are contrasted with results for Mo/Fe multilayers having comparable dimensions. 

INTRODUCTION 

Non-equilibrium structures can be established in metallic multilayers and thereby alter 
macroscopic properties. The magnetic behavior of Co in Mo/Co is a possible but controversial 
example. A comparison of results in two published studies of sputtered Mo/Co multilayers 
produces limited points of agreement and significant differences. Reflection X-ray diffraction 
(XRD) in each study produces low angle peaks that confirm a layered structure. Both studies 
find highly disordered layers when the layer thickness is about 10Ä or less and a near loss of 
magnetism occurs in this same layer thickness range. Agreement ends with these features and 
the studies report structural and magnetization results with fundamental differences for thicker 
layers. Sato used magnetron sputtering and his higher angle XRD data give a single dominant 
peak whose location is dependent upon the relative portions of Mo and Co in the bilayer unit 
[1]. For multilayers having equal amounts of Mo and Co with bilayer thicknesses of less than 
40Ä, this peak location is constant and by a thickness of 60Ä it has split into Bragg peaks 
characteristic of the Mo and Co forming the bilayer. Wang, et al. used focused ion sputtering 
and they find very different higher angle XRD results [2]. Their data yield isolated Mo<l 10> 
and Co<l 11> peaks for multilayers with thicknesses comparable to those of Sato. In addition, a 
line from e-C07Mo6 is observed for many samples and the <002> peak for HCP Co is observed 
for thick Co layers. Transmission electron diffraction (TED) data reveal lines consistent with 
BCC Mo and 3 lines associated with 8-C07M06. The dependence upon layer thickness for the 
room temperature saturation magnetization's of the two studies is also different. Consider the 
results for samples with equal amounts of Co and Mo in the bilayer. The studies agree that 10A 
Co layers have a saturation magnetization less than 10% that of bulk Co but Sato reports a slow 
rise with increasing Co layer thickness, still less than 40% of bulk for 30Ä Co layers, while 
Wang, et al. report a rapid rise that reaches >80% for 20Ä Co layers and > 95% for 30Ä Co 
layers. The results for samples with differing amounts of Co and Mo in the bilayer vary 
somewhat in details but produce similar differences. 
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Our earlier study of magnetron sputtered Mo/Fe multilayers had produced structural and 
magnetization patterns of behavior that are similar to a blend of those in these two Mo/Co 
studies [3]. A comparison of possible lattice mismatches in Mo/Co and Mo/Fe reveals 
interesting similarities and differences. Sputtered multilayers typically form with the most 
dense planes of its constituents parallel to the substrate. Bulk Mo and Fe have a BCC structure 
and the <110> plane is the most dense. The respective d-spacings for these planes are 2.225 and 
2.027Ä and this is a lattice mismatch of 8.9%. Whether Co is in its normal HCP phase, with the 
<002> plane being the most dense and having a d-spacing of 2.023Ä, or in its FCC phase, with 
the <111> plane being the most dense and having a d-spacing of 2.046Ä, the lattice mismatch 
in d-spacings is similar for both Mo/Fe and Mo/Co multilayers. However, the placement of 
atoms within the planes is clearly different for the different crystal structures. Comparing 
results for Mo/Fe and Mo/Co is one method of testing the importance of this in-plane atom 
arrangement. Given the conflicting results for the two Mo/Co studies using different sputtering 
techniques, a meaningful comparison between behavior in Mo/Co and Mo/Fe multilayers also 
requires additional data for Mo/Co. In the present paper we report our structural and 
magnetization results for magnetron sputtered Mo/Co multilayers and compare them to results 
for Mo/Fe multilayers, prepared in the same experimental system, and to results from the other 
studies of Mo/Co multilayers. 

EXPERIMENTAL TECHNIQUES 

The samples were prepared by DC magnetron sputtering in a chamber that can be evacuated 
to 8X10"° Torr prior to sputtering. The sputtering environment was pure Ar at a pressure of 2.5 
mTorr and 16 different samples could be made during each preparation run. A computer 
controlled substrate holder placed an unmasked substrate over the proper targets with a time 
pattern needed to obtain nominal thicknesses. The sputtering rates of the targets were 
determined by quartz crystal thickness monitors at the start of each preparation run and were 
remeasured several times during the run. A detailed description of this system has been 
published [4]. Sapphire and cleaved NaCl were used as substrates. The same pattern of 
individual layer thicknesses was used for both substrates but the total multilayer thicknesses 
differed. Samples on sapphire had a total thickness of about 2000Ä while that for samples on 
NaCl substrates was about 500A. Samples having the bilayer dimensions were prepared 
consecutively. Individual layer thicknesses were chosen to match an integral number of 
monolayers (ML) for the metals: 2.25Ä and 2.05Ä were used as the nominal ML thickness for 
Mo and Co, respectively. 

Standard XRD using a rotating anode system with a Cu target and a graphite 
monochromator preceding the detector provided the initial structural characterization of the 
samples. Portions of the sapphire substrate samples were used for magnetization measurements 
in a SQUID magnetometer. These measurements were done at 5K and the field was typically 
applied parallel to the multilayer film. Portions of the multilayer films were floated off the 
NaCl substrates and onto Cu grids for TED studies. These were done in a field-emission STEM 
that permitted on-line examination of results and in a conventional TEM that recorded the 
results on film. For each sample in the TED study at least three different regions of the 
multilayer film were studied to confirm sample uniformity. EXAFS data were collected at the 
National Synchrotron Light Source on beam line X23A2 using a fluorescence detector. 
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RESULTS AND DISCUSSION 

Low angle XRD data for our Mo/Co multilayers confirm that the samples are layered with 
the actual bilayer distances being within ±3% of the nominal values. The locations of all XRD 
peaks are independent of the substrate and the thinner samples give weaker signals as expected. 
As the bilayers of our Mo/Co samples vary from 5ML/5ML to 14ML/28ML the higher angle 
XRD data have a progression seen for numerous metallic multilayers [5]. As the following 
details indicate, the bilayer unit progresses from being highly disordered to being a well defined 
average crystalline unit and finally to being a crystalline unit whose constituent Bragg lines are 
resolved. The 5ML/5ML sample has a weak and broad line consistent with a d-spacing of 
between 2.135 to 2.156Ä. The 7ML/7ML sample has a well defined line with a d-spacing of 
2.145Ä and four satellite lines, 2 below and 2 above. This d-spacing is consistent with a 
weighted composite line from the d-spacings of Co and Mo and is hereafter denoted as <D>. 
As the bilayer thickness increases this same pattern is maintained. For samples with equal 
amounts of Mo and Co the location of all <D> lines is consistent with 2.139 +/- 0.007A and the 
satellite line locations shift consistent with the new bilayer distance. XRD data for the 
14ML/14ML sample have this same pattern of locations although there is a slight change in the 
progression of intensities. For this last sample satellite lines are located very near the d-spacings 
for pure Mo and pure Co lines and the presence of pure element lines might account for the 
slight intensity change. Reliable quantification of this change is not yet possible. The higher 
angle XRD data for the 14ML/28ML sample are clearly different. Individual lines from Mo and 
Co are clearly resolved and these lines are flanked by satellite lines. The d-spacing for the Mo 
line is 2.208Ä and the d-spacing for the Co line is 2.045Ä. The relative error for our d-spacings 
is +/-0.003 Ä. See Table I for a summary of results. 

Given the possibility of strain in our multilayers, the preceding d-spacings are consistent 
with either a FCC<111> or HCP<002> line for Co and a BCC<110> line for Mo. Bragg lines 
having other indices are not observed in our XRD data and once again this is consistent with the 
high degree of texture that is typical of sputtered metallic multilayers [5]. Most of our samples 
with bilayer distances of 7ML/7ML or greater show second order XRD effects of the <D> line 
and satellites that confirm the interpretation given in the preceding paragraph. The 14ML/14ML 
sample has very poorly resolved second order effects and the 14ML/28ML sample has only the 
two pure element lines as its second order effect. 

The TED data for our Mo/Co multilayers are consistent with the structural progression 
deduced from the preceding XRD data. All the TED patterns are dominated by rings. For the 
5ML/5ML sample the pattern consists of one intense but broad ring and two weak, diffuse rings. 
This pattern is consistent with amorphous structure. The 5ML/7ML sample gives a TED pattern 
that suggests a mixture of crystalline and amorphous structures. For all samples with a bilayer 
distance of 7ML/7ML or greater, the TED patterns yield a sequence of strong Bragg lines that 
are consistent with a BCC structure. Typically 5 to 6 lines in the sequence are evident and we 
attribute these lines to the Mo layers. Evidence in the TED patterns for Co related lines is 
limited. The non-BCC lines are weaker, limited in number and do not always form complete 
rings. The 10ML/10ML sample shows 4 non-BCC lines: using bulk Mo parameters for the 
BCC lines as a standard, the d-spacings of the 4 lines are 2.05, 1.94, 1.06 and 0.81Ä. Given the 
possibility of strain in the multilayers and the error limit of about +/- 0.04Ä in our TED results 
for these lines, these values are consistent with C03M0, the |i-phase of C07M06 or HCP Co. In 
fact, with the intensity of this 1.94Ä line being very weak, these results are also consistent with 
Co being a mixture of HCP and FCC structures. 
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Table I. XRD structural results for Mo/Co multilayers. <D> denotes a single line which we 
interpret as a composite line composed of the Mo<110> line and a Co line. The * denotes a 
weak, broad line which is more likely an indication of the nearest neighbor distances in an 
amorphous sample. 

Mo(ML)/Co(ML) Bilayer Distance A 
Norn.        Actual 

d-spacing of 
<D> (Ä) 

# peaks from bilayer 
satellites    low angle 

5/5 21.4          21.8 2.135 to 2.156* 0              0 
5/7 25.6          25.8 2.126 3              3 
7/7 30.2          30.1 2.145 4              3 

10/10 43.0          42.0 2.135 4              2 
14/14 60.2          61.4 2.132 4              3 
14/28 88.9          87.5 Mo<l 10> 2.208 

Co<lll> 2.045 
or Co<002> 

2                A 
1 

In comparing the present structural results with the earlier Mo/Co studies, a clear 
consistency with the results of Sato [1] emerges. The entire progression from amorphous, to 
crystalline with a dominant composite Bragg line (<D>), to Bragg lines for the individual 
elements as the bilayer distance increases is reproduced. Sato speaks of a dominant Bragg line 
in his XRD data and its d-spacings are consistent with those we observe for <D>. Only one 
major difference occurs. Our multilayers appear to maintain the composite structural behavior 
to a larger bilayer thickness than those of Sato. In his samples the individual element Bragg 
lines are evident for 60A .bilayer thicknesses while that does not occur in our samples until 
bilayer thicknesses of greater than 60Ä. Our structural results are not consistent with those of 
Wang, et al. [2]. 

Comparing our structural results for Mo/Co and Mo/Fe reveals a similar structural 
progression as layer thicknesses increase but some of the details differ. As for the Mo/Co 
multilayers, XRD data for all Mo/Fe multilayers have low angle Bragg peaks that document 
layering. The structural behavior for very thin bilayers once again appears amorphous with 
XRD data giving a single broad peak at higher angles. In Mo/Fe, our data indicate the change 
from amorphous to crystalline structure occurs as the bilayer thickness increases by 2ML. A 
3ML/3ML sample has a weak peak with a FWHM of greater than 4 degrees while a 4ML/4ML 
sample has a well defined composite <D> line-with a FWHM of 0.8 degrees and a satellite line 
is observed. Using the FWHM to estimate a coherence length for this latter sample gives 
structural coherence over 7 bilayer units. As the bilayer distance for these Mo/Fe samples 
varies from 4ML/4ML to 15ML/15ML the location of the <D> remains essentially constant at 
2.134 +/- 0.004Ä. This abrupt onset of crystallinity seen in XRD data has a counterpart effect in 
the TED data. For the 6ML/6ML sample the TED data reveal only a single set of BCC Bragg 
lines. However, both the 10ML/10ML and 15ML/15ML samples have TED data that produce 
two well defined sets of BCC lines. Electron microscope focusing considerations prevent the 
determination of absolute spacings for these Bragg lines but the relative difference for the two 
sets of lines is determined precisely. That difference is constant within experimental error and 
has a value of 6.4 +/- 0.6%. The corresponding difference for bulk Fe and Mo is 8.9% and thus 
this result indicates that at least one (and more probably both) of the layers is (are) strained. The 
lack of a shift in the XRD composite <D> line is consistent with equal and compensating strains 
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Figure 1. Normalized saturation magnetization data for Mo/X multilayers with approximately 
equal amounts of Mo and X in the bilayer unit. The data connected by broken lines are room 
temperature results for Mo/Co from references [!],♦, and [2] ■. The single A is a 5K datum 
from [1]. The solid line data, •, are 5K data from the present study and the ® are 5K data for 
Mo/Fe from reference [3]. 
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in the Mo and Fe d-spacings. This combination of a constant location for a composite <D> line 
in XRD data and the splitting of TED data from one common set of BCC lines into two sets was 
also observed in Fe/V multilayers [6]. 

Analysis of Co K-shell EXAFS data is still in progress and thus it is not possible to give any 
detailed results at this time. However, one qualitative feature of these data reinforces the 
validity of structure developing with increasing bilayer thickness as described above. The 
EXAFS data for the 5ML/5ML consists of a single decaying oscillation while data for the 
5ML/7ML sample have some features of crystalline oscillations. Data for the 7ML/7ML sample 
have oscillations characteristic of crystalline Co. These data indicate the local structure as well 
as the average long range structure changes from amorphous to crystalline as the bilayer 
thickness is increased from 5ML/5ML to 7ML/7 ML in Mo/Co. 

Figure 1 contains the magnetization results from a number of studies. All values have been 
normalized to the saturation magnetization at 5K for the pure ferromagnetic component. The 
points connected by broken lines are the room temperature saturation magnetization data for 
equal layer thickness Mo/Co samples from Sato [1] and Wang, et al. [2]. The single triangle 
datum is 5K data from Sato. The solid circles are data at 5K for the Mo/Co samples of the 
present study. The disagreement with our data and that from Wang, et al. is evident: their values 
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approach pure bulk values at room temperature while ours remain substantially below that limit 
at 5K where the largest values occur. Any comparison of our data with that from Sato is 
complicated by the different temperatures for the measurements. Our data have a general 
dependence upon layer thickness comparable to that reported by Sato and our values would be 
expected to decrease at higher temperature. Such decrease should improve the agreement but, 
noting that his single datum at 5K is about 40% smaller than our corresponding result, it is clear 
that a believable comparison requires actual data at similar temperatures. Figure 1 also contains 
our 5K data for Mo/Fe multilayers, denoted as ® . These data show a rapid increase to near 
pure bulk values that is similar to the results reported for Mo/Co by Wang, et al. [2]. We 
believe that these results raise significant questions about any model claiming a simple, general 
correlation between saturation magnetization and structure in Mo/Fe and Mo/Co multilayers. 

CONCLUSIONS 

Our structural results for magnetron sputtered Mo/Co and Mo/Fe multilayers yield a similar 
progression of structural features as the layer thicknesses increase. This progression is 
consistent with the findings of Sato for Mo/Co prepared by magnetron sputtering[l] and 
disagrees totally with the structural features reported by Wang, et al. for Mo/Co prepared by 
focused ion sputtering[2]. We observe two different variations of saturation magnetization as a 
function of layer thickness. Our results for Mo/Co conflict with those of Wang, et al but are 
reasonably consistent with those of Sato. Our results for Mo/Fe have a form very similar to that 
reported by Wang, et al. for Mo/Co. These findings lead us to two conclusions. One, 
magnetron sputtering and focused ion sputtering appear to produce multilayers having different 
structure. Two, a simple and direction correlation between such structure and saturation 
magnetization may not be possible. 
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INTRODUCTION 

Fe-N thin films have attracted considerable attention because they are potential candidates 
for magnetic recording with their large saturation magnetization and their good corrosion 
resistance1. It has even been demonstrated that saturation magnetization can be larger than the 
bulk iron one for low nitrogen contents2. The origin of the enhanced magnetic moment could 
occur from the metastable a" Fei6N2 phase or from an expanded bcc FeN structure which is also 
called a FeN. 

Several ways for obtaining iron nitride films have been investigated : 
- thermal evaporation with a nitrogen partial pressure (either atomic or molecular 

nitrogen) : such a technique is not the most suitable for the preparation of nitrogen-rich Fe-N 
alloys, but several groups have successfully obtained a, a" or y FeN phases3. Let us also notice 
that MBE growth of a" phase is possible, according to Komuro et al.4. 

- reactive sputtering : contrary to thermal evaporation, reactive sputtering allows to obtain 
a wide variety of iron nitrides. As underlined by Takahashi et al.5 or Gao et al.6, the use of 
adapted seed layers like (100) iron buffer grown on (100) MgO substrate accompanied with 
thermal annealing leads to a or a" phases. The role of this thermal treatment is to re-order 
nitrogen atoms in the iron expanded lattice. From another point of view, Xiao and Chien7 have 
sputtered all the iron nitrides (except a") on unheated substrates and without any other treatment 
using ammonia reactive gas. These last authors suggest NH3 is the best solution for growing 
single phase iron nitrides. 

This work is devoted to preparation and study of as-deposited sputtered Fe-N films8-9. They 
have been prepared in a large range of nitrogen partial pressures and with substrate temperatures 
ranging from =40°C (unheated) up to 600°C. The different structural phases have been identified 
by X-ray diffraction and Mossbauer spectroscopy. These results are correlated with bulk 
magnetization measurements. 

EXPERIMENTAL PROCEDURES 

Iron nitride films are deposited on microelectronic-grade (100) Si wafers or carbon-coated 
TEM grids in an Alcatel SCM 650 automated sputtering set-up. The base pressure is 7.10"7 mb 
and the working pressure 3.10'3 mb. The iron target is 500 W RF-polarized (= 6.3 W/cm2) and 
the deposition rate is close to 3 A/s if substrates are located 10 cm above the target. Such 
sputtering conditions have been chosen because they provide high density and low roughness 
(110) textured Fe films in pure argon plasma sputtering. Note that this experimental context 
leads to a spontaneous (110) a Fe dense planes growth. 

Nitrides have been obtained by introducing several controlled amounts of nitrogen in the 
main argon atmosphere, keeping the total pressure equal to the previous value of 3.10-3 mb. The 
nitrogen percentage XN2 in the gaseous flow ranges from 0 to 40%. The total thickness was 
1250±50A for samples deposited on Si and 400Ä for TEM grids. The substrates temperature is 
varied between room temperature (unheated substrate ) and 600°C. 
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These samples were structurally characterized by X-Ray Diffraction (XRD) with a Kß- 
filtered Co Ka radiation (1.78892 A) on a 6/26 Philips goniometer operating with a Raytech 
Position Sensitive Detector. Crystallographic phases were deduced from comparison of 
experimental diffraction profiles with standard ones (JCPDS data). Some uncertainty is left for 
the determination of e-Fe2-3N phase because of the relatively large variations of its crystalline 
parameters among the compositional domain where it exists. 

Structure was also checked by Transmission Electron Microscospy (TEM) with a Philips 
CM20 microscope operating at 200 kV. Selected Area Electron Diffraction (SAED) results were 
consistent with XRD. Electron Energy Loss Spectroscopy (EELS) experiments were performed 
on this TEM fitted with a Gatan (model 666) spectrometer. We could measure the atomic 
abundances of iron and nitrogen from the respective intensities of their characteristic absorption 
edges, estimate the oxidation state of iron (L2/L3 intensity ratio) and get some qualitative 
informations about the atomic structure of the samples. 

Local magnetic properties have been investigated by Conversion Electron Mössbauer 
Spectroscopy (CEMS). Mössbauer spectra were recorded at room temperature in the 
backscattering mode with a He (5% CH4) gas flow proportional counter. This allows a non 
destructive study with a sampling depth of about 2500 Ä, encompassing therefore the whole 
thickness of iron nitride films. The source drive and data storage were of usual design. The 57Fe 
hyperfine pattern was fitted with standard routines where Lorentzian line shapes were assumed. 

Bulk magnetization measurements have been performed with either a Vibrating Sample 
Magnetometer or a Quantum Design SQUID down to 5K. Room temperature Kerr rotation 
cycles have also been performed in both longitudinal and polar geometries, they give similar 
results than the VSM ones but faster and with a better accuracy for determining coercive fields. 

(211); FeN 
(110)aFe 

40 50 60 
26 (degrees) 

Figure 1 : XRD experiments performed 
on the series of Fe-N films deposited at 
room temperature as a function of the 
nitrogen concentration in the plasma. 

3 

400      600      800      1000 

AE (eV) 

Figure 2 : EELS spectra recorded for a series 
of samples deposited on unheated TEM grids 
and increasing nitrogen concentrations in the 
plasma (0.00 < XN2 < 41%). The N/Fe atomic 
ratio evolves from 0 (Fe) to 0.5 (Fe2N). 
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RESULTS 

1. Crvstallographic Structure and Stoichiometry 

Structural properties of the films deposited on unheated substrates are illustrated in figure 1 
which represents the evolution of XRD peaks as a function of the nitrogen partial pressure in the 
plasma. These results can be summarized as follows : 

- At very low nitrogen concentrations, films only show the usual (110) diffraction peak of 
the bcc iron structure but with a small shift towards low angles. We attribute this to a 
lattice expansion of bcc Fe which is called a FeN. Lattice expansion reaches up to 0.7%. 

- With increasing N2 concentration, diffraction peaks become broader: it is the signature of 
an amorphous FeN alloy. This is the first observation, up to our knowledge, of an 
amorphous iron nitride phase. 

- For XN2 equal to 0.08, an XRD peak appears at 51.4°, it could be the (111) peak of 
hexagonal e-Fe2-3N phase, coexisting with amorphous Fe-N. 

- For higher values of XN2 (0.18 < XN2 ^ 0.24), the (101) peak of hexagonal e-Fe3N phase is 
observed. 

- Finally, for XN2 ^ 0.26, the diffraction spectrum only shows the (211) peak of the 
orthorhombic £-Fe2N phase. 

The samples deposited on heated substrates were better crystallized, mainly those which gave 
amorphous phase at room temperature. More precisely, increasing substrate temperature from 
300°C to 600°C leads to a transformation into y-Fe4N of all the iron nitrides which could be 
obtained at room temperature. This behavior is easy to explain as the Y phase is the most stable 
in this range of temperatures. Of course, any combination of these situations could be found for 
intermediate temperatures. Finally, XRD indicates the presence of various iron nitride structures 
in our films. However, because of grain size or texture effects, we cannot accurately estimate 
their proportions in the samples. A summary of the identified phases vs. substrate temperature 
(Ts) and nitrogen atomic ratio (XN2) is given in table I. 

Figure 2 shows EELS spectra collected for a series of Fe-N samples deposited with 
increasing XN2, spectra are presented after background substraction. One clearly sees the growth 
of the N K-edge contribution to the spectra. At the same time, the Fe L2/L3 intensity ratio 
remains characteristic of metallic iron10 whatever the nitrogen concentration is. A quantitative 
estimation of the respective iron and nitrogen relative abundances is obtained by integrating the 
areas of N K-edge and Fe L2/3-edge with a 60 eV integrating window. The nitrogen-to-iron 
atomic ratio in our films evolves from 0.00 for pure iron films up to 0.50±.05 for £-Fe2N 
samples. It is therefore consistent with structural characterization. 

Finally, we observe EELS oscillations spanning several eV above the edges. They can be 
interpreted, like EXAFS in X-ray absorption spectroscopy, to scattering effects of the incident 
electron with neighbours of the target atom. Remark that these oscillations are significantly 
reduced for amorphous Fe-N films, so it is proof that their interpretation is correct as they are 
structure-dependent. More investigations are being done in this topic. 

2. Mössbauer Spectroscopy 

Some experimental and calculated CEMS spectra are displayed in figure 3. They are 
representative of the evolution versus nitrogen concentration of the plasma (XN2) and substrate 
temperature (Ts). The spectra analysis of crystallized phases was carried out mostly with 
superimposed discrete six line patterns (magnetic phases) and/or a quadrupole split doublet (non 
magnetic phases). For most of the magnetic nitrides, the intensity behaviour within the sextet 
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indicates in-plane magnetization. Spectra of amorphous magnetic iron nitrides do not exhibit the 
discrete sextet of crystallized magnetic phases but a broad distribution, they have been analysed 
with a hyperfine field distribution according to the histogram method. 

So, magnetic components have been attributed respectively to pure b.c.c. iron, to iron atoms 
with a slightly shifted hyperfine field (a expanded bcc iron), to amorphous magnetic Fe-N, to 
Y-Fe4N multi-site compound and to e-Fe2-3N. According to their isomer shifts, paramagnetic 
components are found to be relevant to £-Fe2N species. CEMS results have been found to be 
coherent with XRD along the main lines of our work with evidence for y-Fe4N at high Ts, 
£-Fe2N for high XN2, amorphous Fe-N for Ts close to room temperature and XN2=5%. However, 
some discrepancies exist for intermediate Ts and XN2- In fact, while Mossbauer spectroscopy 
detects all the iron environments, only the best crystallized phases are revealed by X-ray 
diffraction when a mixture of various nitrides sets in. 

Let us also notice that a small paramagnetic contribution is found in amorphous phase. This 
is due to the existence of non magnetic iron sites in amorphous Fe-N. Contrary to XRD, it has 
been possible to estimate the atomic abundances of the various phases from the analysis of the 
spectra. 

600 "C a-Fe f-Few Y-Fe4N Y-Fe4N 1-FeJSI Y-Fe^fN 

400 "C a-Fe 
a-Fe 
i-Fe^N 
£-Fe?,.iN 

a-Fe 
Y-Fe4N 
E-Fe2-sN 

Y-Fe4N 
£-Fe2-3N 

Y-Fe4N 

200 °C a-Fe 
a-Fe 
Y-Fe4N 
s-Fe2-3N 

Y-Fe4N 
£-Fe2-3N 
amorphous 

Y-Fe4N 
£-Fe2-3N £-Fe2-3N C-Fe2N 

100 "C a-Fe 
Y-FeJN 
£-Fe2sN 

Y-Fe4N 
£-Fe2-3N 
amorphous 

£-Fe2-3N £-Fe2-3N 

unheated a-Fe amorphous amorphous amorphous 
£-Fe?.?/V 

£-Fe2-3N £-Fe2N 

Ts 
*N2 0.000 0.046 0.063 0.109 0.205 0.332 

Table I: "Phase diagram" of sputtered iron nitrides. Nitrogen to argon ratio increases along 
horizontal lines and deposition temperature increases along columns. 

3. Magnetic properties 

Concerning the magnetic properties of our samples, several studies have been led : magnetic 
anisotropy, saturation magnetization at room temperature and, lastly, ferromagnetic fluctuations 
in CfFe2N phase. 

a. Saturation magnetization vs. XN2 of samples prepared at room temperature : 
Figure 4-a reports saturation magnetization (Ms) dependence with x^2. One clearly remarks 

the plateau at =1700 emu/cm3 for low XN2- NO enhancement of Ms can be observed as 
confirmed by CEMS spectra which show the usual 330 kOe hyperfine field sextet for these 
samples. For larger XN2. MS starts to decrease. Room temperature saturation magnetization 
sharply decreases to zero values for XN2 > 0-24, exactly when £-Fe2N is the only phase in our 
samples. Therefore, £-phase is found to be paramagnetic at room temperature by magnetization 
measurements and Mossbauer spectrometry. 
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b. Magnetic anisotropy and coercivity of iron nitride films : 
Hysteresis curves have been recorded for both in-plane and out-of-plane field geometries. In 

all the cases where nitrides are ferromagnetic (i.e. from a-Fe to e-Fe3N), in-plane magnetization 
curves saturate at low fields while several kOe are necessary to saturate the out-of-plane ones as 
a result of shape anisotropy. Figure 4-b shows the dependence with XN2 of the coercive fields 
(Hc) of iron nitride films deposited on unheated substrates. The increase of Hc up to 140 Oe for 
0.18 < XN2 < 0.24 can be exactly correlated with the presence of s-Fe3N which is well 
crystallized. For lower nitrogen concentrations, Hc has low values (=30 Oe), it is coherent with 
the poor crystallization of the corresponding films. The coercive field of our sputtered iron 
nitrides is low in all cases and therefore compatible with magnetic recording requirements. 

c. Low temperature magnetic transition in £-Fe2N films : 
We have investigated low temperature magnetic behavior of iron nitride films prepared at 

room temperature with a nitrogen flow high enough for obtaining £-Fe2N (XN2 > 0.24). The 
magnetic transition is characterized by Arrott plots : M2(H,T) is plotted vs H/M at various 
temperatures. These curves are expected to be linear in a mean field model. Curie temperature is 
deduced from the M2 vs H/M curve which passes by the origin. The good linear shape of these 
curves is a sign for the homogeneity of the samples. Our measurements show a decrease of the 
Curie temperature TQ from 300K for XN2 = 0.25 down to 60K for XN2 = 0.37. These values are in 
agreement with those reported by Chen et al.11 for bulk £-Fe2N samples and their dependence vs 
XN2 is shown in figure 4-c. 

(a) 

=2.2* 

Velocity (mm/s) Velocity (mm/s) 
,(%) 

Figure 3 : CEMS spectra recorded for various 
preparation conditions of FeN films : 
(a) effect of increasing Xfj2, unheated substrates. 
(b) influence of substrate heating for x^2 = 6.3%. 
The nature of the different species is reported. 

Figure 4 : Summary of the magnetic 
properties of Fe-N films prepared    at 
room temperature vs x/ß ■' 
(a) saturation magnetization at 300K 
(b) coercive field at 300K 
(c) Curie temperature 
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DISCUSSION 

Our results shed light on the problem of preparing iron nitride films by reactive sputtering : 
the use of nitrogen in reactive gas mixture is a good solution to obtain all the various Fe-N 
phases. We indicate the preparation conditions of single phase iron nitrides. Such phases can be 
obtained on unheated substrates except single phase y-Fe4N wich requires substrate heating 
during sputtering. Concerning the synthesis of cc"-Fei6N2, we did not find in this batch of 
samples the conditions to obtain it. 

One of the most original results of our study is that we have obtained amorphous Fe-N alloy 
on unheated substrates. It presents a large saturation magnetization (~a Fe), soft magnetic 
properties (coercive field -25 Oe) and a rather large domain of existence vs the plasma 
composition (from XN2=5% up to 20%). This disordered phase transforms into Fe or Fe4N when 
Ts is increased. Let us also notice that success in preparation of this amorphous phase is related 
to the total thickness tf of the films : for if >5000 Ä, amorphous iron nitride tends to transform 
into Fe or Fe4N as well as for heated substrates. This behavior is attributed to a plasma heating 
of the substrates during the deposition duration (=1 to 5 hours). 

Concerning low nitrogen concentrations, a Fe-N phase presents a non negligible lattice 
expansion. From naive band structure considerations, we would expect an enhanced 
magnetization in such a nitride compared to pure iron. We do not find any increase of Ms, so it 
proves that a structural expansion of iron nitride structure is not enough for an increase of 
magnetization. 

CONCLUSION 

Using conventional argon-nitrogen gaseous mixture, we have been able to produce iron 
nitride films in a large range of atomic concentrations and equilibrium phases : Fe, Fe4N, 
Fe2/3N, Fe2N. By varying the stoichiometry of Fe2N, we could control the Curie temperature of 
the films between room temperature and 60K. These preparation conditions have even allowed 
us to obtain expanded a Fe-N and a new amorphous iron nitride with soft magnetic properties. 
Furthermore, these results show that an increase of the lattice parameter is not sufficient for the 
stabilization of a higher spin material. Other effects related for instance to local order could play 
a crucial role. Finally, we present preliminary results of EELS on iron nitride thin films, we 
show that this technique is a powerful tool to check stoichiometry and local order. 
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ABSTRACT 

In this paper we report the successful growth of single-phase epitaxial PtMnSb films and multi- 
layers by dc magnetron cosputtering, both in the (001) orientation on MgO(OOl) and W(001), and 
in the (111) orientation on Al2O3(0001). Single-layer films in the thickness range 50Ä<t<1000Ä 
were grown and characterized using x-ray diffraction (XRD), magneto-optic Kerr effect (MOKE), 
and vibrating sample magnetometry (VSM). The in-plane orientation relationships, as determined 
by asymmetric XRD, were PtMnSb[100]||MgO[110], PtMnSb[100]||W[100], and PtMnSb[101]|| 
Al2O3[2110]. The crystalline quality of the films was found to depend strongly upon the sub- 
strate, growth temperature, film thickness, and presence of a capping layer, but rocking curve 
widths of 1° or less were achieved on each substrate. Measurement of the in-plane strain showed 
that the films were almost entirely relaxed, with strains <1%. In-plane magnetization was ob- 
served in all cases, with moments and coercivities in the 400-500 emu/cm3 and 100-200 Oe ranges 
respectively. Polar Kerr spectra showed large rotations (0.75° - 1.03°), whose peak wavelengths 
appear to depend on both film structure and optical interference effects. 

INTRODUCTION 

For years there has been considerable interest in the Heusler alloy compounds due to the wide 
variety in their magnetic properties and the ease with which these properties can be changed by 
elemental substitution. In recent years, much work has focused on PtMnSb, due to its unusual 
magneto-optical properties and electronic structure. This compound has the largest Kerr rotation 
of all known metallic systems at room temperature1, making it attractive as a magneto-optical 
recording medium. It also has a calculated electronic structure predicting 100% spin polarization 
of the conduction band2, which could produce very large giant magnetoresistance effects in spin 
valve structures. However, both of these applications have yet to be realized, in part because 
of problems with the structure and processing of PtMnSb films. The cubic crystal structure of 
PtMnSb and large demagnetizing field associated with its moment cause thin films to have in- 
plane magnetization, making them unsuitable for MO media. Similarly, chemical disorder, the 
use of polycrystalline samples, and the difficulty in producing a smooth unoxidized surface for 
band structure studies have all hindered verification of the predicted electronic structure3. Both 
areas might therefore benefit from the growth of high-quality epitaxial PtMnSb thin films and 
multilayers. We have calculated the strains necessary to produce perpendicular magnetization 
by inverse magnetostriction in PtMnSb films, and found that the levels required, +2.1% for the 
(001) case and +5.5% for the (111) case, can only be achieved by epitaxial strain. Alternatively, 
the possibility of growing high-quality, singly-oriented thin films offers a simple means to both 
probe the electronic structure of PtMnSb and investigate the effects of chemical disorder on it 
with angle-resolved photoemission. 

With these applications in mind, we have investigated epitaxial growth of this alloy by mag- 
netron sputtering. We previously reported the successful growth of epitaxial PtMnSb(OOl) on 
W(001) seed layers on MgO(OOl)4. In this paper, we report further successful epitaxial growth on 
oxide surfaces in multiple orientations, as well as in (OOl)-oriented multilayer structures with W. 

EXPERIMENTAL 

PtMnSb has the Clj structure, which consists of three interpenetrating fee lattices originating 
at (0,0,0), (3,5,3) and (f ,|,|) of the 6.20Ä unit cell. Using this as a basis, we have identified a 
number of candidate growth surfaces based on lattice matching in rotated and unrotated interfacial 
orientations. The most promising surfaces are listed in Table 1, with the orientation relationships 
calculated to produce the lowest coherency strain with the PtMnSb film. It is immediately obvious 
that good substrates exist for each orientation, with a variety of mismatches, and in particular that 
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some of these mismatches are in moderate excess of the required tensile strain for perpendicular 
magnetization. Keeping in mind that the processing conditions needed to produce a well-ordered 
C1& phase usually involve elevated temperatures, the oxide ceramic and refractory metal substrates 
are then most attractive among this group, due to their high thermal stability and resistance to 
interdiffusion. They also have the lowest electrical conductivity of the substrates listed, a desirable 
quality if transport properties in PtMnSb-based film structures require a high fraction of electron 
conduction to take place through the PtMnSb layer. For this combination of reasons, we have 
used W(001), MgO(OOl), and Al2O3(0001) as growth surfaces. 

Table I: Predicted orientation relationship and misfit strain for {001}-,{011}-, and {lll}-oriented 
PtMnSb films on various substrates. 

Orientation Relationship £misfit(%) 

PtMnSb(001)<100> || W(001)<100> 
PtMnSb(001)<100> || Mo(001)<100> 
PtMnSb(001)<100> | MgO(001)<110> 

2.1 
1.5 

-3.9 
PtMnSb(011)<100> || W(011)<100> 
PtMnSb(011)<100> II Mo(011)<100> 
PtMnSb(011)<100> || MgO(011)<011> 
PtMnSb(011)<100> i| Al2O3(1120)<0001> 

2.1 
1.5 

-3.9 
4.8,-6.0 

PtMnSb(lll)<101> ji Pt(lll)<112> 
PtMnSb(lll)<101> II Al2O3(0001)<2110> 
PtMnSb(lll)<101> j| Cu(lll)<112> 

9.6 
8.5 
1.0 

All films were prepared by dc magnetron cosputtering from elemental targets for optimum 
compositional control. Prior to deposition, single-crystal 1 cm x 1 cm MgO and AI2O3 substrates 
were scrubbed for 2 min. in 1:1:1 NH4OH : H2O2 : H2O and immediately dried with filtered nitro- 
gen before insertion into the load-lock. The substrates were then annealed under UHV conditions 
for 1 hr. at 500-550°C before cooling to the deposition temperature, either 500°C or 350°C. The 
chamber base pressure at temperature was <5xl0-8 torr for all films. The PtMnSb films were 
sputtered onto MgO and AI2O3 in 1.5 mT Ar, while for films on W, both the W and PtMnSb layers 
were sputtered at 3 mT. The elemental rates were calibrated using a quartz crystal rate monitor to 
within ±.01 Ä/s to insure good compositional control, while computer-activated shuttered sources 
and a rotating substrate were used to provide thickness control and uniformity. The deposition 
rate for all layers was in the range 0.5-1.0 A/s. Following deposition the films were characterized 
using XRD, VSM, and MOKE. 

RESULTS AND DISCUSSION 

We observe that the films with the best structural quality are those sputtered at low Ar 
pressure, high temperature, and low rate. It appears, therefore, that surface diffusion is important 
in achieving good structural coherence. This observation is to be expected from general epitaxial 
growth considerations, but is particularly relevant for the C1& crystal structure, as the diffusion 
lengths required to bring adatoms to the correct sublattice sites may require several atomic jumps. 
For completeness, we also point out that continued chemical ordering via bulk diffusion should 
also play a role, since 500°C is higher than half the bulk melting temperature of PtMnSb5. 

Figure l(a)-(d) show symmetric XRD scans and asymmetric phi scans, on a log scale, for 300Ä 
films of PtMnSb grown on W(001), MgO(OOl), and Al2O3(0001) at 500°C. All four scans contain 
peaks from only the desired C1& phase, but while the films deposited on W(001) and AI2O3 have 
a single out-of-plane orientation, the one deposited on MgO has trace amounts of (lll)-oriented 
PtMnSb (20=25°) in addition to its strong (001) texture. Despite this, all films are epitaxial, as 
shown by the four- and six-fold symmetry of the phi scans. By comparing film peak positions in 
phi with those of the substrate we have established that the PtMnSb grows unrotated on W and 
AI2O3, but with a strain-energy driven 45° rotation between film and substrate on MgO. These 
orientation relationships match those predicted in Table 1 from lattice-matching arguments. 
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One unexpected feature in these results is an asymmetry of the phi scan for PtMnSb(lll) on 
AI2O3. One would expect growth of the three-fold symmetric PtMnSb(lll) surfaces in two equally- 
populated, but distinct, orientations on the six-fold symmetric AkO^OOOl) surface. However, 
as Fig. 1(d) shows, we observe a very large difference in the population of the two orientations. 
Without a direct image of the film/substrate interface, it is difficult to interpret this inequality, but 
we submit that several mechanisms could account for our observation, for example a preferential 
nucleation of one orientation at ledges on the sapphire followed by a layer growth mode. Identifying 
the precise mechanism, however, will require further investigation. 

Due to the success in growing (OOl)-oriented epitaxial films on W, we have also begun some 
exploratory work in growing epitaxial PtMnSb(001)/W(001) multilayers. Unlike the single-layer 
films, where the best quality PtMnSb is achieved at the highest temperatures, we have been 
unsuccessful to date in fabricating good-quality multilayers at any temperature above 350°C. 
Figure le shows structural data for a 10-repeat superlattice of bilayer spacing 85Ä, which was 
grown on a 100Ä W seed layer at 350°C. The low-angle x-ray diffraction pattern, which is sensitive 
to roughness and intermixing at the interfaces, is characterized by seven orders of primary Bragg 
maxima. The attenuation of these maxima is characteristic of interfaces whose thicknesses have 
been widened by interdiffusion - a reasonable expectation given the growth temperature. Despite 
this overall reduction in intensity, however, the width of the peaks remains constant in \g\. This 
is usually a sign that there is no uncorrelated roughness between adjacent layers. Whether this 
interpretation is, in fact, correct is still in question, but additional information which is consistent 
with it can be found in the high-angle and asymmetric patterns. In the high-angle regime, the 
peaks are considerably broadened and attenuated, with only the fundamental superlattice line 
(58.7°), one set of satellite peaks (60.0°on high 20 side of the fundamental), and the seed layer 
peak (57.8°) visible. We have fitted the measured data to Voigt profiles, and from the width of the 
fundamental peak, calculated a vertical correlation length of 120Ä. Since this value indicates that 
coherent scattering is taking place over length scales larger than the bilayer period, we conclude 
that the interfaces must be crystalline. This idea is substantiated by the phi scan, which shows 
a clear epitaxial relationship which would not be present if the interfaces were amorphous. The 
increased width of the asymmetric peaks simply indicates that the in-plane mosaic spread of the 
multilayer is much larger than that of the single-layer film. Our preliminary conclusions about the 
structure of PtMnSb(001)/W(001) multilayers, then, are that they can be grown epitaxially, but 
with layers having a broad mosaic spread in-plane, and with interdiffused interfaces which do not 
appear to have uncorrelated roughness. 

The crystalline quality of the single-layer films was measured as a function of temperature and 
thickness by rocking curves on the symmetric peaks. The results are shown in Table 2. The most 
obvious trend is that in all cases, the films grown at 500CC are of better quality than those grown 
at 350°C, consistent with improved surface and bulk diffusion. Another trend we observe, but 
which is not presented in Table 2, is that in uncapped films at a given deposition temperature, 
the FWHM of the rocking curves decreases with increasing film thickness. For example, samples 
grown at 500°C and 350°C both show reductions of 10-15% in the FWHM going from 100Ä to 
300Ä. Capping may further enhance this effect, as the capped 1000Ä samples show even larger 
reductions, between 30% and 70% relative to 300Ä films. Conclusions based on this data, however, 
are questionable, since the samples were drawn from different experiments rather than from a 
systematic study. For example, since the deposition rate was held constant in all samples, it is 
still unclear whether this improvement in film quality is due to continued ordering in the bulk with 
increasing deposition time, or to a decrease in the fraction of film volume which is peak-broadened 
by oxidation. At this point we simply point out that growth of high-quality films, with rocking 
curves <1°, can be achieved on each surface using elemental cosputtering. 

Strains in the films were calculated with the sinV technique, using the {400} and {422} 
families of planes in the <001> and <111> films respectively. A biaxial strain state in the films 
was assumed. Because the elastic stiffnesses C12 and Cn are not known for PtMnSb, the strains 
were calculated over the range 0.3< ^ <0.84. The results, shown in Table 2, indicate that in all 
cases the strains are very small, consistent in sign and magnitude with essentially full relaxation 
of the films from their theoretical misfits. There are slightly larger strains in the films grown 
at 500°C, but this may be simply due to a larger strain contribution from thermal expansion 
differences between the film and substrate. We also observe slightly larger strains for films with 
thicknesses below those shown in Table 2, but even at 100Ä the values are still less than 1%. From 
these results we conclude that epitaxial growth alone cannot produce strains of the magnitude 
required for perpendicular magnetization in PtMnSb films. 
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Figure 1: Symmetric and asymmetric x-ray diffraction scans, showing single-phase epitaxy, for 
300Ä PtMnSb films on (a.) MgO(OOl) (b.) W(001)/MgO(001) (c.),(d.) Al2O3(0001), and (e.) 
a 10*(45Ä PtMnSb)(40Ä W) multilayer on W(001)/MgO(001). The missing peaks in (a.) and 
(b.) are from the MgO substrate, as are the features at 22°-24°. (c.) and (d.) were taken from 
separate samples prepared under identical conditions. 
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Table II: Symmetric rocking curve FWHMs and in-plane strains for 300Ä and 1000Ä epitaxial 

PtMnSb films. 

Substrate Temp (°C) Thickness (A) Cap AUL(°) €||(%) 

W 
w 

500 
350 

300 
300 _ 

0.89 
1.12 

0.3-0.5 
0.2-0.3 

MgO 
MgO 

500 
500 

300 
1000 20ÄPt 

2.14 
0.66 

<-0.1 
<-0.1 

AI2O3 
AI2O3 
AI2O3 

500 
350 
500 

300 
300 
1000 20ÄPt 

1.49 
4.23 
0.95 

0.2-0.3 
<0.1 

0.2-0.3 

Figure 2(a) shows in- and out-of-plane MOKE hysteresis loops for a 300Ä uncapped film 
deposited at 500°C on AI2O3. In this film and all others, the easy axis lies in the plane of the film, 
indicating shape anisotropy is the dominant contribution to the anisotropy energy. Values of the 
saturation moment in uncapped films are low relative to the bulk value of «550 emu/cm3 - only 
150 to 250 emu/cm3. However, when oxidation in the films is eliminated by capping, the moments 
rise to between 400 and 500 emu/cm3. These values, while consistent with other reported values 
for thin films of PtMnSb6'7, are still somewhat less than the bulk value. This can be understood by 
considering the crystal structure of PtMnSb. Chemical disorder in the lattice and deviations from 
1:1:1 stoichiometry during deposition will cause some fraction of the Mn atoms to sit on incorrect 
sites, with a smaller separation between neighboring Mn atoms than the 4.38Ä of the perfect 
structure. Since large separation is a critical condition for ferromagnetic ordering in this class 
of compounds, this site disorder will result in paramagnetic ordering of the Mn atoms involved, 
and hence a lowering of the total moment. In our films, the magnitude of the residual moment 
is nonetheless still large enough to generate a sizable shape anisotropy, which, combined with the 
low levels of strain in the films produces in-plane magnetization. Comparison of the saturation 
fields out-of-plane, which is taken as the field required to produce 90% of the saturation moment, 
results in «8700 Oe and «6000 Oe for the 300Ä films on W and A1203 respectively. A 20 kOe 
field was insufficient to saturate the film on MgO. The lower saturation field for the (lll)-oriented 
film indicates that it has the largest perpendicular anisotropy component of the three surfaces 
studied. Since magnetoelastic anisotropy alone cannot account for the difference, the improved 
perpendicular component may be due to magnetocrystalline anisotropy, with <111> being the 
easy axis. Further work is needed to substantiate this point. The in-plane coercivities of the films 
are small, and like the moments, depend on the presence of oxidation. The 300A uncapped films 
have coercivities of 250-300 Oe, while those of capped films are somewhat lower, in the 100-200 Oe 
range. Presumably the oxide impurities act to pin domain walls and restrict their motion, leading 
to the higher coercivities. 

Finally, Fig. 2(b) shows comparisons of the Kerr rotation spectra for the uncapped 300Ä 
samples, and for the multilayer sample described earlier. The films deposited on the bare oxides 
show identical behavior, with a peak rotation of 0.75° at 750 nm, but upon introduction of the 
W seed layer, there is a change in both the size of rotation and the peak wavelength, to 1.03°at 
575 nm. Interestingly, the multilayer in which W is used as a spacer layer has the poorest magneto- 
optical properties, with a peak rotation of only 0.12° at 750 nm. These variations in rotation and 
peak position are due to a convolution of factors which are difficult to separate. On one hand, 
the changes may stem from differences in the structural quality of the films and multilayer. As 
evidenced by the rocking curves, the films on W grew with the best crystalline structure, and hence 
should have a band structure closest to the ideal. By the same turn, the multilayer had both the 
worst defect structure and the worst MOKE properties. This argument for a structural origin is 
supported even further by our observation that the magnitude of rotation for films on W increases 
with increasing film thickness in the range 50-300Ä, for this correlates well with the decrease in 
rocking curve width over the same range. On the other hand, the changes in rotation magnitude 
that we see are also accompanied by shifts in the peak position, which suggests effects from 
interference between the film and metallic seed layer. As shown by others8, changes in the Kerr 
spectrum of thin magneto-optic films are common when they are grown adjacent to nonmagnetic 
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Figure 2: (a.)Polar (_L) and longitudinal (||) MOKE loops for 300Ä of epitaxial PtMnSb on A1203. 
(b.)Polar Kerr spectra for epitaxial PtMnSb films and multilayers, measured at E$at = 20 kOe. 

metal layers, and hence we might expect that optical effects could explain the shift for samples 
grown on W. The main inconsistency with this picture, however, is that enhancements of the 
rotation should happen in energy ranges where the real part of the complex index of refraction of 
the nonmagnetic layer is much smaller than that of the magneto-optic layer. The W seed layer, 
which is 1000Ä thick and should therefore behave nearly as bulk W, has optical constants in the 
visible range9 which are actually larger than those of PtMnSb10-11. At present, therefore, we are 
unable to give a coherent picture for the Kerr behavior in our films, but point out that our data 
has features which argue for contributions from both structural and optical sources. 

CONCLUSIONS 

We have demonstrated that high-quality epitaxial films of PtMnSb can be grown in the (001) 
and (111) orientations by elemental cosputtering on MgO(OOl), W(001) and Al2O3(0001). The 
optimum conditions for epitaxial growth of the CLj phase are high temperature, low pressure, and 
low rate. PtMnSb(001)/W(001) multilayers on W seed layers can also be grown epitaxially, but 
only at lower temperatures, and with considerable structural defects. The crystalline quality of 
single-layer films is sensitive to chemical ordering and oxidation, but symmetric rocking curves of 1° 
or less can be achieved on each surface. The strain in all films is consistently small, never exceeding 
1%. Correspondingly, all films and multilayers show in-plane magnetization, with moments and 
coercivities in capped samples in the range 400-500 emu/cm3 and 100-200 Oe respectively. Finally, 
polar Kerr spectra show large peak rotations (0.75° - 1.03°), whose peak wavelengths appear to 
depend on both film structure and interference effects. 
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ABSTRACT 
Sputter deposited MnSb thin films were annealed utilizing KrF excimer laser 

pulses (16ns), and the resulting structural and magnetic changes investigated. These 
changes are compared to those observed when the samples are subjected to 
isothermal and rapid thermal annealing treatments. Isothermal and rapid thermal 
annealing induce significant lateral grain growth, whereas the laser treatment 
produces vertical grain size refinement with no appreciable lateral growth. 
Annealing is shown to increase the hexagonal c-axis, reaching an expansion value of 
7% for the laser annealed samples. This c-axis expansion has a strong influence on 
the magnetic properties of the thin films. Mechanisms for the c-axis expansion are 
discussed. 

INTRODUCTION 
The E-phase of Mn-Sb system is reported to exist for Mn atomic compositions 

ranging from 44 to 50% as shown in the phase diagram of figure 1. [1] This 
E-phase has a hexagonal crystallographic structure and is classified as belonging to 
the NiAs type. [2] The lattice parameters and magnetic properties are reported to 
exhibit a strong composition dependence in this range. [2-6] The variations in 
magnetic moments and Curie temperatures are ascribed to changes in Mn-Mn 
atomic spacing resulting from changes in lattice parameter as a function of site 
occupancy. Similarly, Nagasaki et al [5] have studied the pressure dependence of 
the lattice parameters of MnSb and found dramatic changes in Curie temperatures. 

In this work, we seek to induce lattice parameter changes by rapid resolidification 
and recrystallization of fixed composition MnSb thin films. We expect that volume 
changes due to recrystallization will result in lattice strain and seek to compare the 
corresponding changes to their magnetic and magneto-optic activity. To this effect 
we utilized three different time-temperature regimes of annealing; laser quenching 
(LQ), rapid thermal annealing (RTA) and isothermal furnace annealing (IA). 
Typical annealing times for each method are 16 ns, 120 sec. and 5 hours, 
respectively. A variety of structural and magnetic probes are employed to monitor 
the effect of annealing under this wide temporal range of conditions. 
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Figure 1. Mn-Sb phase diagram [I].   Note the compositional range for the »phase 
Ni-As formation. 

EXPERIMENTAL TECHNIQUES 
MnSb thin films "were deposited by DC magnetron sputtering (base pressure 

<lxl0"7 Torr.) from elemental targets at a sputter pressure of 3 mTorr of Argon 
onto quartz substrates. The film layer structure is substrate / SiN (20 nm) / MnSb 
(150 nm) / SiN (12.5 nm) All layers were grown during the same pumpdown and the 
SiN was grown by reactive sputtering.   To study the relation between the film 

structure and its magnetic and magneto-optic properties, we utilized the following 
analytical methods. X-ray microprobe for determining film composition. X-ray 
diffraction (XRD) and transmission electron microscopy (TEM) for microstructural 
analysis. Atomic force microscope (AFM) to measure film morphology. 
Magneto-optic Kerr Effect (MOKE), vibrational sample magnetometer (VSM) and 
torque magnetometer for characterizing magnetic activity. 

Laser annealing was conducted within the pole pieces of a 20 kOe electromagnet 
which is part of the MOKE apparatus. The exposure was conducted with no applied 
magnetic field. Dielectric mirrors and beam combiners are utilized to guide both the 
excimer laser radiation and the probe He-Ne laser onto the same spot of the sample. 
The excimer laser irradiates a 6 mm diameter area (determined by the pole bore hole) 
whereas the He-Ne laser spot is approximately 1.5 mm in diameter and is fully 
confined within the irradiated area. In this fashion we are able to in-situ monitor the 
magnetic changes due to laser annealing. Irradiation in our work was conducted 
through the SiN/air interface. The laser is a Lambda Physik (102) excimer laser 
running on KrF (248 nm) and it generates 16 ns pulses of around 250 mJ in energy. 

116 



Control of the laser fluence is obtained by means of variable attenuator and the pulse 
energy is measured with a pyroelectric detector. To minimize pulse to pulse energy 
variations, a repetition rate of 2.5 Hz was employed. This also guaranteed that no 
thermal build up effects are present in our annealing experiments. The RTA (AG 
Associates 610) pulse heat profile in our studies was the following: 5 s hold at room 
temperature, ramp-up to the target temperature at 125°C/s, 120 s hold at the target 
temperature and the sample was removed from the instrument after cooldown below 
100°C. 

EXPERIMENTAL RESULTS 
To ensure E-phase structures, the nominal sample composition was targeted 

at Mn56Sb44. The x-ray microprobe revealed atomic % compositions of 55.6% Mn 
and 44.4% Sb within +0.5% accuracy. Absolute atomic content determination was 
not undertaken and we note that impurity traces of C and O are present. Thus, the 
actual film composition is at best precise to 1 atomic%. XRD studies of as-deposited 
and annealed samples reveal that the films are single phase and strongly textured. 
Both as-deposited and annealed samples exhibit spectra dominated by the (110) 
diffraction peak. This is evident in the 0-20 scan given in Figure 2 which corresponds 
to an RTA sample, annealed for 120 s at 550 °C. The only other orientation 
discernible in this spectrum (211) is 1:187 weaker than the (110) peak. The as- 
deposited and laser quenched samples showed also very weak (101) peaks whose 
intensity ratio compared to their (110) peaks are 1:94 and 1:30 respectively. The 
broad peak observed around 22°, is due to the quartz substrate background 
contribution. This growth orientation of the MnSb films leads us to conclude that the 
hexagonal c-axis is oriented in the film plane (//). 

RTA: 550C, l20Sec. 
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Figure 2. 0-29 XRD spectrum of MnSb film (150 nm) deposited on quartz. Note the 
strong (110) texturing which is common for all samples studied. This particular 
spectrum corresponds to a film that was annealed for 120 sec at 550°C. 
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Although annealing does not change the texturing or number of diffraction features, 
its effect is to induce significant peak shifts. The effect of the various annealing 
treatments on the XRD spectra is shown in Fig. 3. We focus only on the (110) peaks 
in this figure to illustrate the changes in peak position, FWHM and intensity that 
occur when the as deposited samples are subjected to the various annealing 
treatments. The FWHM and peak areas are tabulated in the insert table in the 
figure. Such large peak shifts can be associated with lattice parameter changes in 
these films as no additional diffraction peaks are obtained that may indicate 
formation of secondary phases. To confirm that the peak shift is indeed due to 
lattice parameter changes, we utilized GIXS (grazing incidence x-ray scattering) to 

IA   A 

RTA   1 \ 

As-deposited       / 

Hexagonal (110) Peak 

Sample FEHM(M) Area 
AD 0.351 1126 
LQ 0.606 1068 
RTA 0.363 2678 
IA 0.351 2748 

\      L( 3 

4^.0              4^.5               4^.0              4*f.E 44".0 1 ■  4V.0 ■ 4J.0  ■ '«is  ' ' 

Figure 3. 9-26 scans around the (110) peak for AD, RTA, IA and LQ samples. Note 
the peak shifts, increments in peak intensity and FWHM which occur as a consequence 
of annealing. 

Figure 4. GIXS XRD spectrum of AD and LQ films. Peak shift is in the opposite sense 
as that seen in Fig 3. No in-plane texturing is observed and the spectra are assigned to 
the Ni-As phase of MnSb. The angle of incidence for the x-ray beam was ^1°. 
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probe lattice planes perpendicular to the film surface. Thus, if the peak shift towards 
higher angles in the conventional geometry utilized in Figs. 2 and 3 is indicative of 
in-plane lattice expansion, the GIXS experiment should reveal an opposite trend for 
the same diffraction plane. GIXS scans for the as-deposited and the laser quenched 
samples are given in Fig. 4. The scattering geometry is also indicated in the figure. 
A larger number of peaks indexed to various crystallographic orientations are shown 
in the figure. This readily indicates that the polycrystalline film has no preferential 
in-plane growth orientation. The higher number of peaks observable, makes it 
possible to identify the crystal structure of these samples as hexagonal and the 
spectrum can be fitted to a Ni-As type of structure with lattice parameters a and c 
of 4.2Ä and 5.77Ä for the as-deposited films. These parameters compare well to 
those published for bulk Mn^Sb^ specimens of a= 4.21 A and c = 5.7lA. [4] 

The only peak that is observed in both geometries is the (101) for AD and LQ 
samples. Thus, we utilized the peak position for this peak to ascertain the trend that 
one would expect concerning lattice parameter changes due to annealing. One clearly 
sees that the peaks in the LQ samples are distinctly shifted towards smaller angles, 
the opposite from the conventional geometry. Thus confirming that for the same 
atomic plane, lattice parameter expansion in the film plane is accompanied by lattice 
contraction in the vertical direction as a consequence of the laser annealing. In 
contrast as shown in Table 1, no such changes are observed for the AD samples in 
GIXS vs normal diffraction geometries. In other words, the effect of laser annealing 

; is to contract the spacing between lattice planes in the 1 direction, whereas those in 
// direction expand.   In comparison, the AD (101) peak does not show any shift, 

. indicating that the crystalline arrangement is essentially strain-free. 

Figures 5 and 6 show plan and cross-sectional bright field images that compare the 
microstructure of the AD specimens to that of the annealed samples. Large laternl 
grain growth is observed after oven and RTA treatments, whereas comparable grain 
size is obtained following laser exposure. The average grain size following RTA and 
isothermal annealing increased from ~20-40 nm to ~50-100 nm. The cross sectional 
TEM images of AD and LQ films in Fig. 6 show that the grains in the AD films 
span the 150 nm thickness of the film, whereas after LQ, grain boundaries are clearly 
visible in the vertical plane, indicative that vertical grain size reduction or, grain 

Sample 
a 

1 

Lattice p 

// 

arametei 
c 

1 

s Tc 
(•c) 

AD 4.20 4.20 5.77 5.77 170 
LQ 4.13 4.18 5.88 6.17 275 
RTA 4.16 N.A. 5.86 N.A. 220 
IA 4.16 N.A. 5.84 N.A. 220 
MnxSb„ 4.275 5.71 100-160 
Mn2Sb, 4.10 6.65 293 

Table 1. Lattice Parameters and Magnetic Properties of MnSb films. 
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56 nm 

Figure 5. Plan view TEM images of MnSb samples showing the grain structure 
difference among AD, IA, RTA and LQ samples. 

188 nm 

Figure 6. Cross sectional bright field and dark field TEM images obtained with (101) 
reflection: (a) AD film and (b) LQ film, fluence= 68.4 m.J/cm2, 50 pulses. Grain 
refinement in the film thickness direction is observed in the LQ sample. The 
recrystallization front appears around the center of 150 nm thickness film in (b). 

refinement, has occurred in this direction. The bright and dark field images of Fig 
6 clearly show the columnar structure of the AD sample and the decrement to about 
half the original size after annealing the sample with 50 laser pulses of fluence= 68.4 
rriJ/cm2. 

DISCUSSION 
Single phase MnSb films with NiAs hexagonal crystalline structure have been 

produced by sputtering. Subsequent annealing (oven, rapid and ns-laser annealing) 
lead to grain growth and refinement (LQ).  However, the single-phase nature of the 
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films is retained. Remarkable lattice expansion of the c-axis is observed upon 
annealing. Lattice parameters, for perpendicular and in-plane geometries (where 
applicable) are tabulated in Table 1 in which for comparison, we also give published 
literature values for Mn56Sb44and Mn2Sb, [7]. The table also contains measured 
Curie temperatures for the AD and the annealed samples. Utilizing our measured 
lattice parameters and Nagasaki's analysis [5], we calculate also the predicted Curie 
temperatures based on the Mn-Mn atomic spacing for the AD and LQ samples for 
which we have accurate determination of the in-plane lattice parameters. 

The a and c lattice parameters for the AD samples are in good agreement with 
published values for Mn56Sb44. Tc, on the other hand, is 68 °C lower than the 
calculated value. We note that the work of Teramoto et al and Nagasaki et al [4,5] 
on the impact of Mn composition and lattice parameter changes on magnetic 
properties were conducted in bulk, powder samples with grains significantly larger 
than in our thin films. As determined in our TEM studies, the grain size of the AD 
samples is ~20-40 nra. It is possible that at such scales, dimensional effects may also 
lead to decrements in Curie temperature as discussed by Schaefer et al. [8] 
Isothermal and rapid thermal annealing yield hexagonal structures with virtually the 
same lattice parameters and the c-lattice expansion with respect to the AD sample 
(for out-of-plane hexagonal lattices) is 1.5%. Although the FWHM (figure 3) did not 
change upon RTA and IA, the peak and integrated intensity for the (110) peak 
increased by ~2.4. Large lateral grain growth was observed in the TEM analysis of 
the RTA and IA samples. Nevertheless, such growth cannot account for the large 
intensity increment. However, stronger (110) texturing as consequence of additional 
crystallization would explain such intensity change. Rocking curve analysis is in 
progress to determine this possibility. The c-axis expansion upon RTA and IA 
coupled with the crystal growth observation, can be interpreted in terms of grain 
boundary annihilation associated with the lateral grain growth and the development 
of in-plane tensile stress evolution due to the difference in thermal expansion 
coefficients between MnSb and the substrate. [9] 

In the case of the LQ samples, we note from Fig 3 that the FWHM has increased 
almost by a factor of 2X as compared to the AD case. The ratio of the FWHM 
between AD and LQ (110) peaks is 0.53 (Fig. 3). In Fig 6, we showed by 
cross-sectional TEM that upon laser annealing, the columnar grains are reduced in 
size to approximately 1/2 the film thickness. Thus, this increment in FWHM for the 
(110) peak is consistent with reduction in grain size in the vertical direction as 
expected from the diffraction geometry (lateral grain size changes do not contribute 
to changes in FWHM). This reduction in vertical grain size is explained by 
recrystallization upon thin film melting. This grain size refinement is a consequence 
of the directionality of the melt front propagation and the limited time for nucleation 
and growth. As shown in Figure 5, the plan view TEM analysis reveals that no 
lateral grain growth occurs for laser annealing. 

Comparison of GIXS data for AD and LQ specimens reveals that if the crystal 
structure following laser quenching is still NiAs, the diffraction spectrum fitting 
requires a 7% expansion of the c-axis to fit the diffraction peak positions after LQ. 
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Such a large degree of expansion could be induced by the melting/resolidification 
process and accompanying volume changes. In the time scales involved in the 
resolidification process, there is no time to relax the resulting strain. Therefore, the 
unit cells are frozen with a high degree of lattice strain. 
We have also considered, the possibility of phase stabilization from the melt of the 
tetragonal Mn2Sb,. As shown in the table 1, the c/a ratio of the LQ film has an 
intermediate value between hexagonal MnSb and tetragonal Mn2Sb. According to 
the phase diagram, this phase can be produced at or near the melting temperature 
[1] and the fast quenching could potentially stabilize this phase. We note however, 
that although the Curie temperature compares well with our measured value for the 
LQ sample, the measured saturation magnetization of the LQ sample is more than 
2X larger than the published value for Mn2Sbv[T\ In addition, we do not observe 
new peaks in the GIXS spectrum of LQ, the single distinguishing feature following 
the transient annealing is a systematic peak shift for all spectral peaks shown in Fig. 
4. 

CONCLUSION 
We have investigated the effect of various annealing process on MnSb thin 

films and its impact on magnetic properties. The films exhibit strong (110) texture 
with the hexagonal c-axis oriented in the plane of the film. All annealing methods 
induced large in-plane lattice expansion in c-axis. RTA and conventional annealings, 
induce lateral grain growth which we attribute as the origin of the ~1% in the lattice 
distortion. No lateral grain growth was observed in LQ. Although two possibilities 
are likely to explain the large changes in the GIXS spectra, our experimental results 
are consistent with the very large 7% expansion resulting from melting and 
resolidification of the thin film leading to grain size refinement and the development 
the large strain values observed. 
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ADJACENT LAYER COMPOSITION EFFECTS ON FeTbCo 
THIN FILM MAGNETIC PROPERTIES 
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ABSTRACT 

The magneto-optical (MO) layer in current rare earth-transition metal (RE-TM) based MO 
recording media is typically 20 nm to 60 nm thick. It has been suggested, however, that media 
structures employing a multiplicity of thinner MO layers may be advantageous, e.g., for multi- 
level recording applications [1] or media noise reduction [2]. As magnetic layer thickness is 
reduced, interactions among magnetic layers and adjacent materials can have an increasingly large 
influence on magnetic properties; in many instances, these interactions can dominate the observed 
magnetic behavior. 

As a means of studying MO layer - adjacent layer interactions, we have used thin (=3 nm) 
films of several materials to separate single 24 nm thick ion-beam-deposited FeTbCo layers into N 
thinner layers of 24/N nm thickness (N x 24/N). As N increases, the FeTbCo magnetic properties 
generally change; however, the relative magnitude of the changes is strongly dependent upon the 
adjacent layer composition. Magnetization (Ms), energy product (MsHc) at 30 C and Curie 
temperature data for 1 x 24 nm structures and 6 x 4 nm structures are compared and discussed for 
specimens employing SiC^, SiNx, YOx, HfOx, Si and SiOx adjacent layer materials. 

INTRODUCTION 

Current magneto-optical media constructions are typically four-layer thin film stacks which 
are formed by successively depositing a first dielectric layer, a rare-earth-transition metal (RE-TM) 
magneto-optical layer, a second dielectric layer, and a metallic reflector layer on a transparent 
substrate. The magneto-optical (MO) layer exhibits perpendicular magnetic anisotropy. RE-TM 
layers are highly reactive and must be protected from the ambient environment to achieve 
acceptable stability. The dielectric layers on either side of the MO film serve as barriers between 
the MO material and the surrounding environment. In addition to environmental protection 
requirements and acceptable optical properties, these adjacent dielectric layers must exhibit low 
reactivity with the RE-TM magneto-optical film. 

The magneto-optical layer in current rare earth-transition metal based MO recording media is 
typically 20 nm to 60 nm thick. It has been suggested, however, that media structures employing 
a multiplicity of thinner MO layers may be advantageous, e.g., for multi-level recording 
applications [1] or media noise reduction [2]. Furthermore, there is considerable interest 
concerning the fundamental properties of very thin magnetic films [3]. As MO layer thickness is 
reduced, the ratio of MO layer - adjacent layer interfacial area to MO layer volume increases; 
consequently, interfacial reactivity and/or interactions therefore have an increasingly large 
influence on MO layer magnetic properties. 

As a means of studying MO layer - adjacent layer interactions, thin (=3 nm) films of several 
materials have been used to separate single 24 nm thick ion-beam-deposited FeTbCo layers into N 
thinner layers of 24/N nm thickness (N x 24/N). As N increases, the FeTbCo film's magnetic 
properties generally change; however, the relative magnitude of the changes is strongly dependent 
upon separator/adjacent layer (S/AL) composition. The present study compares and discusses the 
magnetic properties of 1 x 24 nm structures and 6 x 4 nm structures employing Si, SiCx, SiNx, 
SiOx, HfOx, and YOx S/AL materials. The magnetic properties monitored include saturation 
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magnetization (Ms), the product of Ms and the coercivity, He (energy product, MsHc) at 30 C, 
the temperature at which the remanent perpendicular magnetization rapidly decreases (Td), and the 
Curie temperature (Tc). 

EXPERIMENTAL PROCEDURE 

Figure 1 schematically illustrates the dual ion beam system used to prepare specimens for 
this study. A pentagonal prism target carousel allows sequential exposure of up to 5 target 
materials to the primary beam for deposition. Computer control of the primary ion beam and 
target carousel facilitates flexible and reproducible thin film deposition. A shutter/shield assembly 
close to the substrate planetary permits target pre-cleaning prior to deposition and reduces 
substrate bombardment by specularly reflected primary beam components. The planetary enables 
uniform coating of four 130 mm diameter disk substrates. A secondary ion source can be used to 
clean substrates prior to deposition and/or to modify properties of the growing films. The system 
is cryopumped and has a base pressure in the low 10-8 ton- range. 

All specimens were deposited using a 900 eV Xe+ primary beam; a primary beam current of 
225 mA results in an average deposition rate of 3-6 nm/min. Xe working gas pressure in the 
deposition chamber was 2.5 x 10"4 torr. Polished Si (100) wafers are used as substrates. The 
1 x 24 nm specimen structure consists of a = 24 nm thick FeTbCo film sandwiched between two 
40 nm thick layers of a particular separator/adjacent layer material. For the otherwise identical 6 x 
4 nm structure, the 24 nm FeTbCo layer is divided into six = 4 nm thick sheets by ~ 3 nm thick 
separator material layers. The The FeTbCo films were sequentially deposited from an Fe-5.3 
at.% Co alloy target and an elemental Tb target. The Fe-Co and Tb deposition times were adjusted 
to produce a layered structure with the desired composition and a nominal repeat periodicity of 1 
nm; the 24 nm thick layers therefore consist of 24 FeCo - Tb layer pairs, while each of the 4 nm 
thick layers contains 4 FeCo - Tb layer pairs. For a given deposition process, the 1 nm repeat 
period roughly corresponds to the maximum in MsHc vs. layer periodicity for FeTbCo materials 
[4, 5]. Si, SiC, Si3N4, SiO, Hf02 and Y203 were used as targets for the 

Substrate Planetary 

Secondary Source 

arget Carousel 

Figure 1: 
Schematic illustration of dual ion beam deposition system geometry._ 
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separator materials. No reactive gases were employed during deposition; consequently the 
resulting films from compound targets comprising volatile constituents (i.e. O and N) are likely 
somewhat deficient in O or N relative to the starting target composition. As the exact 
stoichiometry is unknown, the S/AL materials are referred to as SiNx, HfOx, etc. All but the Si 
S/AL material targets were formed from hot pressed powder compacts. The Si target was dense 
polycrystalline material. 

A Digital Measurement Systems model 1660 VSM was used to measure magnetic 
properties. M-H hysteresis loops at 30 C were used to determine Ms and MsHc perpendicular to 
the film plane. The Curie temperature, Tc was determined by measuring perpendicular 
magnetization as a function of temperature in an applied field of 5,000 Oe. While the large applied 
field is likely to increase the apparent Tc value due to induced magnetization effects, it was 
sufficiently large to exceed 4rcM of all specimens, thereby enabling measurement of specimens 
which would otherwise have demagnetized at temperatures well below Tc. For the purpose of 
this paper, the "demagnetization temperature", Td, is defined as the temperature at which the 
remanent magnetization, Mr, becomes less than half Ms at the same temperature. Td was 
determined by saturating the specimens in the perpendicular direction at 30 C and monitoring the 
remanent magnetization while ramping up the temperature in 5 C increments; noting the 
temperature at which remanent magnetization suddenly decreased and comparison with the M - T 
data used to determine Tc enabled estimation of Td. Film chemistries were determined using X- 
ray florescence (XRF). 

RESULTS AND DISCSUSSION 

A set of 1 x 24 nm and 6 x 4 nm structures were fabricated using identical deposition 
parameters for the FeTbCo layers. All specimens exhibit perpendicular anisotropy at 30 C. 
Excluding the HfOx specimens for which Hf florescence strongly interferes with the Co peak, 
XRF measurements result in an average film composition of Fe-19.4 at.% Tb - 3.4 at.% Tb. The 
standard deviation of the Tb concentration is 0.5 at.%, while that for the Co is 0.2 at.%.; some of 
the variation is probably due to differing adsorption and fluorescence characteristics among the 
separator materials. For a given separator material, the variation in Tb concentration between the 
1 x 24 and 6 x 4 structures is typically < 0.3 at.%. The magnetic properties of the 1 x 24 nm and 
6 x 4 nm structures are summarized in Table I. Td and Tc are rounded to the nearest 5 degrees, 
the size of the temperature steps in the measurement. The compensation temperature of all 
specimens is well below 30 C, the temperature at which Ms and MsHc were determined. 

It is well documented that the microstructure [6] and magnetic properties [3] of thin films are 
influenced by the substrates and/or underlayers upon which they are grown, so some differences 
among the specimens is expected. Inspection of the 1 x 24 nm data reveals that Ms varies by less 
than ±20 % from a mean value of 89 emu/cm3 for all S/AL materials; this observation is 
consistent with the composition measurements and indicates that the S/AL composition has a 
relatively minor effect on Ms for the 1 x 24 nm specimen structure. The largest relative changes 
are seen in MsHc, with the SiNx specimen exhibiting the largest value and the SiCx specimen the 
smallest. The maximum variation from the mean of 4.2 x 105 ergs/cm3 is just slightly more than 
20 %. Thus, while the S/AL composition has some effect on the 1 x 24 nm specimen magnetic 
properties, the effects are not dramatic. 

Comparison of the 6 x 4 nm and 1 x 24 nm specimen data shows that S/AL composition has 
a much more pronounced effect on magnetic properties as the magnetic layers become thinner. 
MsHc, which drops by an order of magnitude or more for five of the six S/AL materials, is the 
most strongly affected. The 6 x 4 nm YOx specimen exhibits exceptional behavior this regard, as 
MsHc decreases by only about 40% relative to the 1 x 24 structure. Ms, which increases by as 
much as a factor of three, is also strongly influenced by S/AL composition. 
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TABLE I. 
Ms, MsHc, Td and Tc of 1 x 24 nm and 6 x 4 nm films structures for 

several separator/adjacent layer materials. 

Construction/ Ms MsHc Td Tc 
Separator ID (emu/cm3) (ergs/cm3) (Q (C) 

1 x 24 SiCx 98 3.3 x 105 150 160 
1 x 24 SiNx 89 5.1 x 105 160 165 
1 x 24 SiOx 100 4.8 x 105 165 165 
1 x 24 HfOx 74 4.6 x 105 160 165 
1 x 24 Y0X 100 3.7 x 105 155 165 
1 x 24 Si 62 4.8 x 105 150 160 

6x4 SiCx 111 7.9 x 103 <50 120 
6x4 SiNx 198 2.7 x 104 <45 145 
6x4 SiOx 291 1.8x104 <30 170 
6x4 HfOx 166 4.0 x 104 60 140 
6x4 Y0X 131 2.3 x 105 130 150 
6x4 Si 80 1.6x104 115 

Several investigators [7, 8] have observed that RE-TM films undergoing oxidation 
characteristically exhibit decreases in compensation temperature and MsHc. As Tb in the films 
reacts with O, it becomes less effective at compensating the TM moment, and the compensation 
temperature, Tcomp, drops; this is consistent with the observed increases in Ms for many of the 6 
X 4 nm specimens. Tc and Td are also reduced to varying degrees relative to the 1 x 24 
structures. The MsHc decrease has been correlated with decreases in magnetic layer anisotropy as 
oxidation proceeds [7]. 

However, while oxidation can can cause the observed behavior, it does not appear to be 
necessary; very similar magnetic property changes are observed for specimens with S/AL 
materials which contain no oxygen. It is proposed that the present observations can be accounted 
for by considering simple layer intermixing in addition to previously proposed interactions such as 
Tb oxidation. In fact, a primary effect of the 6 x 4 nm structure is to reduce the kinetic barriers to 
intermixing of the magnetic layer and S/AL materials by increasing interfacial area and reducing 
the average transport distances. Closer inspection of the Table I data lends support to both the Tb 
oxidation and intermixing hypotheses. Tc is substantially reduced for Si and SiCx S/AL 
materials, but remains relatively high for SiNx, SiOx and YOx. The increase in Ms for the SiNx, 
SiOx and HfOx specimens is considerably larger than that occurring for the remaining S/AL 
materials. YOx is the only S/AL material for which the changes in all measured properties, 
including MsHc, are relatively small. 

For the SiOx and HfOx specimens, it is plausible that the increases in Ms result from Tb 
oxidation. The SiNx specimen contains no significant O, but Tb - N compounds do exist and 
exhibit very low curie temperatures, so the effect of N on Ms could be similar to that of O. 
Alternatively, it is not inconceivable that incorporation of N into the magnetic layer could increase 
the Fe magnetization [12]. The relatively small change in Ms exhibited by the oxygen-bearing 
YOx specimen can be rationalized by examination of Table II, which shows the Gibbs free 
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TABLE H. 
Gibbs free energy of formation for the stable oxides of Tb and the S/AL materials [10,11] 

Oxide AG @ 298K AG @ 298K 
Compound (KJ/mol oxide) (KJ/mol 02) 

C03O4 -774 -387 
Fe304 -1015 -508 
Si02 -856 -856 
Hf02 -1088 -1088 
Tb203 -1776 -1184 
Y203 -1817 -1211 

energies of oxide formation per mol of the most stable oxide product and per mol of oxygen 
reactant for the S/AL and magnetic layer constituents. Inspection of table II reveals that only 
Y203 is thermodynamically stable relative to Tb203. The argument that simple intermixing of the 
magnetic and S/Al materials strongly contributes to the observed magnetic property changes is 
most easily made for the Si 6x4 nm structure. The low and comparatively stable value of Ms for 
both the 1 x 24 and 6 x 4 nm Si specimens is consistent with a low reactivity among Si and the 
magnetic layer constituents. However, Si has = 25 at.% solid solubility in bulk Fe and decreases 
Tc of resulting alloy by more than 200 C at the solubility limit relative to pure Fe [11 ]; similar 
effects may be anticipated for Si additions to FeTbCo. Furthermore, while the origins of 
perpendicular anisotropy in RE-TM alloys is still debated, it seems clear that the magnetic 
anisotropy must result from some structural anisotropy introduced during film growth [13]. 
Consequently, perturbations of the magnetic layer structure due to intermixing can be expected to 
influence magnetic anisotropy, and consequently may also affect MsHc. 

Some of the differences observed among the various S/AL materials can also be rationalized 
by considering various trade-offs between reaction to form a stable compound such as Tb203 and 
intermixing. Formation of a continuous Tb2Ü3 layer at the interface between the materials could 
serve as a kinetic barrier to further intermixing of the materials and thereby reduce the relative 
decreases in Tc and MsHc. It is interesting to note that the SiQ, for which an interfacial oxide 
reaction barrier is not expected, exhibits an MsHc and Tc decrease similar to Si. 

Unlike the other S/AL materials, Y203 is more stable than any other known compound 
among the S/AL and magnetic layer constituents; consequently, there is neither much free O to 
react with Tb and increase magnetization nor is there much of any other free constituent to diffuse 
into the magnetic layer material and decrease MsHc or Tc. Diffusion rates for a stable compound 
such as Y203 are on average much lower than would be expected for elemental constituents. 
Consequently, the magnetic properties of the 6 x 4 nm YOx specimen are comparatively 
unaffected. 

CONCLUSIONS 

The magnetic properties of FeTbCo films are comparatively insensitive to adjacent layer 
composition for an FeTbCo layer thickness of 24 nm, but adjacent layer interaction effects 
dominate the observed behavior of 4 nm thick films. The observed magnetic property changes are 
consistent with two types of magnetic layer - adjacent layer interactions. The first is a simple 
intermixing of the layer materials, which reduces magnetic layer energy product and can weaken 
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exchange interactions sufficiently to reduce the magnetic layer Curie temperature. The second 
type of interaction appears to be reaction of MO layer Tb with adjacent layer constituents such as 
O and N; such reactions reduce the average Tb moment for the layer, causing a drop in layer 
compensation temperature and an increase in magnetization. The comparatively small changes 
observed between the 1 x 24 nm and 6 x 4 nm structures for the YOx specimens are attributed to 
the thermodynamic stability of Y2O3. 
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ABSTRACT 

Brillouin light scattering (BLS) and magneto-optic Kerr effect 
have been carried out on a series of specimens consisting of a 
Fe(OOl) whisker substrate upon which thin Cr(OOl) and Fe(OOl) 
layers have been deposited by means of molecular beam epitaxy in 
ultrahigh vacuum. The Fe film was 20 monolayers (ML) thick, and 
the Cr(001) films were grown having various thicknesses. It is 
demonstrated that BLS thin film frequencies measured in the 
saturated magnetic state with the thin film magnetization parallel 
with the applied magnetic field can be used to obtain the exchange 
coupling strength between the thin film and whisker magnetizations 
both for antiferromagnetic coupling and for ferromagnetic 
coupling, provided that the ferromagnetic coupling is not too 
strong. It is also shown that the coupling strength is extremely 
sensitive to the quality of the chromium growth: a small 
deterioration in the growth conditions has been found to reduce 
the exchange coupling by nearly a factor of two. 

INTRODUCTION 

In a beautiful series of experiments Unguris1 et al, Pierce2'3 

et al, and Stroscio4 et al have used scanning electron microscopy 
with polarization analysis (SEMPA) and scanning tunneling 
microscopy (STM) to investigate the growth and magnetic structures 
in thin Cr(001) and Fe (001) layers grown by means of molecular 
beam epitaxy (MBE) on very clean and perfect Fe(001) whisker 
substrates. A trilayer structure was used to investigate the 
exchange coupling between the iron whisker substrate and a thin 
iron film, 5-10 monolayers thick (ML), separated by a Cr(001) 
interlayer whose thickness varied from 0 to 40 ML over a distance 
of -0.5 mm. They showed that the coupling alternated between anti- 
ferromagnetic coupling (AF) and ferromagnetic coupling (FM) 
depending on the thickness of the chromium interlayer, and that 
the pattern of changes from AF to FM coupling depended on the 
substrate temperature at which the chromium growth took place. The 
smoothest growths, corresponding to a layer-by-layer growth mode, 
occurred when the substrate temperature was held at 350C; the 
resulting magnetization patterns could be described as the 
superposition of two oscillatory terms2- a short wavelength 
component having a period of 2.1051.005 ML and a long wavelength 
component having a period of 12±1 ML. Unfortunately, the SEMPA 
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technique can not be used to provide a quantitative measure of 
exchange coupling strengths, and it can only be used in very small 
applied magnetic fields. One must therefore turn to other 
techniques such as Brillouin light scattering (BLS) or magneto- 
optic Kerr effect (MOKE) in order to obtain a quantitative measure 
of the exchange coupling between iron layers separated by a 
chromium interlayer. 

We are interested in the use of BLS to measure the strength of 
the exchange coupling between a thin Fe(OOl) film separated from a 
bulk whisker substrate by a Cr(OOl) interlayer. The principle of 
the method is simple. The magnetization in an isolated thin 
Fe(OOl) film when subjected to an in-plane applied magnetic field, 
H, applied along a cubic axis oscillates about equilibrium with a 

circular frequency, Cum, given by5 

(~fr= (H + 2Ki/Ms) (H + 2Ki/Ms + 4JIMeff)      (1) 

where y  is the spectroscopic splitting factor (for Fe Y=1.8379xl07 

/Oe corresponding to g=2.09), Ms is the saturation magnetization 

(=1.706 kOe at 295K for bulk iron6), Ki is the cubic anisotropy 
constant (=4.76xl05 ergs/cc for iron7 at 295K), and 

4JtMeff = 4JIMS - 2Ku/dMs (2) 

for a film d cm thick. The last term in (2) is derived from a 
surface anisotropy .energy term of the form 

2 
Es = -Ku (m2/Ms) ergs/cm2. (3) 

In eqn.(3) mz is the component of magnetization normal to the film 
plane; Ku>0 corresponds to a tendency for the magnetization to 
orient itself normal to the film. Oscillations of the 
magnetization about its equilibrium direction are thermally 
excited at any finite temperature, and they may be observed by 
means of light scattering8. A small fraction of the light incident 

at frequency Cflo is scattered at the frequency Q)s shifted by the 

frequency of the oscillating magnetic system, COs=ö)o
:tö>m- If the 

thin magnetic film is allowed to interact with a second magnetic 
system, the iron whisker in the present instance, the resonant 
frequency of the film will be altered; the shift in frequency 
increases with the strength of the coupling between the thin film 
and the substrate. A FORTRAN program has been developed9 to 
calculate the dependence of the intensity of frequency shifted 
light on the frequency shift for a thin magnetic film exchange 
coupled to a bulk magnetic substrate through an energy having the 
form5 

Ec = - Jicos (A<[)) + J2C0S2 (A<|>) ergs/cm2,      (4) 
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where A<)> is the angle between the thin film magnetization and the 
bulk surface magnetization. The intensity of the scattered light 
exhibits peaks at frequency shifts corresponding to magnetic 
excitation frequencies; one of the peaks can be identified as the 
thin film resonant frequency. The calculation is an obvious 
extension of the theory described by Camley and Mills10. The 
spatial variation of the magnetic excitation amplitude in the bulk 
magnet is taken into account along with dipole-dipole coupling 
between the thin film and the bulk magnet. The calculation is only 
valid when the thin film and the bulk static magnetizations are 
parallel with the applied magnetic field. In order to simplify the 
calculations it has been assumed that the amplitude of the 
precessing thin film magnetization is independent of position 
across the film thickness: this approximation limits the 
applicability of the model to films less than -30 ML thick. It 
will be shown below that this model calculation provides a good 
description of BLS frequencies measured at fields sufficiently 
large to saturate the specimen, i.e. to align the thin film and 
bulk static magnetizations along the applied field direction. 

200    400    600 
Time [sec] 

800 

Fig.(1) RHEED specular spot intensity observed for a good growth 
of 12 ML Cr(001) on an iron whisker substrate. The substrate 
temperature was adjusted for optimum growth5, approximately 300C. 
The lower part of the figure is a continuation of the growth shown 
in the upper part of the figure with the zero of time reset to 
zero. 
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Fig.(2) RHEED specular spot intensity observed in the 11 ML region 
for the growth of a 11 ML- wedge- 12 ML Cr(001) interlayer on an 
iron whisker substrate. The growth was interrupted between 200 and 
400 seconds in order to adjust the substrate temperature for 
optimum growth5, approximately 300C. 

Values of the total, exchange coupling strength, Jx= Ji~2J2, deduced 
from thin film precessional frequencies measured for the saturated 
magnetic state have been found to be in good agreement with 
coupling strengths previously deduced from lower and upper cusp 
fields (Heinrich and Cochran5, p.599) for specimens 
that exhibited a superior growth smoothness as deduced from 
reflection high energy electron diffraction (RHEED) intensity 
oscillations (see fig.(l)). Characteristic cusps in the magnetic 
field dependence of the thin film frequencies are observed at low 
magnetic fields for AF coupled samples, see fig.(3), and are 
associated with a rapid dependence of the thin film magnetization 
orientation on applied field. These cusp fields can be used to 
obtain values5 for the coupling strengths Ji, J2 of eqn.(4). Two 
advantages follow from the use of thin film frequencies measured 
in the saturated magnetic state to deduce values for the exchange 
coupling strength: (1) no assumption is required concerning the 
magnetic field variation of the thin film magnetization 
orientation; (2) coupling strengths can be measured for both 
positive and negative values. It is possible to obtain FM coupling 
strengths because the thin film peaks retain their identity even 
when those frequencies overlap with the bulk spin-wave 
frequencies. The thin film frequencies do become very broad as the 
FM coupling strength increases so that in practice the method is 
not useful for coupling strengths JT greater than -0.5 ergs/cm2. 
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We have used the BLS method, along with MOKE, to investigate 
the exchange coupling in a recently prepared series of specimens 
having the structure Whisker(001)/NCr(001)/20Fe(001)/20Au(001), 
where N is the number of Cr monolayers. The best Cr growths 
achieved for these samples were not as good as the best growths 
previously attained; typical RHEED intensity oscillations are 
shown in fig.(2). The pattern of fig.(2) indicates that the 
Cr(001) growth proceeded in a good layer-by-layer manner and the 
RHEED specular spot profiles for the growths of figs.(1) and (2) 
were very similar. However, the Cr surface for the growth of 
fig. (2) was definitely not as smooth as surfaces characterized by 
the RHEED pattern shown in fig.(1).  As will be shown below, this 
rather slight variation in surface quality had a profound effect 
on the exchange coupling between the 20 ML Fe film and the 
whisker. The bilinear coupling strength,Ui| in eqn.(4), was most 
affected: it was reduced by approximately one half. The 
biquadratic term (J2 in eqn.(4)) was little affected. These 
observations suggest that the coupling strength is very sensitive 
to the details of the formation of the first Fe/Cr interface. It 
may very well be that the exchange coupling is very sensitive to 
the formation of interfacial ordered compounds as suggested by 
Stoeffler and Gautier11. 

GROWTHS 

Well prepared Fe(001) whiskers represent the best available 
metallic templates and are characterized by atomic terraces whose 
dimensions4 are in excess of lu.m. The cross-section of a typical 
Fe(001) whisker is rectangular, approximately 0.15 to 0.20 mm 
square, and a typical whisker length lies between 7-15 mm. The 
whisker surfaces are bounded by {100} planes. 

The Cr was grown at elevated substrate temperatures. The 
choice of substrate temperature is very crucial. We found that the 
growth of Cr proceeds properly only if the substrate temperature 
lies within a very narrow range; see Heinrich and Cochran5 for the 
details. For sufficiently high substrate temperatures the first 
RHEED intensity oscillation always shows a very cuspy dependence 
on time, see fig.(1). For low temperatures the RHEED oscillations 
exhibit a clearly deteriorating behavior. The best growth was 
achieved when the RHEED oscillations maintained their intensity 
minima close to that of the first minimum (0.5ML) and the RHEED 
intensity maxima were comparable to, or larger than, the specular 
spot intensity for the bare Fe substrate, see fig.(l). The 
oscillations in that case were clearly cuspy, and that cuspy 
behaviour does not deteriorate with the number of deposited atomic 
layers. The specular spot line scans at the RHEED intensity maxima 
showed narrow lines whose linewidths were very nearly the same as 
those for the Fe substrate, and therefore the Cr layers at that 
point were nearly as smooth as the uncovered Fe whisker substrate. 
When a new atomic layer started to nucleate the intensity 
decreased and the line scans started to exhibit a noticeable 
broadening away from the specular spot along the direction of the 
(0,0) reciprocal rod. The broadening reached a maximum for a half 
filled atomic layer. In fact the line scan for a half filled 
atomic layer showed a clear splitting (two separated maxima) and 
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this indicated that the mean separation between deposited atomic 
islands was well defined. The mean separation between atomic 
islands was -700-800Ä (at half ML coverages). Tunneling microscope 
studies by Stroscio4 et al at optimum growth temperatures have 
confirmed that the average distance between nucleated islands is 
-700-800 A in agreement with the RHEED studies, and that growth 
proceeds in a layer by layer manner. 

Specimens for magnetic studies were prepared by depositing the 
desired number of Cr(001) monolayers on the clean iron whisker 
following the above prescription. 20 ML of iron were deposited at 
room temperature, followed by 20 ML of gold also deposited at room 
temperature. The gold film provided a protective overlayer which 
prevented the iron from oxidizing when the specimens were removed 
from the vacuum chamber in order to carry out BLS measurements. 

Specimens were also prepared for which the best RHEED patterns 
obtained displayed amplitude oscillations that were approximately 
half as large as those shown in fig.(l); see fig.(2) for atypical 
example. Such specimens displayed a reduced exchange coupling 
between the 20 ML thin film and the iron whisker. In order to 
investigate the possibility that the reduced coupling was due to 
termination of the growth at less than optimum smoothness, a 
specimen was prepared that contained a thickness wedge between 11 
and 12 ML of Cr(001). The RHEED pattern for this case is shown in 
fig. (2). The chromium growth was carried out with the help of a 
movable shutter so that two thicknesses of Cr(001) could be grown 
joined by a wedge shaped ramp. The entire whisker (-10 mm long) 
was exposed to the flux of Cr atoms until 11 ML had been deposited 
according to the RHEED oscillations. The growth was then stopped 
and the shutter moved so as to cover approximately 4mm of the 
whisker. The Cr growth was resumed and the shutter slowly advanced 
so that at the conclusion of the growth the first 3 mm of the 
whisker was covered by 12 ML. At the conclusion of the Cr growth, 
20 ML of Fe(001) and 20 ML of Au were deposited as above. BLS and 
MOKE studies carried out on this specimen are described below. 

BLS and MOKE 

BLS measurements were carried out using a standard multi-pass 
Fabry-Perot interferometer in the back-scattering 
configuration12'13. The angle of incidence of the 5145Ä laser light 
was 45°; the intensity of the incident light at the specimen 
varied between 100 and 200 mWatts. Data were typically collected 
using a 60 GHz free spectral range divided into 256 channels, with 
a collection time of 1 second per channel. 

Magneto-optic Kerr effect data were carried out using 
approximately 5 mWatts of 6328Ä laser light in the longitudinal 
configuration. The apparatus was similar to that described by 
Bader and Erskine14. 

EXPERIMENTAL RESULTS 

Examples of the dependence of magnetic excitation frequencies 
on applied magnetic field are shown in fig.(3) for a 20 ML Fe(001) 
thin film antiferromagnetically (AF) coupled to a whisker(001) 
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substrate through 11 ML of Cr(OOl), and in fig.(4) for a 20 ML 
Fe(OOl) film weakly ferromagnetically coupled (FM) to a whisker 
through 10 ML of Cr(001). In each case the largest frequency for a 
given applied magnetic field is the bulk surface mode12. The lowest 
lying frequencies in fig.(3), labeled TF, are associated with the 
thin film mode. Note the cusps in frequency vs. field at Hi=1.25 
kOe and at H2=4.0 kOe. These cusps indicate that the orientation of 
the static magnetization in the 20 ML Fe(001) film is changing 
rapidly with applied field strength. For fields less than Hi the 
magnetization in the thin film lies antiparallel with the applied 
field direction. For fields larger than H2 the thin film static 
magnetization and the bulk static magnetization are oriented 
parallel with the applied field direction. For fields between Hi 
and H2 the thin film magnetization has turned away from the applied 
field direction and takes up an orientation more nearly 
perpendicular to the applied field direction. This behaviour can 
be understood as a consequence of the minimization of the total 
magnetic free energy15»16; the exchange energy terms of eqn.(4) act 
to turn the magnetization away from the applied field direction in 
competition with the term -M-H which acts to align the 
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Fig.(3). Magnetic excitation frequencies measured for a 20 ML 
Fe(001) film antiferromagnetically coupled to a Fe(001) 

. whisker through 11 ML of Cr(001); this specimen exhibited 
RHEED intensity oscillations similar to those shown in 
fig.(1). SM- bulk iron surface mode frequencies; TF- thin 
film frequencies. The intermediate frequencies correspond 
to the spin-wave manifold edges for bulk iron. The solid 
lines for fields larger than 4.0 kOe were calculated 
using 4JtMs=21.44 kOe, Ki=4.76xl0

5 ergs/cm3, and JT= -1.65 
ergs/cm2. 
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magnetization with the field direction. The frequency splitting 
observed for fields less than Hi are a consequence of dipole-dipole 
coupling between the thin film and the bulk coupled with a non- 
zero spin-wave wave-vector in the plane of the film. The frequency 
splitting between up-shifted and down-shifted scattered light 
modes becomes particularly pronounced for a two component magnetic 
system for which the static magnetizations are antiparallel. The 
small but relatively rapid decrease with applied field observed 
for the surface mode for fields near Hi is presumably a second 
manifestation of dipole-dipole coupling between the thin film and 
the bulk; it is associated with a rotation of the thin film 
magnetization away from a direction that is antiparallel with the 
bulk magnetization. 

The intermediate frequencies shown in fig.(3) are due to light 
scattered from bulk spin-wave modes10'12. A peak in the bulk spin- 
wave density of states in the long wavelength limit results in 
well defined maxima in the scattered light intensity; these 
intensity maxima are referred to as the bulk edge modes. For the 
light scattering geometry used to measure the data shown in 
fig.(3) these edge frequencies lie within ~0.3 GHz of the 
frequencies that would be measured in a ferromagnetic resonance 
experiment17. 
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Fig. (4) Magnetic excitation frequencies measured for a 20 ML 
Fe(001) film coupled to a Fe(001) whisker through 10 ML of 
Cr(001); this specimen exhibited RHEED intensity 
oscillations similar to those shown in fig.(1). SM- bulk 
iron surface mode frequencies; TF- thin film frequencies. 
The solid lines were calculated using 4JtMs= 21.44 kOe, Ki= 
4.7 6xl05 ergs/cm3, and JT= 0. 
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Fig.(4) illustrates a case for which the 20 ML Fe(001) film is 
weakly ferromagnetically coupled to the bulk substrate. In this 
case the thin film frequencies are nearly equal to the bulk edge 
frequencies. The thin film scattered light intensity dominates the 
bulk edge mode intensity with the result that the edge frequencies 
cannot be observed. The magnetizations in the thin film and in the 
bulk remain parallel with the applied field direction over the 
entire field range from 0.2 to 10 kOe consequently both bulk 
surface mode and thin film frequencies exhibit a monotonic 
dependence on the field. 

The solid lines shown in figs.(3) and (4) have been calculated 
using the modified Camley-Mills theory mentioned above. The 
saturation magnetization and cubic anisotropy parameters for both 
the thin film and the substrate have been taken to be those for 
bulk iron6,7 at 295K: 47tMs= 21.44 kOe, and Kx=4.76xl0

5 ergs/cm3. We 
have in addition assumed a surface energy parameter KUB=0.5 
ergs/cm2 between the bulk iron surface and the chromium (see 
eqn. (3)). There appears to be no data in the literature from which 
a value of the surface energy can be obtained. However, surface 
energy parameters for Fe(001) in contact with transition metals 
tend to lie between 0.5 and 0.8 ergs/cm2 (de Jonge18 et al) . The 
calculated frequencies are insensitive to the value used for KuB; 
they typically vary by less than 0.3 GHz if KuB is changed from 0.5 
to 1.0 ergs/cm2. We have also included a term of the form of 
eqn.(3) to represent the surface energies associated with the thin 
film interfaces between the Fe film and the chromium and gold 
layers. The thin film frequencies are sensitive to the value 
chosen for the surface energy parameter KUA; the choice of this 
parameter is equivalent to the choice of a value for the thin film 
effective magnetization, eqn.(2). The thin film frequency is also 
sensitive in the saturated state to the total coupling parameter 
JT= JI-2J2. In effect one has available two parameters to fit the 
field dependence of the thin film frequencies. We have used the 
data of fig.(4) to determine an appropriate value for the 
parameter KUA. For a given KUA the parameter JT was chosen to yield 
the observed frequency at 6.0 kOe. Calculated frequencies were 
then compared with observed frequencies over the entire field 
range. Values of K^ ranging between 0 and 0.5 ergs/cm2 gave an 
adequate representation of the data; KUA=1.0, JT=0.5 ergs/cm

2 

resulted in calculated frequencies at low fields that were ~4 GHz 
larger than the observed frequencies. We have chosen to use KUA=0.5 
ergs/cm2 because this choice results in better agreement with JT 
obtained from the cusp fields for a number of AF coupled 
specimens, see Tabled). The value KUA=0.5 ergs/cm2 corresponds to 
an effective magnetization 47CMeff=19.4 kOe. As can be seen from 
Tabled), values of the total exchange coupling, JT, deduced from 
the 6.0 kOe thin film frequencies are generally a little larger 
than values deduced from the cusp fields Hi and H2; however, the 
discrepency does not exceed 0.23 ergs/cm2. It can be concluded tha- 
thin film frequencies measured in the saturated magnetic state can 
be used to obtain the total exchange coupling strength, JT. 

BLS and MOKE measurements were carried out on the wedged 
specimen whose RHEED intensity oscillations are shown in fig.(2). 
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Fig.(5) MOKE Signal measured at position A of fig.(6) for the 
specimen containing a wedge between 11 and 12 ML of 
Cr(001), and whose RHEED pattern is shown in fig.(2). The 
Cr layer was 11 ML thick at position A. 
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Fig.(6) Exchange coupling, JT, and MOKE critical fields measured 
as a function of position along the wedged specimen whose 

RHEED intensity oscillations are shown in fig.(2).*- JT, 
total coupling deduced from the BLS high field data.o- 
upper critical field H2 from MOKE. +- lower critical field 
Hi from MOKE. A,B,C,D are positions along the specimen at 
which BLS measurements were carried out. 
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Fig. (5) shows the magnetic field dependence of the MOKE signal at 
a point 6.4 mm from the end of the whisker in the 11 ML Cr region 
(at position A in fig.(6)). The MOKE signal saturates for fields 
between 1.3 and 1.5 kOe; this corresponds to the saturated state. 
A small plateau is visible for fields less than 0.3-0.38 kOe; this 
corresponds to the thin film magnetization oriented antiparallel 
to the applied field. Let the field at which the antiparallel 
state becomes unstable be Hi. Let the field at which the MOKE 
signal saturates be H2. The fields Hi and H2 have been plotted in 
fig. (6) at various positions along the specimen. It is clear from 
the MOKE signal that in the 12 ML CR(001) region the 20 ML Fe(001) 
film did not exhibit AF coupling with the substrate. This 
observation was confirmed by BLS measurements taken at position B 
of fig.(6). The BLS frequency data could be well fit using JT=+0.07 
ergs/cm2: ie a weak ferromagnetic coupling. In the region outside 
the 12 ML region the coupling was found to be antiferromagnetic. 
The strength of the AF coupling was found to be JT—0.6 ergs/cm2 

from the BLS data. The coupling strengths estimated from the MOKE 
critical fields Hi= 0.36 kOe and H2= 1.45 using a minimum energy 
principle15'16 were found to be Ji=-0.41 ergs/cm2 and J2=0.17 
ergs/cm2 corresponding to Jj= Ji~2J2= -0.75 ergs/cm2. Coupling 
strengths calculated from the BLS data were found to be 
consistently smaller than coupling strengths estimated from the 
MOKE data. The reason for this discrepancy is not known. We plan 

TABLE (I) 

Exchange coupling constants deduced16 from the cusps in the 
magnetic field dependence of the thin film frequencies observed 
for a 20 ML Fe(001) film coupled to a Fe(001) whisker substrate 
through N ML of Cr(001); these specimens correspond to good Cr 
growths characterized by RHEED intensity oscillations similar to 
those shown in fig.(1). Ji and J2 are the bilinear and biquadratic 
coupling coefficients of eqn.(4): see Heinrich and Cochran5 Table6, 
p599. Values of the total exchange coupling, Jx= J1-2J2, deduced 
from the cusp field data are compared with JT deduced from the thin 
film frequency measured for an applied field of 6.0 kOe. 

N        Coupling from Cusps     Coupling from 6.0 kOe Frequency 

(ML)    Ji       J2    JT=Ji-2J2  Freq.@6 kOe  JT       JT 
(ergs/cm2' (ergs/cm2) (ergs/cm2)    (GHz)   (ergs/cm2) (ergs/cm2) 

KuA=0    KUA=0 . 5 

5 -0.78 0.44 -1.66 19.5 -1.75 -1.69 
6 -0.59 0.17 -0.93 32.5 -0.81 -0.70 
7 -0.70 0.22 -1.14 25.0 -1.39 -1.31 
8 -0.28 0.11 -0.50 32.2 -0.84 -0.72 
9 -0.71 0.23 -1.17 25.0 -1.39 -1.31 
11 -1.04 0.24 -1.52 20.0 -1.74 -1.65 
13 —0.5 -0.2 

1 

—0.9 28.0 -1.18 -1.09 
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further investigations. Finally, two cusps in frequency vs 
magnetic field were observed from BLS measurements at position A 
of fig.(6). These cusps occurred at Hi=0.3±0.1 kOe and at 
H2=0.8±0.1 kOe. These cusps were expected to occurr at the fields 
Hi=0.36 and H2=1.45 kOe measured using MOKE. The BLS cusp fields 
correspond to coupling parameters Ji=-0.27 ergs/cm2, J2= 0.09 
ergs/cm2, and JT= JI-2J2=-0.45 ergs/cm2 assuming static magnetic 
configurations that minimize the free energy. This value of J? is 
smaller than the value -0.75 obtained from the MOKE data, but 
agrees with the value JT deduced from the BLS cusp fields within 
the range of uncertainties observed for the specimens listed in 
Table(I). Unfortunately, no MOKE data was available for the 
specimens listed in Table(I). 

DISCUSSION 

It is quite clear that the exchange coupling between two iron 
layers separated by a chromium interlayer is supersensitive to the 
morphology of the chromium growth. The relatively small change in 
the character of the RHEED intensity oscillations between the 
growths of figs.(l) and (2) resulted in quite different coupling 
strengths for Cr(001) layers 11 ML thick. We suspect that the 
different results obtained using "good growths", fig.(l), and 
those obtained using "less good growths", fig.(2), can be 
attributed to the quality of the interface between the iron 
whisker surface and the first Cr layer. It is very likely that 
mixing of the iron and chromium atoms at the interface can have a 
profound effect on the nature of the exchange coupling between the 
whisker and a thin iron overlayer. Further investigation is 
required. 

We found one qualitative feature of the results shown in 
fig.(6) to be unexpected. The transition from AF coupling to weak 
FM coupling occurred abruptly and very near a chromium thickness 
of 12 ML. We had expected a gradual decrease of coupling strength 
over the 2.5 mm interval occupied by the chromium wedge. 

ACKNOWLED GEMENT 

The authors would like to thank the Natural Sciences and 
Engineering Research Council for grants that supported this work. 

K.T. gratefully acknowledges support from the Swiss National 
Science Foundation. 

142 



REFERENCES 

(1) J.Unguris, R.J.Celotta, and D.T.Pierce, Phys.Rev.Lett.67,140 
(1991); ibid,69,1125 (1992). 

(2) D.T.Pierce, J.A.Stroscio, J.Unguris, and R.J.Celotta, 
Phys.Rev.B49,14564 (1994). 

(3) D.T.Pierce, J.Unguris, and R.J.Celotta in Ultrathin Magnetic 
Structures II. edited by B.Heinrich and J.A.C.Bland (Springer- 
Verlag, Berlin, 1994), p.117. 

(4) J.A.Stroscio, D.T.Pierce, J.Unguris, and R.J.Celotta, 
J.Vac.Sei.Technol.B12,1789 (1994). 

(5) B.Heinrich and J.F.Cochran, Advances in Physics, 42,523 (1993). 
(6) A.S.Arrott and B.Heinrich, J.Appl.Phys.52,2113 (1981). 
(7) P.Escudier, Ann.Phys.9,125 (1975): H.Gengnagel and U.Hofmann, 

phys.stat.sol.29,91 (1968). 
(8) J.F.Cochran in Ultrathin Magnetic Structures II, edited by 

B.Heinrich and J.A.C.Bland (Springer-Verlag, Berlin, 1994), 
p222. 

(9) J.F.Cochran. Unpublished. 
(10) R.E.Camley and D.L.Mills, Phys.Rev.B18,4821 (1978). 
(11) D.Stoeffler and F.Gautier, Phys.Rev.B44,10389 (1991); 

J.Magn.Magn.Mater.104-107,1819 (1992). 
(12) J.R.Sandercock in Topics in Applied Physics Volume 51; Light 

Scattering in Solids III, edited by M.Cardona and G.Giintherodt 
(Springer-Verlag, Berlin, 1982), p.173. 

(13) P.Grünberg in Topics in Applied Physics Volume 66: Light 
Scattering in Solids V. edited by M.Cardona and G.Giintherodt 
(Springer-Verlag, Berlin, 1989), p.303. 

(14) S.D.Bader and J.L.Erskine in Ultrathin Magnetic Structures 
II, edited by B.Heinrich and J.A.C.Bland (Springer-Verlag, 
Berlin, 1994), p.297. 

(15) W.Folkerts and S.T.Purcell, J.Magn.Magn.Mat.111,306 (1992) . 
(16) J.F.Cochran, J.Magn.Magn.Mat. To be published. 
(17) B.Heinrich in Ultrathin Magnetic Structures II. edited by 

B.Heinrich and J.A.C.Bland (Springer-Verlag, Berlin, 1994), 
p.195. 

(18) W.J.M. de Jonge, P.J.H.Bloemen, and F.J.A.den Broeder in 
Ultrathin Magnetic Structures I. edited by J.A.C.Bland and 
B.Heinrich (Springer-Verlag, Berlin, 1994), Table2,7, p.79. 

143 



MAGNETIC PHASE TRANSITIONS IN EPITAXIAL Fe/Cr 

SUPERLATTICES 

Eric E. Fullerton,* K. T. Riggs,*t C. H. Sowers,* A. Berger,** and S. D. Bader* 
»Materials Science Division, Argonne National Laboratory, Argonne, IL 60439, USA 
»♦Department of Physics and Institute of Surface and Interface Science, University of 
California-Irvine, Irvine, CA 92717 

Abstract 

The surface spin-flop and Neel transitions are examined in Fe/Cr superlattices. The 
surface spin-flop, originally predicted by Mills [Phys. Rev. Lett. 20, 18 (1968)], is 
observed in Fe/Cr(211) superlattices with antiferromagnetic interlayer coupling and umaxial 
in-plane anisotropy. The Neel transition (TN) of Cr is observed in Fe/Cr(001) superlattices, 
for which the onset of antiferromagnetism is at a thickness tcr of 42Ä. The bulk value of TN 
is approached asymptotically as to- increases and is characterized by a three-dimensional shift 
exponent. These TN results are attributed to finite-size effects and spin-frustration near rough 
Fe-Cr interfaces. 

Introduction 

Fe/Cr superlattices exhibit the intriguing magnetic properties of oscillatory interlayer 
coupling [1,2] and giant magnetoresistance [3]. Growth of epitaxial Fe/Cr superlattices 
allows the interlayer coupling and magnetic anisotropy to be tailored in order to probe 
additional, rather subtle, magnetic transitions. We discuss two such transitions, the surface 
spin-flop transition in Fe/Cr(211) superlattices [4 ] and the Neel transition of thin Cr layers in 
proximity with Fe in Fe/Cr(001) superlattices. The surface spin-flop transition is a first- 
order, field-induced phase transition in antiferromagnets with uniaxial magnetic anisotropy 
and the magnetic field applied along the easy axis. It was first predicted over 25 years 
ago,[5] but not realized experimentally until the appearance of Ref. 4. In Fe/Cr(100) 
superlattices, the antiferromagnetic ordering of the Cr spacers results in anomalies in a 
variety of physical properties. The Ndel temperature ON) is strongly dependent on the Cr 
thickness. A transition-temperature shift exponent is extracted from the data in the thick Cr 
regime (<160Ä) and discussed in terms of a combination of finite-size effects and spin- 
frustration near rough Fe/Cr interfaces. Results are compared with mean-field calculations of 
a two-dimensional Ising system at finite temperature to get rudimentary insight into the 
problem. The work provides auxiliary demonstrations of the value of epitaxial superlattices 
grown via sputtering, and of the versatility of a recent magneto-optic simulation formalism to 
handle different and arbitrary magnetization orientations in each ferromagnetic layer within a 
multilayer structure. 

Fe/Cr(100) and (211) superlattices were epitaxially grown by d.c. magnetron 
sputtering onto single-crystal MgO(lOO) and (110) substrates, respectively. The epitaxial 
relations are Fe/Cr[011] // MgO[001] for Fe/Cr(100) and Fe/Cr[011] // MgO[001] for 
Fe/Cr(211). The growth procedure and structural characterizations are provided elsewhere 
[6]. The magnetic properties were measured by means of a SQUID magnetometer and the 
surface magneto-optic Kerr effect using p-polarized, 633-nm light. Transport properties 
were measured using a standard four-terminal d.c. technique with a constant current of 10 
mA and the applied field H in-plane. 
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Surface spin-flop transition 
In a MnF2-type antiferromagnet (AF), a magnetic field parallel to the easy axis 

induces a first-order phase transition from the spin sublattices being antiparallel along the 
easy axis direction to the spin-flop phase in which the spin sublattices reorient almost 90° 
from the field direction but canted toward it. The spin-flop transition occurs at a field HSF 
given by 

HSF = V2HEHA-Hi (1) 

where HE and HA are the exchange and anisotropy fields, respectively. For a thin AF film, 
surface effects strongly influence the magnetic response of the system [4,5,7,8]. The lower 
coordination of the surface spins allow them to respond more easily to external fields. If the 
surface spin is pointed antiparallel to the external field, the surface is expected to undergo a 
surface spin-flop transition at a lower field of =HSF/^ • 

Experimental searches of the MnF2 system for the surface spin-flop transition at the 
time of the original theoretical prediction were unsuccessful. In the work of Ref. 4 
Fe/Cr(211) superlattices were utilized. In these structures, the spin configuration is 
predominantly governed by: (i) the Zeeman interaction of the Fe with the external field, (ii) 
the AF interlayer coupling across the Cr spacers, and (iii) a uniaxial, in-plane anisotropy for 
the Fe. Therefore, these superlattices are isomorphic to the MnF2-class antiferromagnets 
with a (100) surface. 

Consider a superlattice which contains N layers of Fe. If N is even, then the two 
terminal Fe layers will point antiparallel to each other. Therefore, in an applied field, one of 
the surface layers will be antiparallel to the external field and will undergo the surface spin- 
flop transition. If N is odd, then the two terminal Fe layers will be parallel and align with the 
field, and only a bulk spin-flop transition is observed. Figure 1 shows both theoretical [4] 
and experimental results for superlattices with an even number of magnetic layers. 

Shown in Fig. la is the calculated magnetization curve as a function of applied field 
for an N=16 superlattice with HA=0.5 kOe and HE=2.0 kOe. For small values of H, the Fe 
layers are antiparallel and aligned along the easy axis. As H increases the system undergoes 
a surface spin-flop transition at 0.93 kOe which is less than the expected spin-flop field of 
1.5 kOe predicted from Eq. (1). For higher fields, the surface spin-flop transition evolves in 
a quasi-continuous manner into the bulk spin-flop transition, as originally predicted by 
Keffer and Chow [9 ] and described in detail in Refs. 4 and 7. 

Shown in Fig. lb are the magnetization curves for a (21 l)-oriented [Fe(40 Ä)/Cr(l 1 
A)]N=22 superlattice. The magnetization curves were measured using SQUID magnetometry 
and Kerr effect from H = -4 kOe to +4 kOe with H along the easy axis. As was observed in 
the theoretical calculations, the system undergoes two transitions upon going from the 
plateau at low fields into the canted state at higher fields. These two transitions can be seen 
more vividly in Fig. lc which shows a static susceptibility plot obtained from differentiating 
the magnetization data. Two peaks are observed and identified in the figure as S and B for 
the surface and bulk spin-flop transitions, respectively. Similar measurements on 
superlattices with an odd number of layers show only the bulk transition as expected. 

To confirm that the transition at the lower field results from the surface, we compare 
the SQUID results with Kerr-effect measurements. The Kerr-effect is surface sensitive, by 
virtue of the optical skin depth, which should reflect itself as a stronger intensity for the 
surface transition. In the Kerr intensity measurements (Fig. lb) for H<0, the bulk spin-flop 
transition is reduced and the surface spin-flop transition is enhanced relative to their strengths 
of the SQUID magnetization measurements. At the surface spin-flop transition, the Kerr 
intensity switches from negative to positive, which indicates that the top Fe layer is oriented 
in opposition to H for small negative fields. As H crosses over to positive fields, the top Fe 
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Figure 1: (a) Magnetization results for a model 16-layer superlattice structure. The 
solid line is the magnetization and the dashed line is the calculated longitudinal magneto- 
optic Kerr effect, (b) Magnetization curve of a [Fe(40 A)/Cr(ll ÄM22 superlattices 
from -Ms to Ms with the applied field parallel to the magnetic easy axis. The solid line is 
measured by a SQUID magnetometer and the dashed line is measured by longitudinal 
magneto-optic Kerr effect (c) The numerical derivative of the measured curves in (b). 
S and B refer to the surface and bulk spin-flop transitions, respectively. 
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layer is aligned with the field; the surface spin-flop initiates from the Fe layer closest to the 
substrate, and is not observed by Kerr and only seen in the SQUID results. 

To compare the Kerr results with the theoretical model, we have calculated the 
expected Kerr response for the model superlattice (dashed line in Fig. la) using the 
formalism of Zak etal. [10]. The formalism has the versatility to generate the magneto-optic 
response of a multilayer system where each of the N magnetic layers has arbitrary angles 
with respect to H. The calculated Kerr response exhibits all the qualitative features of the 
measured spectrum. In the canted region of H>HSF. the Kerr signal is higher than the 
SQUID magnetization which results from the surface layers being canted closer to H than the 
bulk layers. Quantitative differences between the calculated and measured response arise 
from the different number of magnetic layers and the additional experimental contributions of 
cubic anisotropies and biquadratic coupling which are not included in the model Hamiltonian. 

Shown in Fig. 2 is a second example of the surface transition in a (21 l)-oriented 
[Fe(14 A)/Cr(l 1 A)]44 superlattice. The large number of layers makes the surface transition 
very difficult to resolve in the SQUID measurement. However, the Kerr measurement 
dramatically enhances the surface transition with respect to the bulk transition. In contrast to 
the previous example, the Kerr results are symmetric about the origin indicating that the 
surface transition is equally likely to initiate from the substrate or top surface. 

-4-2 0 2 4 

H (kOe) 

Figure 2: Magnetization curves of a (211)-oriented [Fe(14 Ä)/Cr(ll Ä)]44 
superlattice with H parallel to the magnetic easy axis. The solid line is by 
SQUID magnetometry and the dashed line is Kerr effect. The surface and bulk 
spin-flop transitions are indicated by S and B, respectively. 

This study provided the first experimental observation of the surface spin-flop 
transition. The surface contributions to the magnetic response of the superlattice is elucidated 
by the combination of SQUID which measures the total magnetization and Kerr effect which 
is sensitive to the vicinity of the illuminated surface. This example highlights the rich 
magnetic phases possible in coupled magnetic superlattices. 
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Cr Neel transition 

An outstanding problem in understanding the interlayer coupling in Fe/Cr 
superlattices is the role of the magnetic ordering within the Cr spacers. Bulk Cr is an 
itinerant AF with TN = 311 K. An incommensurate spin-density wave (SDW) is formed 
which is characterized by a wave vector Q determined by the nested feature in the <100> 
direction of the Cr Fermi surface. At high temperature, the Cr spin sublattices S are 
transverse to Q (S1Q), while below the spin-flip transition at 123K S rotates 90° to form a 
longitudinal SDW with SIIQ [11]. ,.,.,. 

For the case of Cr(100) spacers, two periods in the interlayer coupling have been 
observed, a short period [two monolayers (ML)] and a long period (18Ä) [2,12-14]. The 
short-period oscillations results from the same nesting responsible for the SDW of bulk Cr. 
The long period has also been observed in (110) [2] and (211) [6] oriented films, which 
suggests that it is not related to the nesting but, results instead from a short spanning-vector 
associated with the relatively isotropic 'lens' feature of the Fermi surface [15]. In general, 
only the long-period oscillation is observed in superlattices. Atomic steps in the Fe-Cr 
interface are sufficient to suppress the short period coupling. However, the magnetic 
ordering of the Cr in the presence of a stepped or rough interface and its role on the interlayer 
coupling are not known. Slonczewski [16,17] predicted that fluctuations in the short-period 
interactions can give an additional non-oscillatory, biquadratic coupling term in which the 
magnetization orientation between adjacent Fe layers is 90°, rather than 180° or 0°. This 
extrinsic biquadratic coupling can become a prominent characteristic of the thick Cr-spacer 
regime in which the long-period coupling is weak. 

In the present work, the AF ordering of Cr spacer layers m sputtered, epitaxial 
Fe/Cr(001) superlattices is considered and we report a number of new observations. Firstly, 
we find that the AF order is suppressed for Cr spacers of thickness tcr<42A. Secondly, for 
tCr>42Ä, TN initially rises rapidly, asymptotically approaches the bulk value for the thickest 
spacers studied (165Ä), and exhibits a transition-temperature shift exponent A.= 1.4±0.3 
characteristic of three-dimensional (3D) Heisenberg or Ising models. The overall TN-vs.-tcr 
behavior can be understood in terms of a combination of finite-size and spin-frustration 
effects. Thirdly, the AF ordering of the Cr spacers results in anomalies in a variety of 
physical properties, including the interlayer coupling, remanent magnetization (Mr), coercivity 
(He), resistivity (p) and magnetoresistance (MR). Finally, the biquadratic coupling of the Fe 
layers observed for T>TN vanishes below TN- . 

Transport measurements are often used as a probe of the AF ordering in Cr and Cr 
alloys, where p is enhanced above its extrapolated value as the temperature T decreases 
through TN [11,18]. This anomaly in p, attributed to the formation of energy gaps opening 
on the nesting parts of the Fermi surface, is commonly used to locate TN. Shown in Fig. 3 
are T-dependent transport results for an [Fe(14Ä)/Cr(70Ä)]i3 superlattice. Figure 3(a) shows 
p vs. T for H=500 Oe, which is a sufficient field to align the Fe magnetization. An anomaly 

in p below -200K is observed as an increase above its expected linear behavior, as shown by 

the dotted line. The difference between the measured p and the linear extrapolation pnn is 

plotted in Fig. 3(b). The 7% enhancement in p at 190K is consistent with similar 
measurements in bulk Cr and Cr(001) films [11,19]. The reduced value of TN=195 K is 
determined by the point of inflection of p vs. T [see Fig. 3(c)]. 

The AF-ordering of the Cr dramatically alters the magnetic properties of the 
superlattices. Shown in Fig. 4 is the T dependence of Mr, Hc, the saturation field (Hs), and 
the MR of the same superlattice as in Fig. 3. All four of these quantities exhibit anomalous 
behavior which is directly related to the Neel transition of the Cr. The Mr shows a transition at 
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T (K) 
Figure 3: Resistivity of an [Fe (14Ä)/Cr(70Ä)]i3 superlattice. (a) p vs. T measured at 
H=500 Oe. The dashed line is a linear extrapolation of the data above 280 K. (b) The 
difference between the measured p and the linear extrapolation pun normalized to pun- (c) 

Derivative of p smoothed for clarity. The minimum in dp/dT locates TN- 
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Figure 4: Temperature dependent magnetization results for the superlattice shown in 
Fig. 3. (a) Squareness ratio Mr/Ms; (b) coercivity, (c) saturation field defined at 90% 
of Ms, and (d) the magnetoresistance. The vertical dashed line locates TN of the Cr 
interlayers. 
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TN from a value of 0.53MS for T>TN to =0.95MS for T<TN. The He value peaks at TN in a 
manner often observed in systems which undergo magnetic phase transitions [20]. Hs in Fig. 
3(c), the field at which M reaches 90% of Ms, is roughly proportional to the interlayer 
coupling strength, and increases strongly with decreasing T>TN, reaches a maximum at 
-230K, and then decreases sharply and approaches zero at TN. The MR in Fig. 4(d) also 
shows an anomaly at TN, and its decrease is consistent with a loss of interlayer coupling 
below TN. The Mr value for T>TN is consistent with a 90° alignment of the magnetization of 
adjacent Fe layers, indicative of biquadratic interlayer magnetic coupling, while the Mr value 
for T<TN is consistent with a vanishing of the biquadratic coupling that leaves the layers 
relatively uncoupled. This conclusion has been confirmed by neutron reflectivity on a similar 
superlattice which indicates 90° alignment of adjacent Fe layers for T>TN [21]. 

Utilizing both the transport and magnetic properties to identify TN, Fig. 5 shows TN 
vs. tcr for a series of (OOl)-oriented Fe(14A)/Cr(tCr) superlattices. For tcr<42Ä there is no 
evidence of the Cr ordering. For tcr>42 A TN increases rapidly and reaches a value of 265K 
for a 165-A Cr thickness. For a 3000-Ä thick Cr film grown in similar fashion to the 
superlattices, a TN value of 295K was obtained. A number of factors can alter the TN value of 
Cr, including impurities, strains and defects.11-19 Studies of Cr(001) films on LiF(001) 
substrates reported thickness dependent TN values attributed to epitaxial strain.19 The 
behavior of TN VS. tQ reported herein can be understood as arising from a combination of 
finite-size effects within the Cr spacer and spin-frustration effects at the Fe-Cr interface, as is 
discussed in what follows. 
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Figure 5: TN for a series of [Fe(14Ä)/Cr(tcr)]N superlattices vs. Cr thickness. 
The dashed and solid lines are fits to Eq. (2) and (3), respectively. The inset 
shows a possible spin configuration of Cr on a stepped Fe surface in which the 
region of spin frustration at the Fe-Cr interface is shown schematically by the 
shaded ellipse to the right of the atomic step. 
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In thin films, magnetic properties are altered due to the surface contribution to the free 
energy [22]. Since this contribution is generally positive, the magnetic order is weakened at 
the surface and the ordering temperature is reduced. Scaling theory predicts that TN should 
have the form: 

TN(°°) - TN(tcr) _ .     .x (2\ 
TN(tcr)       -b,Cr        ' (2) 

where h=ltv is the shift exponent, b is a constant and v is the correlation-length exponent for 

the bulk system. The theoretically expected X values are 1/0.7048=1.419 [23] and 1/0.6294 = 
1.5884 [24] for the 3D Heisenberg and Ising models, respectively. Fitting the data for 
tCr>70Ä to Eq. (2) is shown by the dashed line in Fig. 5, where TN(~)=295K has its thick- 
film value. These data are well represented by >.=1.4±0.3, which is in agreement with 
expectation from scaling theory. To fit the complete data set, we use the empirical expression: 

TN(oc)-TN(to)=b(tCf-to),x' f p) 

TN(tCr) 

where to= 42.3Ä represents the zero offset in the Cr thickness and A.'=0.8±0.1 as shown by 
the solid line in Fig. 5. The sharp drop in the value of TN near tcr~50Ä and the nonuniversal 
value of X' indicates the presence of an additional effect for the thinnest Cr spacers that we 
will identify below as being due to spin frustration. 

For an ideal Fe/Cr(001) interface, TNOO) should increase with decreasing Cr 
thickness due to the Fe-Cr exchange coupling since the Fe Curie temperature is much higher 
than TN for Cr. This agrees with the experimental observations of Ref. 25 that the surface- 
terminated ferromagnetic layer of Cr on an Fe(001) substrate oscillates in its magnetization 
orientation relative to that of the Fe with a =2-ML period, consistent with the SDW AF 
anticipated for Cr. The oscillations are observed well above the bulk TN, which suggests that 
the substrate, a relatively perfect Fe whisker, stabilizes the AF spin structure of the Cr. In the 
present study, however, we find TN(tCr) decreases for thin Cr layers. We believe that this 
behavior arises from spin-frustration effects in the vicinity of the rough Fe-Cr interfaces. 
Such interfaces contain atomic steps as shown in the Fig. 5 inset. The interfacial exchange 
energy can be minimized only locally, and frustration of the interfacial spins will occur if the 
Fe and Cr magnetically order long-range. In the Fig. 5 inset, excess magnetic energy is 
schematically located at the Fe-Cr interface to the right of the step where the Fe and Cr 
moments are forced to align ferromagnetically. For a superlattice, assuming random 
monatomic steps at both the Fe and Cr surfaces, 25% of the Cr layer will be frustrated at both 
interfaces, 50% will be frustrated at one interface, and 25% will match with the Fe layers. 
The value of TN, therefore, should be influenced by a balance between the energy gained from 
long-range AF ordering of the Cr and the energy cost due to magnetic frustration at the Fe-Cr 
interfaces. For thin Cr layers, the frustration energy is sufficiently high to suppress long- 
range ordering of the Cr. As to increases, the system overcomes the frustration energy and 
begins to order. The crossover thickness for the present samples is 42Ä of Cr. 

To further understand the mechanism for suppressing the Cr ordering, we have 
performed mean-field calculations at finite temperatures for an AF layer sandwiched between 
two ferromagnetic (F) layers as shown in Fig. 6. The model utilizes periodic boundary 
conditions, and the F, interface and AF exchange coupling constants are given by JF= 
-I.88J1 = -3.35JAF- The ferromagnetic layers are given by the open squares and the AF 
layer is represented by the circles. The circle are gray-scaled to represent the moment of the 
layer. Each ferromagnetic layer has two atomic steps to induce spin-frustration in the 
system. 
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Figure 6: Finite-temperature mean-field calculations of a F/AF/F trilayer structure. 
The circles and open squares are the AF and F layers, respectively. The circles are 
gray-scaled to represent the moment; filled and open correspond to full and zero 
moment, respectively. 
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Two stable magnetic configurations are identifies in the calculations and shown in 
Fig. 6. The striped regions in the AF layer represent walls which separate AF domains 
which are 180° out of phase. In one configuration (upper panel), the domain walls go across 
the AF layer connecting steps on adjacent ferromagnetic layers. In the other stable 
configuration (lower panel) the domain walls are parallel to the interface and connect steps on 
the same ferromagnetic layer. In this configuration, the center of the AF layer exhibits 
homogeneous long-range order. For thin AF layers, the upper configuration is the lowest 
energy configuration. For thicker layers, the lower panel represents the lowest energy 
configuration. For this model structure, a crossover at 18 ML is shown in the phase diagram 
of Fig. 7. Below 18 ML layer thicknesses the upper-panel configuration is lowest energy for 
all temperatures. Above 18 ML, the lower panel is lowest energy and TN approaches TN for 
a free standing film for increasing AF layer thicknesses. 
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Figure 7: Neel temperatures for AF-layer (solid circles) calculated for the model 
shown in Fig. 6 versus AF layer thickness. The solid line is a similar calculation 
for a free standing AF film. 

Although this model is too simplistic to quantitatively describe the Fe/Cr system, it is 
able to reproduce salient qualitative features of our measurements and highlights the important 
role roughness plays in the magnetic ordering of the Fe/Cr(001) system. More realistic 
electronic structure calculations [26] of Fe/Cr/Fe trilayers determine that the energy cost in 
suppressing the Cr moment (at 0 K) is only 0.8 meV/atom, as compared to 200 and 80 
meV/atom for Fe and Mn, respectively. Theoretical calculations of diffuse or stepped Fe/Cr 
interfaces demonstrate that the presence of frustrated Fe-Cr bonds can strongly suppress the 
Cr moment over extended distances [26-28]. Thus, Cr is highly sensitive to its local 
environment with local distortions being capable of causing strong moment reductions. This 
again supports the idea that roughness plays a dominant role in the magnetic ordering. 

In summary, we have investigated the AF-ordering of Cr spacer layers in epitaxial 
Fe/Cr(001) superlattices. AF order is suppressed for Cr spacers of thickness tcr<42A and is 
attributed to spin-frustration effects. For tcr>42Ä TN initially rises rapidly, and then 
asymptotically approaches the bulk value for the thickest spacers studied (165Ä) with a 
transition-temperature shift exponent characteristic of 3D Heisenberg or Ising models. 
Finally, the AF ordering of the Cr spacer layers dramatically alters the interlayer coupling in 
the sense that the biquadratic coupling of the Fe layers observed for T>TN vanishes below TN. 
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BLOCKING OF MAGNETIC LONG RANGE ORDER BETWEEN THE 
MONOLAYER AND THE DOUBLE LAYER OF Fe(llO) ON W(110) 

HANS-JOACHIM   ELMERS*,   JENS   HAUSCHILD*,   GUOHUI   LIU*,   HELMUT 
FRJTZSCHE*, ULRICH KÖHLER** AND ULRICH GRADMANN* 
♦Physikalisches Institut, Technische Universität Clausthal, D 38678 Clausthal-Zellerfeld 
**Institut für Experimentalphysik, Universität Kiel, D 24098 Kiel, Germany 

ABSTRACT 
In extension of a recent study on submonolayer magnetism of Fe(110) on W(110) 

[1], we observed the interplay of morphology and magnetic order in Fe(l 10)-films prepared 
on W(l 10) at 300 K, in a range of coverages 0 between the pseudomorphic monolayer (9 
= 1) and the pseudomorphic double layer (6 = 2), using a combination of STM, SPLEED, 
CEMS and TOM. Whereas the Curie-temperatures of the monolayer and the double layer 
are given by TC(ML) = 230K and TC(DL) = 450K, respectively, we observe in an interval 

of 1.2O<0< 1.48 ML a gap of magnetic long range order, for temperatures down to 115K. 
In CEMS, we observe superparamagnetic fluctuations for T > TC(ML), but magnetic short 
range order for T < TC(ML). The surprising blocking of long range order in the gap can 

only be explained from a quasi-antiferromagnetic indirect coupling between double-layer 
islands 

1. INTRODUCTION 
Ultrathin films of Fe(110) on W(110) in the monolayer regime have been used 

widely as model systems for monolayer magnetism [2, 3, 4, 5, 6, 7,], because of the 
thermodynamic stability of the monolayer [4]. However, even in this structurally well 
defined model system, dramatic influences of the micro-morphology on the magnetic 
properties are observed. The combination of STM imaging with magnetic measurements 
provides the opportunity to obtain new detailed insight in the relation between magnetism 
and morphology. This has been shown recently in a study of submonolayer magnetism of 
Fe(110) on W(110) using STM in combination with spin polarized electron diffraction 
(SPLEED) [1]. In extending these studies beyond the monolayer, we were surprised to find, 
for films prepared at RT, an interval of coverages 1.20<9 <1.48 (in pseudomorphic 
ML), in which long range order was completely blocked. In the present paper, we report on 
experiments about this new phenomenon using STM, SPLEED, Mößbauer spectroscopy and 
torsion oscillation magnetometry, and on our conclusions. 

2. GROWTH AND MORPHOLOGY 
Our Fe-films were grown in UHV at room temperature (RT) on atomically clean 

W(110)-substrates. Film thickness was controlled by quartz oscillator monitors, structure 
was checked by LEED and AES. The growth mode for coverages between 0 = 0.8 and 1.9 
(pseudomorphic) ML is shown by STM images in Figure 1. At 0 = 1.0 the 2nd monolayer 
nucleates on a nearly complete 1st monolayer. Coalescence of the double layer patches 
proceeds between 1.4 and 1.7 ML. For 0 J> 1.7 one observes substantial 3rd layer 
contributions and the incipient relaxation of the misfit by dislocations. In this paper, we 
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Figure 1: STM images of Fe-films prepared on W(110) at 300K. Coverages 9 in 
units of pseudomorphic monolayers are indicated. The easy axis [110] is at right 
angles with the axis of the elongated islands. 

focus on the range 6 <. 1.6 where the films were pseudomorphic with the W-substrate 
(strained by 10.4% in the plane to accomodate the misfit fFeW = - 9.4%), and composed of 

monolayer and double layer patches. 

3. SPIN POLARIZED ELECTRON DIFFRACTION (SPLEED) 
Our main magnetic probe was SPLEED. We used scattering geometries as described 

previously [1], with the quantization axis of the electron spin polarization along the easy 
axis [110] of the magnetic film. We measure the exchange asymmetry A<,x [1], the properly 

normalized difference in electron reflectivities for spin parallel or antiparallel to [110]. Aex 

is roughly proportional to the magnetization [8]. External fields up to 200Oe could be 
applied along [110], generated by currents through the W-substrate. SPLEED was possible 
in fields up to 20e. Immediately below Tc, we then obtained, even in these low fields, 

standard easy axis loops, with coercivities down to O.lOe, and perfect saturation in the 
remanent state, e.g. the inset in Figure 2. This is an important consequence of the strong 
uniaxial in-plane anisotropy of the samples [9], which enabled us to restrict the 
measurements at lower temperatures to the remanent state, and to take remanence as 
saturation. After cooling down the samples to 115K under the action of periodic field pulses 
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Figure 2: Exchange asymmetry PQA^ versus temperature T for Fe(110)-films on 
W(110), with coverage 9 as a parameter. The inset shows a magnetization loop 
for a film 6 = 1.48, 10 K below Tc. 

of 200 Oe-20 msec, we followed the remanent value of P0Aex (primary beam spin 
polarization P0 = 20%) versus T during warming up. Results are shown by some samples 

in Fig. 2. The temperature dependence was reversible. With respect to A^fJ), four regimes 

of coverage 0 can be distinguished. In regime I, 9 <_ 0.58, the films are nonmagnetic, see 
[1]. In regime II, 0.58 < 0 < 1.2, represented in Fig. 2 by 3 samples, finite values of A^ 
indicate long range remanent order roughly up to the Curie-temperature of the monolayer, 
TC(ML) = 230 K [1]. Near the upper limit of this regime, Aex rapidly decreases with 
increasing 9. The following regime III, 1.20 < 9 < 1.48, forms the gap 
of long range order, where Aex disappeared completely, for T _> 115K. Finite values of 
Aex could neither be observed in remanence nor in external fields up to 2 Oe, for a large 

number of samples in the gap. Long range order returned quite abruptly in the following 
regime IV, 9 >_ 1.48. The Curie-temperatures, see Figure 3b, were now always above 300 
K. The ideal easy axis loop of the inset in Figure 2, taken from a film 9 = 1.48 just above 
the gap, contrasts sharply with the inability to obtain any magnetic signal for the last film in 
the gap (9 = 1.47). The dependence Aex(T) is non-monotonic for films immediately above 

the gap (9 = 1.48, 1.49, 1.50). With decreasing temperatures, Aex first increases as 
expected, but then decreases again below TC(ML). For thicker films (9 = 1.6, 2.0), Aex(T) 
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Figure 3: Summary of SPLEED results. As a function of the coverage B, we 
show (a) the maximum value of P^ for T >_ 115K and (b) the Curie 

temperature Tc. The gap for 1.20<9<1.48 is obvious. 

is monotonic as usual. An extended series of samples is represented in Figure 3a by the 
maximum value of P0Aex, for T > 115K, and in Fig 3b by Tc, respectively, both versus 

9. The gap of long range order for 1.20 < 9 < 1.48 is obvious. In regime II, Tc deviates 

only slightly from TC(ML) = 230K, see Fig. 3b. Above the gap, we observe Tc > 300K. 

Because the upper end of the gap coincides with the coalescence of the double layer 
patches, see Figure 1, we conclude that the group of Tc-values of about 375K at this upper 
end belongs to an interconnected double layer network. The Curie-temperature of the 
double layer is roughly estimated as TC(DL) = 450K. 

The bare SPLEED data could be explained in a model where the double layer 
islands, prepared at 300K, that means above TC(ML), nucleate as superparamagnetic 

particles with statistical distribution of the moments along [HO] and [TlO], respectively, 
which magnetically polarize some monolayer surroundings. At 9 = 1.2, the system of 
monolayer haloes spreads over the hole sample, which then becomes macroscopically 
nonmagnetic, being however composed microscopically by up and down magnetized double 
layers islands with attached monolayer haloes. At 9 = 1.48, the breakthrough of long 
range order apparently is induced by direct exchange coupling between the islands by 
coalescence bridges. The Mößbauer data of section 4 support this model, the magnetometric 
measurements of section 5 contradict it. 

4. CONVERSION ELECTRON MÖSSBAUER SPECTROSCOOPY (CEMS) 
CEMS-spectra of a film 9 = 1.3, in the center of the gap, are shown in Figures 

4a,b. At 250K (Fig.4a), only 30K above TC(ML), the spectrum shows a quadrupole 

doublet, the signature of superparamagnetic fluctuations. At 150 K (Fig.4b) one observes a 
magnetic pattern. Quantitative analysis shows that the 3 sixline components can be 
attributed to the monolayer and the first or second atomic layer of the double layer patches. 
Reasonably, the whole system including the double layer islands is frozen with freezing of 
the surrounding monolayer sea at TC(ML), different from the usual blocking of 

superparamagnetic islands by intrinsic thermal slowing down of their fluctuations. 
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Figure 4: CEMS-spectra of a pure 57Fe-film on W(110), 9 = 1.3, prepared at 
300K, measured in zero field (a) at 250K and (b) at 150K. 

5. TORSION OSCILLATION MAGNETOMETRY (TOM) 

Straightforward estimates using the island sizes of Figure 1 show that the 
superparamagnetic patches of the model in section 3 should be easily magnetized in 
moderate fields of the order of 0. lTesla, at least at temperatures above 250K, where the 
rapid fluctuations shown by Figure 4a clearly exclude any hysteresis effects. SPLEED is 
impossible in fields of this order. We therefore checked the samples by TOM [10], which 
could be done in situ in fields up to 0.4Tesla. Results are shown in Figure 5. Note that we 
measure in TOM a magnetic torque constant R, and that for the case of a magnetically 
saturated sample R is connected with the saturation moment m0 by R/H = m0/(l+H/HL), 

with an out-of-plane anisotropy field HL that usually is of the order of some Tesla. This is 

just the signature of the thick films above the gap (9 = 2.7, 2.2 and 1.9). The film in the 
center of the gap, 9 = 1.35, behaves completely different, showing only negative values of 
R/H, without any indication of saturation. Straightforward analysis of TOM shows that 
negative values of R/H must be explained by a quasi-antiferromagnetic system of uniaxial 
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Figure 5; TOM of Fe(110)-films on W(110), at 300K. R/H (torque constant 
per magnetic field H), in units of m^, the moment of a pseudomorphic 
monolayer with 2.17 /tB per atom, versus H, applied along [110]. 
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islands with equal or comparable abundance of moments parallel and antiparallel to H, 
respectively. The frustration of saturation for R/H therefore must be read as frustration of 
magnetic saturation. We conclude that an interaction between the double layer patches must 
be active even at 300K which stabilizes the macroscopically nonmagnetic state even in the 
rapidly fluctuating system. This interaction induces a frustration of long range order in the 
double-layer island system which cannot be removed by external fields up to 0/ Tesla. 

6. DISCUSSION 
The most important result of our investigation is the resistance of the films in the 

gap against magnetization, see Figure 5, which can be only explained from a quasi- 
antiferromagnetic interaction between the double layer islands which frustrates long range 
ferromagnetic order in this system of fluctuating single domain double layer islands. Simple 
estimates show that the magnitude of the magnetizing field (0.4Tesla) in Fig. 5 excludes 
magnetostatic interactions as cause of the frustration. Instead, we suggest that the postulated 
interactions are of indirect electronic origin. Our data thus provide experimental evidence 
for an (antiferromagnetic) lateral indirect interaction between islands, mediated by the 
interspaces consisting of monolayers plus their W substraste. The details of this interaction 
remain to be investigated. It is an analogue to the (vertical) indirect interaction between two 
ferromagnetic films by a nonmagnetic spacer, which forms the highlight of thin film 
magnetism of the last decade [11]. At the upper end of the gap, 0 = 1.48, the increasing 
direct ferromagnetic coupling by coalescence bridges overcomes the frustrating interaction 
and long range order breaks through. The delicate balance of competing strong interactions 
makes the abrupt transition from a frustrated to an ordered system of single domain islands 
reasonable, to some degree. The frustrating interaction provides a natural explanation for 
the drop of Aex in Figure 2 for films near the upper end of the gap, below TC(ML). 

Apparently, the strength of the interaction increases below TC(ML). Because of the tight 

analogies with spin-glasses, we might address our films in the gap as super-spinglasses, and 
the films just above the gap as superferromagnets [12]. 

Our results are related to recent data of Back et al. [7], who investigated Fe-films on 
W(l 10) which apparently were just above the gap; they observed giant susceptibilities x = 

3-105 near Tc. The paramagnetic susceptibility of a uniaxial super-ferromagnet above Tc, in 

a molecular field approximation, is given, for N atoms per particle, by x = C/(T - Tc), 

with a Curie-constant C ^ 2N Kelvin for Fe. The mean value of N at the upper end of the 
gap is 7000. Having in mind that correlations result in an enhancement of x above the 
molecular field value, the susceptibilities observed by Back et al. are easily explained as 
super-ferromagnetic. Moreover, the sensitive dependence of Tc on coverages by several 

metals, which was observed by Weber et al. [6] for films just above the gap, is easily 
understood from the sensitive balance between frustrating and bridge interactions, and by 
the electronic nature of the former. 

. In conclusion, we have shown that clean Fe(110)-films prepared on W(110) at 300 
K show a gap of ferromagnetic long range magnetic order for coverages between 1.2 and 
1.47 pseudomorphic monolayers. The frustration of magnetic order in this gap apparently 
results from a virtually antiferromagnetic interaction of electronic origin between double- 
layer islands, mediated by the surrounding monolayer sea and its W-substrate. The nature 
of this interaction remains to be explained in detail. The films in the gap can be considered 
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as super-spinglasses. At the upper end of the gap, they switch to super-ferromagnets when 
the ferromagnetic coupling by bridges overcomes the frustrating interaction. Much remains 
to be done for a complete understanding of this new type of interaction and its evidence in 
ultrathin films. This work was supported by the Deutsche Forschungsgemeinschaft. 
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ABSTRACT 

We present first results of anisotropy and exchange coupling studies of a system with 
two different magnetic layers (Fe and Co) separated by a nonmagnetic Cr spacer. For 
the magnetic measurements we used the longitudinal magneto-optical Kerr effect and 
ferromagnetic resonance. The hysteresis data obtained from the trilayer were fit to a 
theoretical model which contains both bilinear and biquadratic coupling. The in-plane 
anisotropy was found to be four-fold with the same easy-axis orientation for both the 
Fe and the Co layers. An analysis of the easy-axis hysteresis loops indicates long period 
oscillatory coupling and also suggests a short period coupling. 

INTRODUCTION 

Oscillatory exchange coupling has been discovered for different magnetic materials 
and a wide variety of nonmagnetic (NM) spacer materials over the last several years 
(for references see [1]). The period of the oscillations can be understood in terms of 
the electronic structure of the non-magnetic spacer layer material [2]. However, some 
spacer materials like Cr or Mn are not completely "non-magnetic". In the case of Cr 
an antiferromagnetic (AF) spin structure is formed below the Neel temperature together 
with a spontaneous incommensurate collinear spin density wave. Therefore the exchange 
interaction between the Cr atomic planes should affect the coupling behaviour of the 
adjacent magnetic layers as well. For the case of Fe/Cr(001), tight binding calculations 
[3] give AF interactions and, in the case of bcc Co/Cr(00l), predict stable states for either 
ferromagnetic (FM) or AF alignment. 

Experimental investigations on high quality Fe/Cr(001) trilayers with short 2 mono- 
layer (ML) period oscillations find the strongest AF maxima for even Cr spacer atomic 
layer (AL) numbers. These are 8 ML reported by Purcell [4] and «4 ML reported by 
Demokritov [5]. However, if the magnetic layers are different on either side of the Cr 
spacer, then the AF maxima are expected at odd AL numbers. 

EXPERIMENTAL 

To study the coupling behavior of a system similar to Fe/Crf 001), but with a different 
second FM/NM interface, we have grown a (3.0 nm Co)/Cr/(5.6 nm Fe) trilayer with 
a wedge-shaped (0.5 - 3.0 nm thick) Cr spacer by MBE method; the growth tempera- 
ture was 300°C. To grow this system epitaxially we employed MgO(OOl) substrates with 
Cr(001) buffers. The sample surface was covered with a Cr cap layer (for protection) 
subsequent to growth. 

The Co layer grows in the hep phase in the (1120) orientation with the c-axis laying 
in the film plane. Since the uniaxial (1120) Co structure is grown on bcc Cr(001) with a 
four-fold crystallographic symmetry, there are two equivalent orientations for the Co to 
grow: with the c-axis parallel to either the [110] and [110] axes of the Cr, respectively. 
This results in a twinned crystallographic domain structure [6]. 
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Figure 1. Scans of the Kerr angle in remanence as a func- 
tion of the sample rotation. Data from the MOKE hystere- 
sis loops were taken during a complete sample rotation. 
The insets show the hard axis (at minimum remanence) 
and easy axis (at maximum remanence) hysteresis loops of 
the (Co/Cr-wedge/Fe)-trilayer for 2.05 nm Cr layer thick- 
ness (a), a single 8.9 nm thick Fe-Iayer (b) and a 4.7 nm 
thick Co-layer (c). Both single layers are embedded in Cr. 

We have also grown superlat- 
tices with 10 periods of the se- 
quence [Co/Cr/Fe/Cr] and sam- 
ples with individual Co or Fe lay- 
ers, respectively. In the latter case 
the magnetic films are embedded 
in Cr layers. The layer thicknesses 
for all samples are chosen to be 
thick enough such that the mag- 
netization is in the film plane. 

To study the magnetic proper- 
ties of the Co/Cr/Fe trilayer sam- 
ple we measured hysteresis loops 
with the magneto-optical Kerr ef- 
fect (MOKE). We measured in 
the longitudinal configuration as a 
function of the Cr interlayer thick- 
ness; the 100 /i-diameter laser 
spot was moved along the wedge 
shaped sample. For each Cr thick- 
ness we performed a complete in- 
plane sample rotation to determine 
the easy and hard axes. By plot- 
ting the Kerr angle in remanence 
as a function of the sample orien- 
tation, indicated by the angle $g 
of the external field with respect 
to the Cr[001] in-plane direction, a 
four-fold anisotropy was obtained. 

In Fig. la, we present such 
a plot for a Cr thickness of 2.0 
nm. The hysteresis loops, however, 
show a nearly uncoupled behavior 
(insets of Fig. la). We show also 
plots of an individual 8.9 nm thick 
Fe layer (Fig. lb) and an individ- 
ual 4.7 nm thick Co layer (Fig. lc). 
Notice the much higher coercitivity 
of the Co-layer. 

The maxima of the Kerr an- 
gles in remanence indicate the in- 
plane easy axis. For Fe films they 
correspond to the [100] and [010] 
axes; this reflects the well-known 
result of a positive first order cu- 
bic anisotropy parameter KJ"6 [7] 
in [001] oriented films. 

In the case of Co, a four-fold 
anisotropy was measured as well. 
The hard axes are parallel to the 
Co c-axes. 



This behavior was found recently for Co(1120) on Cr(001)/Nb(001)/Al2O3(1102) with 
FMR measurements and was explained as an effect of the higher order uniaxial anisotropy 

parameter K2
cp [8]. 

To explain the four-fold anisotropy of the Co in these samples (grown on Cr(OOl) with 
a MgO(OOl) substrate) FMR measurements in addition to the MOKE measurements 
were carried out. We measured the superlattices and the individual Co layers. Only 
one resonance line at each easy axis orientation was found within the FMR spectra. 
This indicates that the crystallographic Co-domains are much smaller than the magnetic 
domains. For this case, and with a nearly 1:1 proportion of the domains (found for Co 

on Cr(001/MgO(001)), the resulting anisotropy energy is F^[ = \Fc
al{{$) + |i^/(* + 

90°) with the uniaxial anisotropies J^f/(*) and F^[{(i + 90°). The resulting in-plane 
anisotropy is four-fold and has the same shape as that for cubic in-plane anisotropy. The 
uniaxial anisotropy constant Kj is in this case the relevant parameter for the anisotropy 
expression. The easy axis will then be found between the two c-axes. Therefore, neglecting 
the out-of-plane 0—dependence, we can write the anisotropy energy (as for the Co case 
as in [8]) with $ as the in-plane angle of the direction of magnetization measured against 
the in-plane Cr[001] axis: 

!*// - . -Ki cos(4$) = — Ki sin2 $ cos2 $ + const. (1) 
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Figure 2. The MOKE hysteresis loop for a Cr 
thickness of 1.15 nm measured at 45° (easy axis 
configuration), showing a weak AF behavior 
(above); and the field dependence of the angles 
*Fe and *Co obtttined &om the fit (not shown) 
plotted for increasing field strength (below). 

Figure 3. The MOKE hysteresis loop for a Cr 
thickness of 1.35 nm measured at 45" (easy axis 
configuration), showing a strong AF behavior 
(above); and the field dependence of the angles 
$Fe and *c0 obtained ftom the fit (not shown) 
plotted for increasing field strength (below). 
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DISCUSSION 

To analyze the MOKE hysteresis loops of the wedged-shaped Co/Cr/Fe sandwich (see 
Figs. 2-4) we fit our easy axis loop data. We assumed the following phenomenological 
expression for the free energy: 

Fmag = (-poMFeH cos (*Fe - *H) + K?e sin2 #Fe cos2 *Fe) iFe 

+ (-M0M
Cofl- cos (#Co - *H) + Kp° sin2 $Co cos2 *Co - const.*) tCo   (2) 

- 2A12 cos (#Fe - *Co) - 2Bn cos2 (*Fe - *Co) . 

Notice, that the anisotropy energy of the Co-layer was transformed to the Fe coor- 
dination system. These fits to the data points (not shown) are in reasonable agreement 
mainly for those parts of the loops at which no domain processes do determine the mag- 
netization behavior. Taking into consideration the different thicknesses (5.6 nm for Fe 
and 3.0 nm for Co), the product of the saturation magnetization (assuming bulk-like 
behavior) and the layer thickness (M,-t) in the external field term of the free energy is 
about twice as high for the Fe layer as for the Co layer. Therefore the behavior of the 
Fe layer is expected to be influenced much stronger by the external field than of the Co 
layer. This is demonstrated by the results of the fits for *Fe and *Co of the easy axis 

hysteresis loops (see Figs. 2-4). 
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Figure 4. The MOKE hysteresis loop for a 
Cr thickness of 0.65 nm measured at 45° (easy 
axis configuration), showing a FM behavior 
(above); and the field dependence of the angles 
$pe and $c0 obtained from the fit (not shown) 
plotted for increasing field strength (below). 

In particular, the Fe spins flip already 
at small (reverse) magnetic fields while 
the spins in the Co layer remain in the 
original direction. Apparently the mag- 
netization of the Co layer follows the ro- 
tation of the Fe layer and not the external 
field. In addition the much higher coerci- 
tivity of individual Co layers (see Figs. 1) 
leads to the conclusion that Co must un- 
dergo a much more complicated domain 
structure. Due to the different magnetic 
behavior of Fe and Co (see Figs, lb-c), a 
nearly uncoupled Co/Cr/Fe trilayer shows 
hysteresis loops which are close to those 
shown in Figs, la for tQr=2.0 nm. 

The fits for the Cr thickness of 
tp_=2.0 nm reveal the absence of bilinear 
coupling (Ai2=0) and a weak biquadratic 
coupling (Bi2=-0.01 mJ/m2). Because 
the high coercitivity of the Co layer is 
not included in our model this biquadratic 
coupling value of Bi2=-0.01 mJ/m2 might 
represent the Co coercitivity and not a 
"real" biquadratic coupling. 

The shapes of the easy axes hysteresis 
loops for a weak AF coupling differ from 
those with a nearly uncoupled behavior, 
mainly by a slightly longer step in the loop 
for the former case. 
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Figure 5. Results of our fits to the data for A12+B12 as 
a function of the Ci spacer thickness. 

In Fig. 2 we present an easy axis hysteresis loop for weakly AF coupled Co and Fe 
layers at a Cr thickness tQr=1.15 nm (with the fit results Ai2=-0.03 mJ/m2, Bi2=-0.01 

mJ/m2). In comparison, for a weak FM coupling strength the length of the step decreases 
or the step nearly vanishes. It is interesting to note that the length of the step is very 
sensitive to the coupling behavior. 

In all cases with weak coupling characteristics, the Co spins first remain in their 
original spin alignment after the Fe spin flip occurs. With increasing field then domain 
and/or spin rotation processes occur. 

For a stronger AF coupling the Co spins change their alignment before the Fe spin 
flip occurs (see Fig. 3). For a Cr thickness of 1.35 nm the strongest AF coupling constants 
were found (Ai2=-0.12 mJ/m2 and Bi2=-0.08 mJ/m2). Note that a high biquadratic 
coupling constant B12 (compared to A12) is obtained. For Cr thicknesses between 0.85 nm 
and 1.05 nm, the shapes of the hysteresis loops again suggest a strong AF coupling. For 
this region we found coupling constants of (Ai2+Bi2=-0.05 ... -0.07 mJ/m2). In this case 
the biquadratic coupling constant B12, is much higher than the bilinear one, An. 

For a strong FM coupling we find hysteresis loops without any steps and a clear FM 
shape. In this case the Co layer couples so strongly to the Fe with FM spin alignment 
that the magnetization processes of both materials occur together. Such loops can be 
obtained at tQr=0.55 nm and t£r=0.75 nm. At tQr=0.65 nm the shape of the hysteresis 
loops suggests that the Co spins do not reach complete saturation after the spin flip 
(see Fig. 4). For all three Cr layer thicknesses the fits give a positive coupling constant 
A12 =0.07-0.09 mJ/m2. 

In Fig. 5 we present the results of our simulations for the coupling constants A12+B12 
as a function of the Cr spacer thickness. A long period coupling oscillation with a period 
of 10-11 ML is deduced from the two AF maxima at «9 ML and «20 ML and from the 
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FM maxima at 4-5 ML and «15 ML. The second long period AF maxima at tCr=2.85 nm 

(Ai2=-0.01 mJ/m2 and B12=-0.01 mj/m2) also can be deduced clearly from the shapes 
of the hysteresis loops in this Cr region. Also a 2 ML short period coupling might exist 
in this system. We obtained two strong AF maxima at «7 ML and «9 ML, separated by 
a region with weak coupling characteristics. But in other Cr-thickness regions no short 
period coupling can be found. . 

The odd Cr atomic layer number suggests a FM-hke Co/Cr interface exchange, as- 
suming an AF one for the Fe/Cr interface. 

In the case of Fe/Cr, biquadratic coupling can be observed mostly in a region between 
the AF and the FM maxima (see [9]). But our fits to the data for the Co/Cr/Fe tnlayer 
system suggest that the highest negative biquadratic coupling constant BJ2 occurs at the 
strong AF maxima. As previously mentioned the coupling constant Bi2=-0.01 mJ/m 
found (from the simulations) for most of the hysteresis loops in the case of a weak coupling 
may represent the coercitivity of the Co layer. The strong biquadratic coupling constants 
found at the AF maxima should be reduced by this value. This does not influence the 

main behavior. 

CONCLUSIONS 

In conclusion we have studied the magnetic properties of (Co/Cr/Fe) samples, as well 
as individual Co and Fe layers, by MOKE and FMR. We suggest coupled crystallograpnic 
(1120)Co domains with an almost 1:1 distribution of both domains causing a four-fold 
anisotropy behavior of the Co layer, with similar characteristics as for the Fe layer. I he 
MOKE hysteresis loops show an indication of a long period (10-11 ML) and a short period 
(2 ML) exchange coupling oscillation, with the AF maxima at odd numbers of AL ot the 
Cr spacer. The strongest AF maximum (with a coupling constant of -0.20 mj/m ) was 
found at 9 ML. The fits to the data also reveal a high biquadratic constant whenever the 

AF coupling shows maxima. ,,,„,,      JI       j r>  e±      T. 
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Studies of Exchange Coupling in Fe/Cu/Fe(001) "Loose Spin" Structures 
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Abstract: 
The interlayer exchange coupling has been studied in two trilayer structures: 
(a) 5.7Fe/5Cu/lFecCui_c/5Cu/10Fe(001), where c=0.0, 0.1, 0.2, 0.45 0.60 
(b) 5.7Fe/5Cu/lCrcCui.c/5Cu/10Fe(001), where c=0.1, 0.45, 0.8 and 1.0. 
The intention of these studies was to identify the role of Fe and Cr atoms in the alloyed FecCui_c 
and CrcCui_c layers on the direct interlayer coupling which is facilitated by the Cu valence 
electrons. FMR, BLS and MOKE studies were used to determine the interlayer exchange 
coupling. Mossbauer spectroscopy was used to identify the magnetic state of the Fe atoms in the 
alloyed layer. The results showed that the presence of foreign atoms inside the Cu spacer 
significantly decreased the bilinear antiferromagnetic coupling between the Fe layers. In the low 
concentration limit the Fe and Cr atoms behaved in a similar manner. A significant difference was 
found in the high concentration limit where the Fe atoms start to be partially magnetically ordered. 

Introduction: 
We have studied extensively the exchange coupling in structures which consisted of two Fe(001) 
ferromagnetic layers separated by a bcc Cu(001) non-ferromagnetic spacer (trilayers) [1-6]. 
Magnetic trilayers represent simple systems in which the magnetic behavior can be adjusted by 
careful control of the epitaxial growth. The magnetic properties were measured using 
Ferromagnetic Resonance (FMR), Brillouin Light Scattering (BLS), Magneto-Optical Kerr Effect 
(MOKE), and by Mossbauer spectroscopy (using a single atomic layer of *7Fe). The FMR 
measurements were carried out in the temperature range 77-400K. The BLS, MOKE and 
Mossbauer studies were performed at room temperature. 
Recently we have investigated the role of the "loose spins" of Fe atoms on the exchange coupling 
between ferromagnetic layers [1,5,6]. A single additional monolayer (ML) of FecCui_c was 
inserted inside the Cu spacer. The Cu spacer was surrounded by two Fe layers, Fel and Fe2, 
which were 5.7 and 10ML thick. In this paper we present the results of our investigation which 
was directed towards the study of the role of Fe and Cr atoms, inside the Cu spacer, on the direct 
exchange interlayer coupling facilitated by Cu itinerant electrons. The following structures have 
been investigated: 
5.7Fe/5Cu/FecCui-c/5Cu/10Fe(O01), where c=0.0, 0.1, 0.2, 0.45 and 0.60; 
5.7Fe/5Cu/CrcCui.c/5Cu/10Fe(O01), where c=0.1, 0.45, 0.8 and 1.0. 
The integers describe the number of MLs. The samples were grown on Ag(001) substrates held at 
room temperature (RT) using MBE. The layers were then covered by 20ML thick Au(001) to 
provide a protective layer for the ambient measurements. 
The total thickness of the interlayer in the above samples is 11ML. The exchange coupling 
through bcc Cu(001) interlayers was extensively investigated in our previous studies. It was 
found that the interlayer exchange interaction across 11ML of Cu reaches its maximum 
antiferromagnetic coupling. With a decreasing Cu thickness the interlayer exchange interaction 
changes rapidly to ferromagnetic coupling. It crosses zero coupling around 8 MLs of Cu. 

Results and discussion: 
All deposited layers were terminated at the RHEED intensity maxima, see Fig. 1. Alloyed layers 
were prepared by co-depositing Fe or Cr atoms together with the Cu. The RHEED intensity 
oscillations were not affected during the deposition of alloyed layers, see Fig.l, and therefore it is 
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Fig.l: RHEED intensity oscillations of the specular spot during the growth of the Cu spacer. The 
arrows point to the growths of the alloyed layers: 1(a) 45% Fe - 55% Cu, 1(b) 45% Cr - 55% Cu. 
The angle of incidence of the RHEED electron beam corresponds to the first anti-Bragg condition. 

a o 

£     h 

,   M       III 

_ .jfii.liliilLlaif   ilWlälfcÄi i iiiüiiw nr 
-6 -1 -2 C 2 1 ö 

velocity (mm/sec) 
-a      o       2       i 

velocity (mm/sec) 

velocity (mm/sec) 

Fig.2: Mossbauer spectra for the following samples: (2a) 5.7Fe/5Cu/l57Fe/5Cu; Fig.(2b) 
5.7Fe/5Cu/l57Fe/5Cu/10Fe; (2c) 5.7Fe/5Cu/l57Feo.5+Cu0.5/5Cu(001)/10Fe. The isomer shifts 
in (2a) and (2b) are 0.14,0.17 mm/sec respectively. The isomer shift forFe surrounded by Cu is 
expected to be 0.22 mm/sec. The samples (a) and (b) were grown using a 56Fe source for layers 
Fel and Fe2. The spectrum in (2b) is broadened by the presence of inhomogeneous hyperfine 
fields. The sample in (c) was grown using a natural Fe source for the growth of Fel and Fe2. The 
central doublet in (2c) is similar to that in (2a). The presence of satellites in (2c) is due to 
abundance (2%) of 57Fe in natural Fe. 
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reasonable to assume that the formation of alloyed layers followed the growth mode of the Cu 
spacer. 
The measured isomer shifts (i.s.) in Mossbauer spectra in samples 5.7Fe/5Cu/l57Fe/5Cu and 
5.7Fe/5Cu/l57Fe/5Cu/10Fe, see Fig.2a,b, showed that the 57Fe atoms were surrounded on 
average by -70% of Cu. In a perfect bcc lattice each Fe atom in the Fe layer would be surrounded 
only by Cu atoms; the above result implies that during the growth of the alloyed layer there is 
some tendency for Fe atoms to move vertically. The Mossbauer spectra for 5.7Fe/5Cu/l57Fe/5Cu 
and 5.7Fe/5Cu/l57Feo.5+Cuo.5/5Cu(001)/10Fe show a single central doublet, see Fig.2a,c. The 
central doublet is broadened by the distribution of isomer shifts due to the different atomic 
surrounding of the 57Fe atoms. The central broad peak in sample 5.7Fe/5Cu/l57Fe/5Cu/10Fe, see 
Fig.2b, indicates that the second Fe2 layer leads to a partial ferromagnetic ordering of 57Fe. 
However a relatively narrow doublet in sample 5.7Fe/5Cu/l 57Feo.5+Cuo.5/5Cu(001)/10Fe, see 
Fig.2c, shows that the Fe atoms dispersed in smaller concentrations between Cu atoms have 
fluctuating magnetic moments at RT and therefore can be considered as "loose spins". 

Slonczewski recently proposed a model based on the concept of "loose spins" [7]. "Loose 
spins" contribute to the total exchange energy. The exchange energy of "loose spins" due to the 
RKKY field of the surrounding Fe layers can be expressed as 

E= (U12+U2
2+2UiU2cos(0))O-5 

where Ui and U2 describe the exchange energy between a "loose spin" atom and ferromagnets 
Fel and Fe2. 0 is the angle between the magnetic moments of the surrounding ferromagnetic 
layers Fel and Fe2. The free energy of the "loose spins" is then used to evaluate the contribution 
of "loose spins" to the bilinear and biquadratic exchange coupling. The exchange coupling 
between ferromagnetic layers separated by a non-magnetic spacer can be described by 

E=-Ji.cos(0) + J2.cos2(0) 

where Ji (bilinear) and J2 (biquadratic) exchange couplings are measured in ergs/cm2 and 0 is the 
angle between magnetic moments in two iron films. 

The exchange coupling between Fe layers was measured using FMR, BLS and MOKE. 
FMR studies were carried out from 77 to 373 K, BLS studies and MOKE studies were performed 
at RT only. The results of our FMR studies are shown in Fig.3. Values of the total exchange 
coupling, Jtot(T)=Ji-2J2, were obtained from the absorption peak fields corresponding to the 
acoustic and optical FMR modes, see details in [2,3]. The field positions of cusps in the BLS 
measurements, see Fig.4a, and the fields corresponding to saturated and antiferromagnetic 
configurations of the magnetic moments in MOKE measurements, see Fig.4b, allow one to 
determine the individual values of Jj and J2 [2,3]. The exchange coupling in Fe/Cu/Fe(001) 
samples having a pure Cu spacer was studied extensively in our previous work [4]. The exchange 
coupling through a pure 11ML Cu layer is strongly antiferromagnetic and reaches its maximum 
value at this thickness. For Cu thicknesses less than 8 ML the coupling is ferromagnetic and 
rapidly increases with a decreasing Cu thickness. It is tempting to assume that the coupling Ui 
and U2 between a "loose spin" and the surrounding Fe layers Fel and Fe2 is nearly the same as 
that between ferromagnetic layers separated by a Cu spacer of an equivalent thickness. Our choice 
of samples was guided by this simple assumption. One expects that in our structures Uj=U2 since 
the "loose spins" were surrounded by two Cu layers having equal thicknesses. An extrapolation 
of the thickness dependence of the exchange coupling in Fe/Cu/Fe samples suggests that the 
strength of Ui and U2 should not significantly exceed 6K. For this case the Slonczewski "loose 
spin" model predicts a small ferromagnetic bilinear coupling (with J2~0) and a 1/T dependence on 
temperature, see Fig.3a. The measured exchange coupling in 5.7Fe/5Cu/FecCui_c/5Cu/10Fe(O01) 
samples decreases rapidly with an increasing concentration, c, of Fe, see Fig.3a. This is in 
qualitative agreement with the Slonczewski's model of "loose spins". The measured temperature 
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dependence of Jtot(T) can be fitted with a combination of linear and 1/T terms. However, the 1/T 
terms are significantly larger and more importantly they have opposite sign to that expected from 
the Slonczewski's model, see Fig.3a. Therefore, the 1/T terms in Jtot(T) are not likely caused by 
"loose spins" It is more probable that the presence of Fe atoms inside the Cu spacer decreases the 
direct bilinear exchange coupling, Ji(T). The Fe impurity atoms in the middle of the Cu spacer 
create a local electronic potential which affects the spin dependent reflectivity of the Cu itinerant 
electrons at the Fel/Cu and Cu/Fe2 interfaces which facilitate the direct exchange coupling [8]. 

0 100 200 300 

Temperature (K) 

Fig.3a: The total exchange coupling h-^h 
c= 0.1 (A), 0.2 (D), 0.45 (C), 0.60 «>)• 
thick Cu spacer. (X) symbols represent the 
using U1=U2=6K. 
Fig.3b: The total exchange coupling J1-2J2 
c=0.1 (A), 0.45 (O), 0.8 (V) and 1.0 (#). 
thick Cu spacer. 
The solid lines through points for all the " 
where T is temperature in Kelvin, and a, b, 

Temperature (K) 

in series 5.7Fe/5Cu/lFecCui-c/5Cu/10Fe(001), where 
The bottom solid line corresponds to a pure 11 ML 
calculated values of the "loose spin" bilinear coupling 

in series 5.7Fe/5Cu/lCrcCui^/5Cu/10Fe(001), where 
. The bottom solid line corresponds to a pure 11 ML 

"loose spin" samples are fits of the form a+b*T+c/T, 
c are constants. 

In high concentration limit of Fe, c > 0.6, the interlayer exchange coupling becomes 
ferromagnetic [1] and is weakly dependent on temperature. These results show that a partial 
ferromagnetic ordering as evidenced by Mossbauer spectra, see Fig.2b, strongly enhances the 
coupling between the ferromagnetic layers and results in a noticeable ferromagnetic interlayer 
coupling The exchange coupling between the Fel and Fe2 ferromagnetic layers (5.7 and lOMLs) 
is then facilitated through the partially ordered middle layer ("loose spin" layer). Since the 
coupling through 5ML thick Cu spacer layer is ferromagnetic the resulting exchange coupling in 
5.7Fe/5Cu/FecCui-c/5Cu/10Fe samples becomes increasingly more ferromagnetic when c ->1. 

- In this paper we present our recent measurements in which the "loose spin" Fe atoms were 
replaced by Cr atoms. The main idea in this study is to replace the Fe atoms inside the Cu spacer 
with the Cr atoms which have similar valence bands (3d, 4sp) to those of Fe atoms, but which do 
not possess a long range ferromagnetic order. In high concentration limit the Cr magnetic 
moments order antiferromagnetically, but their Neel ordering temperature is expected to be well 
below LN2 temperatures; therefore the Cr atoms should maintain their "loose spin" character 
better than the Fe atoms. 
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Fig.4a: BLS peak frequencies against applied magnetic field for sample 
5.7Fe/5Cu/lCro.45Cuo.55/5Cu/10Fe(001). The upper and lower branches correspond to the 
acoustic and optical precessional modes. The solid lines represent theoretical fits with Ji=0.074 
ergs/cm2 and J2=0.015 ergs/cm2; 47tMeff=4.25 kG, 13.55 kG, 2Ki/Ms=0.018, 0.24 KOe for the 
Fe layers 5.7 and 10ML thick, respectively. The upper cusp corresponds to the field Hi at which 
the magnetic moments start to turn away from the applied field, the lower cusp corresponds to the 
field H2 at which the magnetic moments orient antiparallel. 
Fig.4b: The magnetization curve of sample 5.7Fe/5Cu/lCro.45Cuo.55/5Cu/10Fe(001) obtained by 
MOKE measurements. The position of fields Hi (saturation state) and H2 (antiparallel state) were 
obtained using Ji=0.077 ergs/cm2 and J2=0.015 ergs/cm2 with the same magnetic properties of 
the individual Fe layers as given in the caption for Fig.4a. 

The exchange coupling in 5.7Fe/5Cu/lCrcCui-C /5Cu/10Fe samples was measured by 
FMR, BLS and MOKE. The results of FMR, BLS and MOKE studies are summarized in Table I 
and n. The temperature dependence of Jtot(T) is shown in Fig3b. The results of FMR, MOKE 
and BLS measurements are in good agreement. The exchange coupling again decreases with an 
increasing concentration of Cr atoms. The room temperature measurements of Ji and J2, see 
Table n, showed that the observed decrease in the exchange coupling is mostly caused by a 
decrease in the bilinear coupling, Ji. The biquadratic coupling, J2, in 5.7Fe/5Cu/lCrcCui-c 
/5Cu/10Fe samples is very close to that in a pure 11ML thick Cu interlayer grown at RT and to 
those in 5.7Fe/5Cu/FecCui-c/5Cu/10Fe(001) samples [6]. However there are some noticeable 
differences. In a low concentration limit the exchange coupling in the Cr samples decreases with 
an increasing concentration of Cr more rapidly than in the Fe samples, Fig.3. This trend changes 
in high concentration limit. The decrease in the antiferromagnetic exchange coupling slows down 
with an increasing concentration of Cr, see c=0.8 and 1.0 samples. In fact even 1 ML of Cr 
maintains antiferromagnetic exchange coupling through the Cu spacer. Again as in the FecCui-C 

samples, the temperature dependence of the exchange coupling, Jtot(T), can be fitted by linear and 
1/T terms. However, no direct dependence between the strength of the 1/T terms and the 
appropriate concentrations of Cr and Fe atoms was found. This behavior combined with the 
incorrect sign clearly indicates that the 1/T terms are not caused by "loose spin" contributions as 
envisioned by Slonczewski's model. 
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Table I: Summary of results of FMR studies on 5.7Fe/5Cu/lCrcCui_c/5Cu/10Fe samples. Each 
sample is denoted by the fractional concentration (c) of chromium in the alloy single layer. All the 
results are quoted in ergs/cm2. 

c=0.1 c=0.45 c=0.8 c=1.0 

T(K) 77 195 295 375 77 195 295 375 77 195 295 375 77 195 295 375 

-Jtot .278 .192 .134 .095 .244 .153 .104 .070 .223 .118 .082 .056 .223 .108 .062 .035 

Table II: Summary of results of BLS and MOKE studies at room temperature on 
5.7Fe/5Cu/lCrcCui-c/5Cu/10Fe samples. Each sample is denoted by the fractional concentration 
(c) of chromium in the alloy single layer. All the results are quoted in ergs/cm2. 

c=0.1 c=0.45 c=0.8 c=1.0 

method BLS MOKE BLS MOKE BLS MOKE BLS MOKE 

-0.137 -0.134 -0.106 -0.104 -0.105 -0.082 -0.076 -0.062 

Ji -0.127 -0.098 -0.077 -0.074 -0.050 -0.048 -0.040 -0.038 

h 0.005 0.018 0.015 0.015 0.028 0.017 0.0178 0.012 

Conclusions: 
The above measurements indicate that the interlayer exchange coupling is decreased by 

modifying the spin dependent reflectivity of the spacer electrons by the inner electronic potential of 
the Fe or Cr atoms inside the Cu spacer. In high Fe concentration limit, c -»1, the character of the 
exchange coupling starts to be strongly affected by the onset of a long range ferromagnetic order 
in the FecCui-C layer. The Cr atoms in the Cu spacer also decrease the antiferromagnetic 
coupling. However, the exchange coupling remains antiferromagnetic even for c=l. 
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Interlayer Coupling in Magnetic/Pd Multilayers 

Zhu-Pei Shi and Barry M. Klein 
Department of Physics, University of California, Davis, CA 95616 

Abstract 
The Anderson model of local-state conduction electron mixing is applied 
to the problem of interlayer magnetic coupling in metallic multilayered 
structures with palladium (Pd) spacer layers. An oscillation period of 5 
spacer monolayers and the tendency towards ferromagnetic bias of the 
interlayer magnetic coupling that we obtain are consistent with the ex- 
perimental data. 

The discovery of oscillatating interlayer magnetic couplings between ferromagnetic layers 
separated by a nonmagnetic metallic spacer [1] and of the related giant magnetoresistance 
effect [2], has stimulated a lot of experimental and theoretical activity. It has been shown 
that the periods of the coupling are related to the topology of the Fermi surface of the spacer 
layers. This interpretation has been confirmed by model and first-principles calculations, 
and is also supported by experiments [3, 4]. There are, however, other aspects of the 
coupling, e. g., the bias (ferro- or antiferro-magnetic) of the interlayer magnetic coupling, 
which have not been fully explained. 

For Fe(OOl) layers separated by Pd(OOl) spacers of thickness between 4 and 12 ML 
the interlayer magnetic coupling is observed to have a strong ferromagnetic bias as seen 
in the experiments [5]. Above a 13 ML thickness of the Pd spacer the coupling begins 
to be antiferromagnetic. Metallic Pd is believed to be near the threshold of becoming 
ferromagnetic. The non-relativistic calculations of Moruzzi and Marcus [6] and of Chen et 
al. [7] predicted the onset of ferromagnetism in fee palladium with a 5% expanded lattice. In 
a recent publication the ferromagnetic bias of the coupling in magnetic multilayer structures 
with a Pd spacer is explained in terms of the Pd as an almost ferromagnetic media [3]. 
Alternatively, in this paper, we interpret this ferromagnetic bias to be a consequence of a 
competition between RKKY-like and superexchange couplings, with RKKY coupling being 
dominant. 

The RKKY-like coupling comes from intermediate states which correspond to spin exci- 
tations of the Fermi sea. States corresponding to electron-hole pair production in the Fermi 
sea, with an attendant spin-flip, contribute to the RKKY coupling as [8]; 

jRKKY{q)= 2^ 1 —7z 715 ; : + c.c.j,      (i) 

where 9 is a step function, SF is the Fermi energy, k' = k + q + G, G is a vector of 
the reciprocal lattice, e+ is the energy of the local impurity state, and Vnk represents the 
strength of the s — d mixing interaction [9]. 

177 

Mat. Res. Soc. Symp. Proc. Vol. 384 ° 1995 Materials Research Society 



The superexchange coupling arises from charge excitations in which electrons from local 
states are promoted above the Fermi sea (one from each layer) providing a second contri- 
bution to the coupling in addition to the RKKY coupling [8]: 

n,,n,,* {£n2k'-e+) E„lk - £+ 

The real space coupling between two sheets of spins can be obtained by Fourier trans- 
forming Eqs. (1) and (2) [8], with the coupling in the real space given by, 

Mz) = 2^ /0 
di* i(fc)cos (i*z) > (3) 

where a is a lattice constant, and z is in the direction perpendicular to the magnetic layers. 
The sign is chosen so that positive Jt(z) signifies ferromagnetic coupling. 

Using the Slater-Koster parameters [10], one can easily diagonalize small matrices (9x9 
for a typical transition metal) to obtain the energy bands and density of states (DOS) for 
fee Pd. The electron wave function | n, k > is a Bloch state belonging to band n and wave 
vector k, and is expressed as linear combinations of localized Orbitals: 

I ».k >= -jjj E e'k'R"  E «n.(k) «,-(r - R.)   , (4) 

where N is the number of cells in the material considered, R„ is a lattice vector, u;(r — R„) 
is the ith orbital basis function, and a„,(k) is a (real) normalized eigenvector compo- 
nent determined by diagonalization of the single-particle Hamiltonian. We use a plausi- 
ble approximation KifcKV*' = V2 M*lkn2k, (q) [8],where the matrix element is defined as 
Mnik,nik' =< "ik | e'qr | n2k' >• The explicit expression for the matrix element is 

M, k,n2k> = E «**"  E ö-(k) a„2j(k')  / dt «,■(!•) e*>* «,-(r - R.)   . (5) 

The essential conditions for the simplication of this matrix was already discussed by Call- 
away et al. [11]. Ui(r) are approximated as Clementi wave functions for the d states [11], 
and an,-(k) can be related to the Slater-Koster parameters in Ref. [10]. 

We consider one local level below SF for simplicity and set e+ = SF — Eh, where Eh 
is the energy required to promote an electron from an occupied local magnetic impurity 
level to the Fermi level. Based on the band structure of bulk paramagnetic Pd, we have 
calculated the couplings JRKKY(QZ) and js(<lz) with Eh = 0.08 Ry, as shown in Fig. 1. 

The couplings in real space are plottted in Fig. 2. The dashed line, dotted line and 
solid line are for RKKY-like, superexchange, and RKKY + Superexchange couplings, re- 
spectively. We see that the superexchange interaction gives a small contribution to the 
coupling, and the total coupling has a strong ferromagnetic bias. This tendency for a 
ferromagnetic bias resembles the experimental observation in Fe/Pd(001) trilayered struc- 
tures [5]. The 5 ML oscillation period in the calculated interlayer magnetic coupling J(z), 
as shown in Fig. 2, corresponds to the peak at qz ~ 0.4 — in JRKKY{1Z)- It agrees with the 
experimental period of 4 — 5 ML in Fe/Pd/Fe(001) for trilayered structures [5]. 

We explain the result of ferromagnetic bias for multilayers with Pd spacers as being 
due to the structure of the Pd DOS and the location of the Fermi level, as shown in 
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Figure 1: RKKY-like coupling, JRKKY{<IZ), and superexchange coupling, js(qz), for Pd(001) 
spacers in reciprocal space calculated with Eh = 0.08 Ry. V is expressed in rydbergs. 
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Figure 2: Interlayer magnetic coupling in the real space. The dashed line and dotted line 
are for RKKY-like and superexchange couplings, respectively. The solid line is for the total 
coupling (RKKY+superexchange). 
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Figure 3: Density of states for Pd. 

Figure 4: The total interlayer magnetic coupling for a densities of states with a peak below, 
but near, the Fermi surface. Ferromagnetic bias appears in the coupling. 
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Figure 5: Interlayer magnetic coupling as a function of Pd spacer thickness. The solid line 
and filled circles are our calculations and the experim ental data observed at T = 77 K [13], 
respectively. The theoretical (experimental) results are refered to the left (right) scales. 

Fig. 3. In particular, the fact that the Fermi level falls above a peak in the DOS followed 
by a relatively smooth and structureless DOS, results in a relatively small superexchange 
contribution above ~ 4 ML, and leads to a ferromagnetic bias driven by the large RKKY 
coupling. 

To confirm our explanation of the cause of the ferromagnetic bias we use a free-electron 
gas model which enables us to obtain analytic results for the couplings. In a previous 
study [12], we showed that in the free-electron gas approximation, RKKY + Superexchange 
coupling resembles pure RKKY coupling, but without any magnetic bias. To illustrate the 
effect of a peak in the density of states on top of a free electron-like background, we use a 
"toy model" calculation by adding a Lorentzian shaped peak to the DOS of the free electron 

gas, 

D^ = ^+
{EleF% + »   < (6) 

where the position of the peak is at Ev = p eF, and h adjusts height of the peak (small h 
corresponds to a large peak). For example, by fixing the position (p = 0.9, below the Fermi 
level) and increasing the height of the peak (e.g., h = 0.3), ferromagnetic bias occurs in 
the coupling, as shown in Fig. 4. We noted that in multilayer structures with a Cr spacer, 
RKKY + superexchange coupling gives an antiferromagnetic bias due to the structure of 
the DOS, with a peak above, but near to the Fermi level eF [12]. This is also confirmed in 
our "toy model" calculations. 

The coupling observed in the experiments contains a bilinear exchange interaction Ji 
and a biquadratic exchange interaction J2. In conventional notation, Jcxp = J\ — 2J2 [3]. 
Here, RKKY-like and superexchange couplings are contained in the bilinear coupling, Jj, 
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and a positive Ji favors a perpendicular magnetic coupling. The ratio of J2/J1 observed 
in the multilayer structures with Cr spacers is about 0.3 - 0.5 [13]. Magnetic multilayer 
structures with Pd spacers also have a relatively large biquadratic exchange interaction 
J2 [3]. With a proper choice of positive J2 (J2/J1 * 0.5 at 13 ML), the bias can switch to 
antiferromagnetic for spacer thickness greater than 13 ML, as is observed experimentally. 
One can see that our calculated interlayer magnetic coupling with Pd spacers can be used 
to explain the experimental data [5] as shown in Fig. 5. 

In summary, our model calculation has been able to reproduce the two salient features 
of the interlayer magnetic coupling in Fe/Pd(001) multilayer structures: large but rapidly 
decreasing ferromagnetic bias, and a 5 ML oscillation period. The ferromagnetic bias 
arises from the competition between the RKKY-like and superexchange couplings due to 
the special features of the palladium DOS: relatively large peak below, but near to the 
Fermi level, and a small DOS above the Fermi level. 

This research was supported by the University Research Funds of the University of 
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STRUCTURAL COHERENCE AND MAGNETIC COUPLING IN Fe/Si 

C.L. FOELES, M.R. FRANKLIN AND R. LOLOEE 
Michigan State University, Department of Physics and Center for Fundamental Materials 
Reasearch, East Lansing, MI 48824 

ABSTRACT 

A number of studies have inferred the presence of an Fe-silicide in Fe/Si multilayers. Our 
transmission electron diffraction data provide direct evidence for the presence of an Fe-silicide. 
Despite similarities in structural coherence and saturation magnetization behavior for Fe/Si and 
Fe/{FeSi}, direct evidence for Fe-silicide only occurs for the Fe/{FeSi} multilayers. 

INTRODUCTION 

The properties of Fe layers separated by Si spacer layers are a topic of current interest. Prior 
to the early 1990's studies had involved thick Si layers, 35Ä or greater, with varying Fe layers 
thicknesses and a consistent pattern of properties had emerged. Fe layers >20Ä were isolated 
crystalline units having a reduced magnetization and there was no magnetic coupling between 
these layers. As the layer thickness dropped below 20Ä these Fe layers became amorphous and 
near a thickness of 12Ä they ceased to be magnetic [1]. Recently a number of studies have 
found quite different properties when the spacer layer is thin. Toscano, et al. found evidence of 
an oscillating magnetic coupling in evaporated FeSiFe trilayers when the Si layer thicknesses 
were in the range of 7 to 30Ä [2]. A group at Argonne reported both a non-oscillating, 
antiferromagnetic coupling and a structural coherence between Fe layers for sputtered Fe/Si 
multilayers with thin Si spacer layers [3]. The magnetic coupling was a maximum for 14Ä Si 
layers and structural coherence was lost as the Si layer thickness increased above 17Ä. The 
Argonne group subsequently reported antiferromagnetic coupling through a thicker spacer layer 
and structural coherence up to spacer layers of 40Ä when the spacer was a mixture of Fe and Si 
[4]. There are independent reports that this magnetic coupling can be modified optically [3,5]. 
More recently, Inomata, et al. studied electron transport in sputtered Fe/Si multilayers and 
reported a magnetoresistance (MR) that is negative and has a significant change in its 
temperature dependence as the Si layer exceeds 15Ä [6]. They also claim a change in coupling 
from ferromagnetic to antiferromagnetic at room temperature for their samples. 

The structure of these thin Si spacer layer samples is not well determined. Toscano, et al. 
explain the magnetic coupling in the FeSiFe trilayers by claiming that the Si layer is an 
amorphous semiconductor [2]. The Argonne group use a number of properties to infer that the 
coupling and structural coherence are related to the formation of Fe-silicides [3,4]. Inomata, et 
al. use the temperature dependence of magnetic properties to infer that their Si spacer layers are 
a narrow gap Fe-silicide, e-FeSi, when the Si layer is less than 15Ä and is a combination of this 
suicide and amorphous Si when the Si spacer thickness is greater than 15Ä [6]. 

In an earlier study we used transmission electron diffraction (TED) in an attempt to obtain 
direct evidence for Fe-silicides in sputtered Fe/Si and found no such evidence [1]. In the present 
paper we report the extension of our TED study to Fe/{FeSi} multilayers: samples for which the 
spacer layers are a mixture of Fe and Si, {FeSi}. We also report the results for reflection X-ray 
diffraction (XRD) studies done using a rotating anode and a synchrotron source.   . 
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EXPERIMENTAL PROCEDURES 

The samples were prepared by DC magnetron sputtering using conditions similar to those 
used by the Argonne group [3,4]. The sputtering environment was pure Ar at a pressure of 2.5 
mTorr and 16 different samples could be made during each preparation run. A computer 
controlled substrate holder placed an unmasked substrate over the proper targets with a time 
pattern needed to obtain nominal thicknesses. The sputtering rates of the targets were 
determined by quartz crystal thickness monitors at the start of each preparation run and were 
remeasured several times during the run. A detailed description of this system has been 
published [7]. The Fe layers in all samples were nominally 28.7Ä thick, approximately 14 
monolayers, and pure Si spacer layers varied from 10 to 30Ä in thickness. {FeSi} spacer layers 
were formed by sputtering about 2Ä of Si and then 2Ä of Fe and repeating this sequence to 
obtain total spacer thicknesses varying from 12 to 40Ä. Sapphire, crystalline Si and cleaved 
NaCl were used as substrates. The total multilayer thickness on all substrates was about 500Ä. 
The only significant change in the preparation of the Fe/Si multilayers was the total thickness 
for samples on sapphire and Si; these multilayers had a total thickness of about 2000Ä. 

Standard 6-26 XRD using a rotating anode system with a Cu target and a graphite 
monochromator preceding the detector provided the initial structural characterization of the 
samples. Subsequently, XRD data for a number of samples was collected at NSLS on beamline 
X3B1. Portions of the sapphire and Si substrate samples were used for magnetization 
measurements in a SQUID magnetometer. These measurements were done at 5K and the field 
was typically applied parallel to the multilayer film. A number of measurements were done in 
perpendicular fields as a consistency test. Portions of the multilayer films were floated off the 
NaCl substrates and onto Cu grids for TED studies in a field-emission STEM that permitted 
online examination of results. These TED data provided in-plane diffraction results and at least 
three different regions of each multilayer film were studied to test sample uniformity. 

RESULTS AND DISCUSSION 

Although there are variations in the absolute intensity for samples of comparable thickness 
on different substrates, the XRD Bragg peak locations are independent of the substrate used to 
within experimental error. Low angle XRD data confirm that all samples have a layered 
structure. The Fe/{FeSi} samples with thicker spacer layers typically have more than 2 peaks 
and 5 was the maximum number of peaks observed. The corresponding numbers for low angle 
peaks with our Fe/Si samples were 3 and 8 [1]. The higher angle XRD data have a Bragg peak 
consistent with the <110> line of Fe. For the entire range of {FeSi} spacer thicknesses the 
FWHM of this line lies between 0.51 and 0.68 degrees and indicates a structural coherence 
extending over 3 bilayer distances for all but the thickest {FeSi} spacer layer. This thickest 
spacer, 40Ä thick, has structural coherence over 2 bilayer distances. This result differs from our 
Fe/Si results where structural coherence occurred only for Si spacer layers thinner than about 
15Ä. Our results for both Fe/Si and Fe/{FeSi} are consistent with the results reported by the 
Argonne group [3,4]. 

The variation in location of these <110> lines is shown as d-spacings in Figure 1. The 
patterns are different for Fe/Si and Fe/{FeSi} and are consistent with the differences in 
structural coherence found for these samples. The d-spacing for the <110> line of bulk BCC Fe 
is 2.027Ä and the d-spacing we measure for a 450Ä film of pure Fe on a NaCl substrate is 
2.025Ä. Alloying Si into Fe causes a decrease in d-spacing proportional to the-Si content [8]. 
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When two different crystalline materials having similar d-spacings are used to form the bilayer 
unit of a multilayer, XRD data for the layer thickness range used in the present study produce a 
single d-spacing that is a weighted average of two d-spacings. Thus, the gradual decrease in d- 
spacing with increasing spacer thickness for the Fe/{FeSi} samples is consistent with the 
presence of an increasing amount of crystalline Fe-Si alloy in the bilayer unit. Since the {FeSi} 
is formed under non-equilibrium conditions, any speculation on its structure should be limited. 
Therefore, we simply note that the entire range of d-spacings in Figure la is within the range of 
2.027Ä and 2.006Ä which are the respective d-spacings of pure Fe and the solubility limiting 
Fe(23.4%Si) alloy. In Figure lb the Fe/Si samples having thin Si layers and structural 
coherence show an even greater decrease in this d-spacing. For Fe/Si samples with thicker Si 
layers the structural coherence is lost and both the d-spacing and the FWHM of the observed 
<110> line are consistent with the structural coherence being limited to one bilayer unit. 

The presence of satellites surrounding the <110> line are additional confirmation of 
layering. In the XRD data obtained with the rotating anode system, observation of one weak 
satellite is typical although 2 satellites are observed for the two thickest {FeSi} spacer layers. 
For the XRD data obtained using the synchrotron source at NSLS, observation of 2 satellites is 
typical. The satellite on the lower angle side of the <110> peak is always stronger. Figure 2 
shows the strengths of these satellite peaks, normalized to the strength of the <110> peak to 
remove texture effects, as a function of {FeSi} spacer thickness. With the exception of the 

Figure 1. Location of the <110> peaks in X-ray data as a function of spacer layer thickness. 
This location is given as a d-spacing. 
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thickest spacer layer sample, a monotonic increase with spacer thickness occurs. Comparison of 
this data with other studies is not possible: the Argonne group did not report satellite intensity 
results [3,4] and Inomata, et al. did not observe satellites in their XRD data [6]. 

The magnetic properties of our multilayers are consistent with those reported in the other 
studies. Like both previous studies [3,6] we observe a reduced saturation magnetization for 
Fe/Si multilayers that is about 70% that of a comparable amount of pure Fe [1] and is basically 
independent of Si spacer layer thickness. For our Fe/{FeSi} multilayers, assuming the Fe in the 
{FeSi} spacer is non-magnetic and then normalizing the measured saturation magnetization to 
the nominal Fe layer thickness gives a value that agrees with the bulk Fe result and is 
independent of {FeSi} spacer layer thickness. Normalizing the measured results to the nominal 
thickness of the total amount of Fe in the multilayers gives a result that decreases monotonically 
with spacer layer thickness: from 85% for the 12Ä spacer layer to 58% for the 40Ä spacer layer. 
Either normalization gives a different result than that found for Fe/Si multilayers. Additional 
measurements are needed to determine whether the Fe in the {FeSi} spacer layer is magnetic 
and/or affects the reduction of magnetization for the nominally pure Fe layer. The need for large 
parallel fields to achieve saturation is used as evidence of antiferromagnetic coupling. The 
region of spacer layer thicknesses requiring large parallel fields for saturation occurs at larger 
thickness values in our Fe/{FeSi} multilayers than in our Fe/Si multilayers. The Argonne 
group report a comparable result [4]. 

Although the preceding results establish a basic consistency among the various studies, that 
consistency does not provide any decisive evidence for the inferred or assumed presence of Fe- 
silicides. Since studies of single Fe-Si interfaces are numerous and produce evidence for suicide 
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Figure 2.   Satellite peak intensities as a function of spacer layer thickness.   All values are 
normalized to the intensity of the <110> peak for their respective samples. 
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formations that are highly dependent upon growth method and conditions [9,10], reliable 
extrapolation of such results to repetitive interfaces in sputtered multilayers is difficult. Direct 
evidence for Fe-silicide in multilayers is needed and TED data for our Fe/{FeSi} samples give 
that direct evidence. All samples show 10 or more lines that are consistent with BCC structure 
and "most" samples show one additional line which we attribute to an Fe-silicide. If a very 
weak line in only one region of a sample is accepted as evidence, "most" becomes all. No 
sample shows more than 2 non-BCC lines and, in fact, only two samples have 2 lines. Neither 
the number of these Fe-silicide lines nor their strengths scale in any simple manner with the 
{FeSi} layer thickness. The 16Ä and 40Ä {FeSi} spacer layer samples are the multilayers 
having 2 non-BCC lines. Using the bulk Fe spacings for the BCC lines, the d-spacings of these 
2 non-BCC lines are 3.08Ä and 2.51Ä. 

With only 2 different lines being observed and the majority of samples giving only a single 
line, identification of the Fe-silicide is suggestive but not definite. The non-BCC line most 
frequently observed is the one with a d-spacing of 2.51Ä. This value is nearly 0.1Ä smaller than 
that of the <111> line in e-FeSi. The less frequently observed line with a 3.08Ä d-spacing is a 
comparable shift from a <110> line. The <210> and <321> lines of £-FeSi are much stronger 
than these <110> and <111> lines in the x-ray powder patterns for this suicide but these higher 
index lines have d-spacings that are consistent with them being hidden under the observed BCC 
lines. Thus, we suggest that identification of the suicide as e-FeSi is plausible but remind the 
reader that the non-equilibrium conditions associated with preparation of multilayers need not 
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produce equilibrium suicides.  The weakness of these lines as well as possible crystal texture 
effects prevent any estimate for the amount of silicide present. 

The electron microscope images of our samples provide additional information about 
structure in the multilayers. All the Fe/Si multilayers and Fe/{FeSi} multilayers with spacer 
thicknesses below 26Ä produce homogeneous images. However, samples with {FeSi} spacer 
layer thicknesses of 28Ä or greater give images indicative of two phase material: the bright field 
images are dominantly dark (one phase) with small lighter regions (inclusions of another phase). 
The dominant phase is crystalline and exhibits the Bragg peaks discussed in the preceding 
paragraphs. The lighter phase is amorphous and has a yet to be determined composition. The 
formation of two phases may be related to the change in normalized satellite intensities at the 
largest spacer thickness shown in Figure 2. 

CONCLUSIONS 

X-ray diffraction data establish a consistent pattern of structural coherence in Fe-Si 
multilayers. However, in-plane diffraction data (TED in the present study) produce non-BCC 
peaks that are direct evidence for the presence of Fe-silicide in Fe-Si multilayers. These peaks 
occur in Fe/{FeSi} multilayers, do not occur in Fe/Si multilayers, and give a plausible match to 
the peaks for a single equilibrium silicide. Electron microscope images of our Fe/{FeSi} 
multilayers indicate that a two phase material is formed for thicker {FeSi} spacers layers. These 
results suggest that inferring the presence of suicides from detailed features in XRD data or 
macroscopic properties has limited value. For samples having structural coherence over more 
than one bilayer, the coherence lengths determined from XRD data are comparable for Fe/Si and 
Fe/{FeSi} multilayers but Fe-silicide peaks are only observed in the latter samples. Systematic 
changes in the position of the <110> Bragg peak are consistent with structural coherence but 
give no evidence for either silicides or a change at the {FeSi} spacer layer thicknesses for which 
electron microscope images show evidence of two phases with different structures. Changes in 
structural coherence and sample homogeneity produce no clear effects in saturation 
magnetization. 
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ABSTRACT 

The ideal magnetic switching mechanism for many types of data storage, including hard disk 

recording, is isolated domain coherent rotation (Stoner-Wohlfarth switching). However, in 

typical Pd/Co multilayers with high coercivity, the dominant switching mechanism is domain wall 

motion, which causes noise in the read back signal. We show that the proper addition of 

elements, such as carbon, into Pd/Co multilayers reduces the coupling between adjacent magnetic 

domains. The reduction of magnetic coupling reduces the length scale over which incoherent 

switching occurs. 

Introduction 

Pd/Co multilayers with high perpendicular anisotropy are prospective candidates for 

perpendicular recording media[l]. In typical Pd/Co multilayers with high coercivity, the dominant 

switching mechanism is domain wall motion, which causes transition noise[2]. 

In thin film recording media, when the linear density is over 100,000 bits per inch, noise is a 

prominent factor which impedes further increases in the linear density. One way to decrease the 

transition noise is to reduce the coupling between adjacent domains, effectively increasing the 

number of statistically independent particles involved in storage of a bit. 

Carbon was selected to achieve grain isolation because it commonly adopts interstitial lattice 

positions and is relatively immiscible with Co and Pd, with a solid solubility limit of less than 

1%. 

Experimental 

Multilayers were grown in a high vacuum deposition system equipped with a 14" APD 

cryopump and three 1.3" sputter deposition sources. Substrates were baked at 100°C prior to 

deposition to remove environmental deposits. Pd was RF sputtered at a power of 25W, Co was 

DC sputtered at 20W, and C was DC sputtered at 40W. The carbon/cobalt volume ratio was 

expected to be 10% based on the relative sputter yields[3]. Measured lattice parameter changes 

upon the incorporation of carbon indicated that the cobalt layer initially contained 8 at% carbon, 

assuming that the carbon in the lattice existed at interstitial sites. Measurement of the total film 
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thickness increased by 10% upon incorporation of carbon, indicating that about 20% of the 

deposited carbon was initially dissolved in the Co layer. 

Pd/Co multilayers were grown on single crystal Si(100) substrates coated with 500Ä of 

silicon nitride. 100Ä thick polycrystalline Pd seed layers were deposited prior to the multilayers 

to remove initial layer effects such as poor texture and islanding. Two sets of "as grown" 

samples will be discussed, once consisting of 20x(Pd(llÄ)/Co(4Ä)) and the other of 

20x(Pd(l 1Ä)/COC(4Ä)), with the second set incorporating carbon by co-sputtering with cobalt. 

Magnetic Energy Model 

In Pd/Co multilayers, the Pd layer is polarized for thicknesses less than approximately 

20Ä[4]. We therefore assume that within a domain, the multilayers are uniformly magnetized 

throughout the thickness of the film. This assumption is consistent with the measurement of 

equal coercivities from the front and back sides of the film using MOKE. Given the domain 

repetition length d and film thickness T, Suna[5] gives the demagnetized magnetostatic energy 

density for a stripe domain configuration as 

em = 1(8 / K2)M2
s(d I T)(2n+1)-3[1 - rap(-(2» + l)jtf7 (2<*))]       (1) 

n 

For 0.01<d/T<1000, a good approximation is 

£m=T^^M' (2) 

Assuming that domain walls exist at grain boundaries, the domain wall energy density is 

ew = 2^M2 0) 

where C represents coupling coefficient across the grain boundary. In a uniform film without 
grain boundaries, C=l. The total energy density is £tot = £m + £w + £exr In equilibrium, 

d£te '&■ = 0 . Therefore, 
3d 

7.38rycö^ 
d«*u~ (4.82 Vr-Vc5^) (4) 

Equation (4) shows that the repetition length falls monotonically as the coupling coefficient C 

is reduced to zero, illustrating the value of reducing intergranular coupling. It is therefore 

desirable to reduce the coupling across grain boundaries. A minimum in the equilibrium domain 

repetition length also occurs at a critical thickness To=0.054Co"w. 
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Results and Discussion 

Out-of-plane X-ray diffraction scans were performed on all of the annealed samples, from 

which the calculated lattice parameters are shown in Figure 1. Upon annealing, the Pd/CoC 

multilayer (111) spacing decreases, approaching the lattice parameter of the as-deposited Pd/Co 

multilayers. This suggests that upon annealing, carbon diffuses out of Co interstitial sites into 

grain boundaries and into the Pd layer. However, as shown in Figure 2, Transmission Electron 

Microscopy (TEM) shows no change in film morphology. High resolution cross-sectional TEM 

showed an large increase in the fraction of the film which produced lattice fringes, however. The 

as deposited film incorporating carbon showed only small regions within a grain which produced 

lattice fringes, while high resolution TEM on the annealed sample shown in Figure 2 produced 

large regions of continuous lattice fringes in high resolution imaging.      As j^™^ 
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Fig. 2 TEM cross-sectional images of Pd/CoC 
multilayers, (a) as deposited, (b) annealed. Fig. 1 Pd/CoC multilayer (111) spacing vs 

annealing temperature. 
Annealing increased the coercivity and saturation moment of Pd/CoC multilayers, as shown in 

Figure 3(a). Further, the hysteresis loop of post annealed Pd/CoC multilayers is more sheared 

than that of Pd/Co multilayers (Fig. 3(b)). The increase in shearing is a desirable result for 

magnetic data storage applications, since sheared loops result from decoupling of magnetic 

domains in the film. However, shearing also occurs due to other effects, such as inhomogeneity. 

Therefore measurements of decoupling must be made to establish if the increased loop shearing 

shown in Figure 3(b) is due to a reduction in the intergranular exchange coupling in the film. 

This question was addressed by making measurements of the switching radius ratio S=R/Rrj, 

where Rfj is the radius required to achieve Stoner-Wohlfarth rotation. 

Transverse magnetization measurements My were used to determine the anisotropy energy. 

Fig. 4 plots the transverse magnetization My vs <|>, the angle between sample normal and the 

applied field at constant H. The equation 
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ML 
2H 

sin y/ = sin2(0- y/) (5) 

was used to determine anisotropy energy Ku[2], where the anisotropy field is Hic=2Ku/Ms, 

and 
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siny=My/Ms. The switching ratio S=R/Rrj was calculated using [6] 

S2 = i.0SHk/Hc (6) 
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Table 1. Anisotropy energy Ku and 
switching ratio S. 

Sample 
Ku 

10"ergs/cc 
S 

Pd/Co ML 2.5 1.95 

Pd/CoC ML 1.7 1.56 

CoCrTaPt 0.31 1.3 

CoCrTa 0.58 1.2 

Stoner- 
Wohlfarth 1.04 
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Measured values of Ku and S for Pd/Co and Pd/CoC are listed. For comparison, Ku and S 

on CoCrTa and CoCrTaPt of perpendicular alloy media from previous results[2] are also listed in 

Table 1. The decrease of S for annealed Pd/CoC compared to Pd/Co means that incorporation of 

carbon reduces the switching length scale, while the multilayers retain the high anisotropy that 

make them attractive media candidates. 

Another way to evaluate switching length scale is to measure intergranular coupling using 

Kelly-Hankel plots. Isothermal remanence (IRM) curve and dc demagnetization (DCD) curve 

were measured (Fig. 5(a,b,c))). Isothermal remanence (IRM) curves are the remanence obtained 

by the progressive magnetization of an initially demagnetized sample. The dc demagnetization 

(DCD) curve is obtained by the application of a progressively increasing positive field to an 

initially negatively saturated sample, again measuring the remanent moment after each field 

application. For comparison, we also measured ERM and DCD curves on oxidized Pd/Co 

multilayers. Oxidation was performed in a 1 mTorr oxygen atmosphere at 250°C for Ihr. 

Following Kelly et al[7], We define 

AM(H) = 2Ir(H)-Id-l (7) 

where Ir(H) = Mr(#) / AM00)» /</(#) = M<f (#)' M<*(°°)- Mr and Md are the remanent 

moments on the IRM and DCD curve, respectively. 
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(d) AM-H plots for Pd/Co, Pd/CoC post annealing and Pd/Co post oxidation samples. 
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For a noninteracting Stoner-Wohlfarth system it can be shown that AM(H) = 0 [8]. The 

larger the magnetic interaction between particles in the film, the larger the AM peak in AM-H 

plot[7]. From equation (2) and (4) we obtain, for d much greater than the grain diameter, 

em = ^f^M2
s (8) 

e.g., in equilibrium the self-field energy decreases with decreasing coupling across grain 

boundaries C(XW. 

Fig. 5(d) shows that AM-H plots for Pd/Co, Pd/CoC post annealing and Pd/Co post 

oxidation samples. We get the largest peak in AM-H plot for Pd/Co multilayers, and smallest peak 

for Pd/CoC multilayers. The AM-H plots show that the coupling across the grain boundaries in 

the Pd/CoC post annealed sample is smaller than that of Pd/Co sample. 

Conclusions 

Carbon was incorporated into Pd/Co multilayers and subsequently phase segregated to 

achieve domain isolation. Annealing at 250°C resulted in a change in the Pd/CoC lattice parameter 

toward that of Pd/Co, with no change in film morphology observed by TEM. Radius ratios (S) 

and Kelly-Hankel plots (AM vs H) show a significant reduction in coupling between adjacent 

domains upon annealing in Pd/CoC multilayers. 
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CRYSTAL STRUCTURE DEPENDENCE OF ANTIFERROMAGNETIC COUPLING 
IN FE/SI MULTILAYERS 
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P. O. Box 808, Livermore CA 94551 

ABSTRACT 

Recent reports of temperature dependent antiferromagnetic coupling in Fe/Si multilayers 
have motivated the generalization of models describing magnetic coupling in metal/metal 
multilayers to metal/insulator and metal/semiconductor layered systems. Interesting dependence 
of the magnetic properties on layer thickness and temperature are predicted. We report 
measurements that show the antiferromagnetic (AF) coupling observed in Fe/Si multilayers is 
strongly dependent on the crystalline coherence of the silicide interlayer. Electron diffraction 
images show the silicide interlayer has a CsCl structure. It is not clear at this time whether the 
interlayer is a poor metallic conductor or a semiconductor so the relevance of generalized 
coupling theories is unclear. 

INTRODUCTION 

The magnetic coupling of adjacent ferromagnetic layers separated by a broad range of 
non-magnetic metal spacer layers oscillate from anti-ferromagnetic to ferromagnetic as the 
spacer layer thickness increases1. The variation of the coupling can result in oscillations in 
easily measured quantities such as the saturation field and the magneto-resistance as a function 
of interlayer thickness. 

Most features of the oscillating exchange coupling have been successfully explained by 
applying RKKY type interactions to the layered geometry and using the Fermi surface 
characteristics of the interlayer metal2. Recent experimental observations of anti-ferromagnetic 
coupling in Fe/Si multilayers3'4 have motivated generalization of models of interlayer 
exchange to include systems without well defined fermi surfaces such as semiconductors and 
insulators5'6'7. Among the most pronounced predicted differences between metallic and non- 
metallic interlayer systems is the strong temperature dependence of the coupling in multilayers 
with a non-metallic interlayer due to the thermally activated nature of the carriers which carry 
the exchange. 

In this paper we present data describing structural and magnetic characteristics of Fe/Si 
multilayers deposited using ion beam sputtering and discuss their significance to the theories of 
Bruno6 and Zhang5. Consistent with previous studies we find that increasing the Si interlayer 
thickness from 14Ä to 20Ä, while keeping the Fe thickness fixed at about 30Ä, has a dramatic 
effect on the magnetic properties and the morphology of the multilayer. We find that for Si 
layers around 14A thick, the multilayer maintains crystalline coherence in the growth direction 
through more than one bilayer period and magnetically the Fe layers are anti-ferromagnetically 
coupled resulting in a high saturation field. For slightly thicker Si layers (around 20A) the 
crystalline coherence in the growth direction is only as thick as a single bilayer, and the 
saturation field is small consistent with either ferromagnetically coupled or uncoupled Fe layers. 
Further, for Fe layers sufficiently thin, crystalline coherence is not achieved in the multilayer. 
We find that even for 14Ä thick Si interlayers, disordered ferromagnetic Fe layers are either 
ferromagnetically coupled or uncoupled. Our TEM study reinforces the assertion of Fullerton 
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et. al. that the crystalline iron-silicide that forms in the interlayer may be the CsCl structure. 
This silicide structure is likely stabilized in the multilayer because it is closely lattice matched to 
BCC Fe. We discuss the possibility that the crystallinity of the interlayer is crucial to produce 
AF interlayer coupling. 

EXPERIMENTAL DETAILS 

Our films were grown in a ion beam sputtering(IBS) systems described in detail 
elsewhere8. Briefly, four targets can be rotated in front of the 3 cm ion gun which sputters 
material up through a circular aperture in a stationary liquid nitrogen (LN) cooled Cu tray. A 
rotating tray above the Cu tray has positions for four substrates. The substrate to target distance 
is approximately 30 cm. The target carousel and ion beam voltage are computer controlled, and 
the layers thicknesses are monitored by a calibrated quartz crystal oscillator. The base pressure 
of the system is l-2xl0"8 torn  We sputter in 2.5xl(H torr partial pressure of UHP Ar which is 
about an order of magnitude lower than typical magnetron sputtering. With a beam voltage of 
lkV and a beam current of 20mA the deposition rates are around 0.2Ä/sec. IBS is unique in 
that at a fixed deposition voltage, the deposition rate can be independently adjusted by changing 
the beam current. As a result, the energetics of ion beam sputtering deposition can be quite 
different than those of thermal evaporation or magnetron sputtering. 

We use glass and Si substrates and find no dependence in the magnetic or structural 
properties of the Fe/Si multilayers (MLs). We deposit at nominal room temperature (RT) or, by 
bringing the substrate tray into contact with the cooled Cu tray, at nominal LN temperature. 
Thick Si films sputtered under typical conditions are amorphous, and thick Fe films are BCC, 
polycrystalline, and textured in the (110) close packed direction. 

The structural properties of the MLs were probed using a Rigaku rotating anode x-ray 
machine with a reflected beam monochromator and CuKa radiation. Low angle 0-26 scans 
reveal properties of the ML in the growth direction, and high angle scans measure the crystalline 
coherence. In addition, selected films were studied using TEM. RT magnetic characteristics of 
the MLs were measured using a vibrating sample magnetometer, and low temperature magnetic 
measurements were performed on a SQUID magnetometer. 

RESULTS AND DISCUSSION 

Figure 1 illustrates the effect of changing the interlayer thickness on the magnetic 
properties of Fe/Si multilayers. Film A ([Fe30A/Sil4Ä]x50) (30/14 ML) has a low remanent 
magnetic moment (Mr/Ms=0.4) and a high saturation field Hs=1.7 kOe (Hs is define to be the 
field at which M(H) reaches 90% of its saturated value: i.e. M(HS)=0.9MS.). When the Si layer 
thickness is increased to 20Ä, the magnetic behavior changes dramatically. As seen in figure 1, 
film B ([Fe30Ä/Si20Ä]x50) (30/20 ML) behaves like a single thick film of iron with a high 
remanence and a low saturation field. The magnetization of all of the films (1100-1200 
emu/cm3) is reduced from that expected if each iron atom had its bulk magnetization (1710 
emu/cm3 at RT). One expects in a perfectly layered system that roughly one monolayer of Fe at 
each interface would have a reduced moment due to Si nearest neighbors. The reduction we 
observe indicates more extensive interdiffusion. Our results are consistent with those of 
Fullerton et al on films deposited using magnetron sputtering . The high saturation field and 
low remanence indicate the Fe layers are antiferromagnetically coupled through the interlayer. 
We calculate an AF coupling energy density Ai2=MsHstFe/2= 0.25 erg/cm2 at RT. In film B, 
the Fe layers are either ferromagnetically coupled or uncoupled and are thus easily aligned in a 
small applied field. 
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Fig. 1: Hysteresis loops for film A ([Fe30A/Sil4A]x50) 
and film B ([Fe30A/Si20A]x50). Film A has a high 
saturation field and a low remanent moment indicating 
AF interlayer coupling. Film B has a low saturation 
field and high remanent magnetic moment characteristic 
of ferromagnetic interlayer coupling or no coupling. 

Fig. 2: Estimate from magnetization data of the fraction 
of Fe which is interdiffused into Si for [FexÄ/Sil4Ä] 
MLs. (M/MBulk) is the fraction of the expected bulk Fe 
magnetization which is experimentally observed. The 
best linear fit to the data gives (M/Mbulk) x tFe (A) = 
0.9rfe - 6Ä, while an ideal multilayer would have 
(M/Mbuiit) x tfe (A) =tFe- An approximately constant 
thickness of Fe (6- 8Ä) becomes non-magnetic due to 
imerdiffusion into the Si layer. 

The magnetic properties of Fe/Si MLs also show strong dependence on the Fe layer 
thickness. Figure 2 shows the saturation moment normalized to the bulk magnetization times 
the Fe layer thickness versus Fe layer thickness in MLs with 14Ä thick Si interlayers. The 
linear dependence indicates the. fraction of iron that is non-magnetic due to interdiffusion into 
the Si layer in independent of Fe thickness. Assuming Fe atoms either have the full bulk atomic 
moment or are non magnetic, the intercept shows 6-8Ä of the Fe layer is lost into the Si layer. 
This is a low estimate of the total degree of interdiffusion because it has been shown that Fe 
atoms with 3-5 Si nearest neighbors retain a reduced but non-zero moment.   Notably we find 
the magnetic moment of MLs with 20Ä of Si also shown in fig 2, are generally reduced from 
their 14A counterparts. Thus it is reasonable to picture the entire Si interlayer interdiffused to 
some degree with Fe. The AF coupling energy is approximately constant for thick Fe layers but 
between 20Ä and 15 Ä A12 drops to zero. High angle x-ray scans indicate this drop may be a 
result of the thin Fe layer remaining amorphous. It may be that when the Fe layers are 
amorphous, the strain energy necessary to stabilize the crystalline silicide structure is not 
present. 

Low angle 6-29 x-ray scans of films A and B(fig.3) show 4 strong reflections indicating 
the ML are well layered. The ML peaks for the film B are narrower than those of film A 
indicating a reduced degree of roughness at the interfaces in the 30/20 ML. The bilayer periods 
derived from the positions of the ML peaks are reduced from the nominal periods by 4-8Ä 
consistent with the reduced magnetization. Analysis of 8-29 high angle x-ray scans reveals that 
most of the films are textured with Fe(l 10) perpendicular to the film plane. Using the well 
known Scherrer formula, the FWHM of the Fe(l 10) peaks can be used to approximate the range 
of the crystalline coherence in the growth direction. For the MLs that show square magnetic 
loops, the crystalline coherence extends over less than one bilayer period. On the other hand, in 
the AF coupled MLs, the crystalline coherence propagates typically through 2-3 bilayer periods. 
Thus the deposition of thinner Si layers allow crystalline coherence to reach from one Fe layer 
to adjacent layers and implies that the interlayer is itself crystalline. In addition, the AF coupled 
ML often show a strong Fe(200) reflection indicating a change in the preferred growth 
orientation in these films. This is the first report of a change in texture in Fe/Si MLs and may be 
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Fig 3: Low angle x-ray scans of the films shown in fig. 1. The ML peaks in film B are narrower than 
those of film A indicating better layering in the film that is not AF coupled. The interlayers in film B are 
amorphous while those in film A are crystalline. 

unique to the energetics of IBS deposition. The change in texture is probably the result of an 
interaction between the Fe layer and the crystalline silicide interlayer that forms. A search in x- 
ray diffraction for Bragg reflections characteristic of the known iron rich silicide phases was 
unsuccessful. 

In order to better correlate the magnetic characteristics of the Fe/Si multilayers to their 
structural properties and possibly identify the interlayer alloy phase, we carried out a detailed 
TEM comparison of two MLs. The first, [Fe40Ä/Sil4Ä]x50, (40/14), showed AF interlayer 
coupling and the second, [Fe30Ä/Si20Ä]x50, (30/20), showed no evidence of interlayer 
coupling. Figure 4a,b show real space images of the two MLs. Both films are well layered, 
consistent with the low angle x-ray scattering results, but the grain structure in the growth 
direction of the two films is dramatically different The 40/14 has grains that appear to reach 
from the substrate all the way through the ML stack. High resolution images confirm the 
crystalline coherence of Fe layers and the silicide interlayers in this ML. These results are 
consistent with the long coherence lengths derived from high angle x-ray scattering. In figure 
4b no such extended crystalline coherence in observed. Instead the grain size is limited to 

^iki.f^;U£,,J!k-'i-.XiJJH<j'j 

Fig. 4a,b: Real space TEM images of the ML shown in fig 1. Substrate is at bottom. Both ML are well 
layered. Film A which shows AF interlayer coupling has crystalline grains that reach through the entire stack. In 
contrast the grains in film B are limited to about the size of one bilayer thickness in the growth direction. 
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approximately one bilayer thickness. High resolution images confirm that the interlayer of the 
ML with 20Ä of Si is amorphous. The long continuous layering observed in fig 4b are similar to 
Mo/Si MLs used for x-ray mirrors   '   . 

Selected area electron diffraction images reinforce the marked difference in the structure 
of the two multilayers seen in the real space images. Figure 5b shows one nearly continuous 
ring consistent with the Fe(llO) planes. Each Fe layer in this film consists of small grains with 
random in-plane orientation, textured in the (110) direction. On the other hand figure 5a shows 
more extensive crystalline order. The 6 bright spots on the (110) ring indicate much larger in 
plane grain size. The Fe(200) positions are the brightest reflections in the growth direction, 
indicating a (200) texture consistent with the x-ray scattering results. Significantly, intensity at 
the Fe (100) position is also evident. The (100) reflection is forbidden in the BCC structure of 
Fe and its presence in figure 5a is a clue to the interlayer crystalline phase. Both the CsCl and 
the Fe3Si phases would produce (100) reflections in this position. The Fe3Si phase is unlikely 
since it is ferromagnetic and would produce direct exchange coupling of the Fe layers. The 
CsCl structure is simple cubic with Fe at the corners and Si at the body center positions, and is 
closely lattice matched to BCC Fe. Fullerton et al have proposed that the spacer was either 
CsCl3 or the epsilon phase12. The presence of a (100) reflection in figure 5a is direct evidence 
that the interlayer crystalline structure is CsCl. The equilibrium bulk binary phase diagram 
shows the CsCl structure stable at RT for Si concentrations between 10 and 22 at %. However, 
von Kanel has shown14 that strain energy can stabilize the CsCl structure over much broader 
concentrations for suicide layers grown epitaxially. 

In order to test the hypothesis that it is the loss of crystalline coherence and not the 
increased thickness of the silicide interlayer that results in the loss of AF interlayer coupling, we 
attempted to disrupt the crystalline coherence by growing the ML at a reduced substrate 
temperature. Two ML with the same nominal thicknesses were grown, the first on a nominal RT 
substrate and the second on a LN cooled substrate. [Fe40A/Sil4A]x40 grown at RT 
consistently showed a high saturation field and low remanence. In contrast the LN cooled ML 
showed a square magnetic loop consistent with uncoupled Fe layers. Comparison of the low 
angle x-ray scans shows the LN cooled growth produces higher quality interfaces, and a bilayer 
period (52Ä) much closer to the nominal period than the RT growth (49A). Comparison of the 
FWHM of the high angle structural peaks in the two ML shows the crystalline coherence of the 
LN grown ML is limited to less than a single bilayer period, while that of the RT grown ML 

Fig 5a,b: Electron diffraction images of the MLs in fig 4 reinforce the conclusions drawn from the TEM 
images. (Growth direction along long axis of page.) The texture of film A is predominantly in the (200) direction 
in contrast to that of film B whose texture is in the usual (110) close packed direction. A faint (100) spot is visible 
in the image from film A indicating the crystalline silicide interlayer is in the CsCl crystal structure. 
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extends over 3 bilayer periods. The x-ray results indicate the low deposition temperature affects 
the crystal structure of the interlayer and that the loss of crystalline coherence through the 
interlayer eliminates the AF coupling. 

CONCLUSIONS 

Our results show that in the Fe/Si ML system, it is not straightforward to measure 
interlayer magnetic coupling as a function of the layer thickness. Unlike most metal/metal ML 
systems, the gross crystalline structure of Fe/Si MLs changes dramatically with changing layer 
thicknesses, and strongly affects the magnetic characteristics. We have shown that when the 
silicide interlayer is in the CsCl structure and is around 14Ä thick, neighboring Fe layers are 
coupled anti-ferromagnetically. When the nominal Si layer thickness is increased to 20Ä, the 
silicide interlayer is amorphous and the AF coupling disappears. It is possible, however, if the 
growth conditions can be adjusted to maintain the crystalline coherence of the silicide interlayer 
for larger layer thicknesses, then oscillations in interlayer coupling in Fe/silicide MLs may be 
measured that are similar to those observed in metal/metal MLs. We plan to try elevated 
deposition temperatures and post annealing of the MLs to explore this possibility.  The exact 
stoichiometry of the silicide interlayer that produces AF coupling and whether it is a poorly 
conducting metal or a semiconductor is not clear at this point. The fact that when the Fe layers 
are amorphous, the AF coupling goes away is strong evidence that the AF coupling depends on 
the crystal structure of the silicide interlayer and not necessarily on its stoichiometry. 

The relevance of the Bruno and the Zhang; theories of magnetic interlayer coupling in 
ferromagnet/insulator or ferromagnet/semiconductor MLs to Fe/Si MLs is uncertain at this 
time. Future measurements of the conductivity of these MLs in the current-perpendicular-to- 
plane geometry may reveal whether the silicide interlayer is metallic or semiconducting. 

We would like to thank Troy Barbee Jr., Tim Weihs and Patrice Turchi for helpful 
discussions. Also we thank Michael Lane, Ben O'Dell, Eric Honea and Sam Torres for 
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ABSTRACT 

The occurrence of a weak in-plane uniaxial magnetic anisotropy in Fe thin films grown by 
molecular beam epitaxy onto (OOl)-oriented MgO substrates has been previously reported. We 
explain the occurrence of this anisotropy by measuring the in-plane tetragonal distortion of the 
cubic Fe lattice in a 800X-thick film. The analysis of the full x-ray diffraction spectrum reveals a 
0.1% difference between the two in-plane parameters. This small difference is sufficient to fully 
explain the observed anisotropy (=20 Oe) using a standard magnetoelastic model. Although it is 
established that the uniaxial anisotropy results from the angle of incidence of the Fe atomic flux 
during deposition, the relationship between angle of incidence and in-plane tetragonalization is still 
unexplained. However, this anisotropy is shown to also occur in other epitaxial systems such as 
NigoFe20 on (11 l)Si. Control of this effect can help design epitaxial multilayer films with specific 
and reproducible magnetic states. 

INTRODUCTION 

Recently, there has been reports of a weak uniaxial magnetic anisotropy occurring in 
epitaxial thin-films and multilayers prepared by molecular beam epitaxy.1-2 In the case of (100)Fe 
films grown on (100) MgO, the usual 4-fold easy axes of magnetization in the plane are (100)- 
oriented, with an anisotropy field of about 500 Oe with respect to the (110) axes. For highly 
uniform films, grown while rotating the substrate in its plane, the films display the expected soft 
magnetic properties of bulk Fe in the (100) directions, with a low coercivity of about 5-10 Oe. 
However, we have found that when the sample is deposited without substrate rotation, an 
additional uniaxial magnetic anisotropy breaks the symmetry between the two in-plane easy axes. 
The result of this effect on the hysteresis loops in the <100> and <010> directions is shown in 
Fig.l. While the hysteresis loop is one direction (labeled <100>) is square as expected, the loop 
performed with the field in the <010> direction is split, with a very small magnetization in the low- 
field region. We have shown conclusively, using magneto-optical Kerr microscopy, that this 
region of low magnetization is the result of a spontaneous nucleation and growth of magnetic 
domains oriented 90° from the field direction, i.e., along the <100> direction.1 The splitting of the 
hysteresis loop in the <010> direction gives the uniaxial anisotropy field, and the value observed 
here (about 20 Oe) is typical of that observed for this system. Of course, the existence of a 
uniaxial anisotropy term is obvious only because the intrinsic coercive field of these films (which 
can be obtained from the width of the split half-loops) is only 5-10 Oe. If the film had a coercive 
field greater than the uniaxial anisotropy field, this effect would be observed simply as a (relatively 
small) difference between the coercivities in the two directions. Nevertheless, it is clear that such 
an effect can have significant impact on the magnetic properties of soft magnetic film and the 
investigation of interlayer coupling effects in multilayers. 

ORIGIN OF UNIAXIAL ANISOTROPY 

The uniaxial anisotropy component is found to occur only when the films are grown 
without substrate rotation. Consequently, any anisotropies in the substrate material the vacuum 
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environment, and the geometry of deposition may be responsible for this effect. However, only 
one factor, namely the off-axis position of the Knudsen cells with respect to the normal of the film, 
has been found to cause this anisotropy in our case. Factors which have been definitely excluded 
are substrate morphology (such as a stepped surface), film thickness gradients, and residual 
magnetism of the growth chamber.3 We have found that it is possible to predict to occurrence and 
direction of the uniaxial anisotropy simply from the angle of incidence of the incoming Fe flux with 
respect to the surface. 
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Figure 1: Hysteresis loops at T=15K for (a) a Fe(isA)/Pd(2lA) superlattice and (b) a 800Ä-thick 
Fe film deposited on a (100)MgO substrate. In each case, the stepped loop (open circles) is 
obtained with the field applied along the cubic axis closest to the direction of the Fe atom flux 
projected in the plane of the substrate. 

Uniaxial anisotropy occurs when the projection of the Fe flux in the plane of the substrate is 
directed preferentially towards one of the in-plane (100) axes, which we call the <010> axis. This 
axis is consequently always found to be the "hard" (100) axis, i.e., the axis which yields the 
stepped loop in Figure 1(a). In our MBE system, the Fe flux is 30° away from normal incidence, 
and its projection in the plane makes a 15° angle with the <010> axis, and a 75° angle with the 
<100> axis. Thus, the origin of the uniaxial anisotropy component is the angle of incidence of the 
Fe atom flux with respect to the substrate. Because this effect was first observed in Fe/Pd 
superlattices with very thin Fe layers (<20Ä), it was speculated that an anisotropy may arise 
because the roughness at the Fe/Pd interface (about 5Ä) can have an anisotropic morphology due to 
the angle of incidence of the Fe atoms. Although this explanation cannot be rejected a priori for 
multilayer samples, we have subsequently found that a similar anisotropy could be induced in 
single, relatively thick Fe films, as shown in Fig. 1(b). This sample is an 800Ä-thick Fe film 
grown directly on MgO with a 15Ä Pd cap layer, and the most important conclusion is that an 
anisotropy with a magnitude similar to that found in multilayer is observed. This indicates that the 
origin of the anisotropy resides not in an interfacial effect, but rather is a "bulk" property of the 
iron layer, since an anisotropy of interfacial origin would necessarily result in an inverse 
dependence of the anisotropy field on the layer thickness. 

To investigate a structural origin to the uniaxial anisotropy, we have undertaken a detailed 
structural characterization of this 800Ä-thick Fe layer, using a four-circles x-ray diffractometer 
which allowed us to probe in-plane as well as out-of-plane average lattice spacings in our film.3 

Consistent with the 4% lattice mismatch between bcc Fe (V2ao = 4.06 Ä) and fee MgO (arj = 4.20 
Ä), we find, by measuring the position of the (002) Fe peak, an average contraction of the Fe 
lattice in the growth direction of 0.56%. The width of this peaks also yields the crystallographic 
coherence length of our epitaxial film along the growth direction (= 400Ä). A measurement of the 
position of off-axis diffraction peaks (-22-2) and (22-2) yield the average lattice spacing in the 
plane (ao = 2.8498Ä), which is therefore expanded by 0.53%. This expansion in-plane and 
contraction out-of-plane are consistent with each other using classical Poisson's ratio analysis. 
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The more surprising fact, however, comes from the analysis of the (013) and (103) peaks, 
which yield the relative magnitude of the two in-plane lattice parameters a and b. As shown in 
Fig.2, the peaks corresponding to these two planes are nQt found at exactly the same value of 26, 
which means that there is a difference between the two in-plane lattice parameters a and b. From 
the shift in peak position, this difference is calculated to be (a-b)/a = 1.2 + 0.3 xlO"3, i.e., about 
0.1%. It is well known that a tetragonal distortion of a cubic lattice will lead to a uniaxial magnetic 
anisotropy whose amplitude and direction is determined by the magnetoelastic constants of the 
material. This calculation,3 using the bulk magnetoelastic constants of Fe at 300K yields an 
expected uniaxial anisotropy field of Ha = 25±8 Oe, in excellent agreement with our measured 
value of the anisotropy field at 300K of 18+5 Oe. 

116.0       116.5 117.0       117.5       118.0 

26 (degrees) 

118.5 

Figure 2: Fitted position of diffraction peaks corresponding to the (103) and (013) planes for a 
800A-thick Fe layer deposited on (100)MgO. 

Although it is not possible to perform a detailed characterization of the Fe structure in the 
multilayer case (because of the superposition of Fe and Pd contributions) the similarity between the 
hysteresis loops for single and multilayer sample is a clear indication that the origin of the uniaxial 
anisotropy term is the same in both cases. Indeed, we have not observed any systematic variation 
in the magnitude of the uniaxial anisotropy with Fe layer thickness. 

The possibility of inducing a uniaxial anisotropy in epitaxial Fe films has several important 
practical purposes. Most multi-source MBE growth environments are similar in that the the atom 
beam has a significant angle of incidence with the substrate, and therefore the effect described 
above is likely to occur, to varying degrees, in many growth configurations. Although rotation of 
the substrate is an obvious and easy remedy, it is not always performed, usually because of the 
need to monitor the crystalline structure during growth with in situ probes such as RHEED, or 
because a wedge-shaped magnetic layer is being grown for thickness-dependent studies. In those 
cases, the possible occurrence of growth-induced uniaxial anisotropy must be checked when 
studying the magnetic properties of epitaxial films and superlattices with weak intrinsic 
anisotropies. In particular, the "stepped" loop of Figure 1 is remarkably similar to those obtained 
in the case of weak antiferromagnetic indirect exchange coupling between magnetic layers, making 
the investigation of true coupling effects at these low fields more difficult. 
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APPLICATION OF UNIAXIAL ANISOTROPY IN EPITAXIAL LAYERS 

Nonetheless, the ability to induce controlled magnetic anisotropies during a process is a 
potentially useful tool to fabricate magnetic superlattice structures with complex hysteretic 
behavior, which may be used for devices such as multi-state magnetic memories. Fig.3, for 
example, shows the hysteresis loop obtained for a structure containing 2 Fe layers, where the 
substrate has been rotated 90° between deposition of the two layers. The axis of uniaxial 
anisotropy for the two Fe layers are now 90" from one another, which means that the hysteresis 
loop for the whole structure is a combination of the two loops in Fig. 1(a). In that case, there is a 
region at low applied field where the two Fe magnetizations are directed 90° from one another. As 
shown in Fig.3, this structure has, therefore, four distinct magnetic states. 
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Figure 3: Magnetic hysteresis loop at T=15K for a Fe(20Ä)/Pd(150Ä)/Fe(20Ä)/Pd(50Ä) 
multilayer. The two Fe layers have different uniaxial anisotropies, resulting in a 90' orientation at 
low fields. 

Another example where a uniaxial anisotropy in an epitaxial film might be useful is a 
magnetic field detector based on the planar Hall effect, which can detect a 90° rotation of the 
magnetization using the anisotropic magnetoresistance effect, by measuring the transverse voltage 
in a planar Hall geometry (i.e., the magnetic field is applied in-plane). Such a device4 requires a 
magnetic film whose uniaxial easy axis is directed in the direction of the current. The transverse 
voltage is then used to detect a rotation of the magnetization resulting from a small applied 
transverse field. To maximize the signal, one must use a magnetic material in which the 
anisotropic magnetoresistance is large, such as Ni80pe20 permalloy. Fig.4 shows stepped 
hysteresis loops obtained for a Fe/Pd superlattice, both before and after a subsequent deposition of 
a 60Ä epitaxial permalloy layer. The superlattice is deposited as described previously on a fixed 
substrate, while the permalloy film is deposited while rotating the substrate, to avoid any additional 
anisotropic contributions. It is evident that only the magnitude of the total magnetization is 
changed after deposition of the permalloy film, while the hysteresis loop maintains its stepped 
shape. This means that the uniaxial anisotropy has been transferred to the NiFe layer by exchange 
coupling to the Fe/Pd superlattice. Therefore, a multilayer structure can be constructed where the 
various magnetic layers play their own separate roles, namely, the Fe layers carry the uniaxial 
anisotropy which is determined by the deposition conditions, while the permalloy layers are 
responsible for the large signal obtained in a anisotropic magnetoresistance experiment. It is 
worthwhile noting that epitaxial permalloy has been shown5 to have conduction properties 
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equivalent to bulk NiFe, contrary to ultrathin polycrystalline permalloy in which the resistivity 
increases significantly with decreasing layer thickness below 100Ä. 
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Figure 4: Magnetic hysteresis loops along the <010> direction (see text) for a Fe(2oA)/P<l(5Ä) 
structure (a) before and (b) after deposition of an additional isotropic 60Ä-thick NigoFe2o layer. 
The uniaxial anisotropy in the Fe layers has been transferred to the NiFe layer by exchange 
coupling. The change in the magnetization is consistent with the bulk magnetic moment of 
N>80Fe20- 

UNIAXIAL ANISOTROPY INDUCED ON (lll)Si SUBSTRATES 

The experiment described by Figure 3 has already established that the MgO/Fe interface is 
not a factor in determining the occurrence of uniaxial anisotropy, since the direction of anisotropy 
could be changed in subsequent layers by rotating to substrate to a new position. Likewise it is 
important to consider whether this effect can also be observed in a totally different system, such as 
Nig0Fe20 (permalloy) deposited epitaxially on (11 l)Si. In that case, the permalloy film is grown 
from two separate atom beams of Ni and Fe, at a substrate temperature of 50°C, and it is the 
direction of the Ni flux (presumably because of the higher Ni concentration) that determines the 
orientation of the uniaxial anisotropy. Also, 40Ä-thick buffer layer of (11 l)Ag is first grown on 
the Si, to prevent the formation of silicide compounds at the interface. In the plane of a (111) 
substrate, there are 3 equivalent [1-10] directions (referred to as A, B and C) which would 
normally be the easy axes. In our experiment, the in-plane projection of the Ni flux is first directed 
midway between two of these three axes (namely B and C). The resulting hysteresis loops 
obtained with the field applied along axes A and B are shown in Fig.5 (the hysteresis loop obtained 
along C is identical to that of B). The result is that axis A is now an easy direction of 
magnetization, while axes B and C are comparatively harder. Similarly to what was described 
earlier, this uniaxial anisotropy can be eliminated by rotating the substrate during growth Note 
that the coercive field in this example is significantly higher to that expected for NiFe due to 
relatively poor structure of the Ag buffer layer. Similar results with much thinner Ag buffers (6 A) 
and consequently much narrower loops (Hc = 30e) will be presented in a forthcoming paper In 
any case, the general conclusion is the same as in the case of Fe on MgO, namely that the axis (or 
axes) closest to the in-plane projection of the flux direction are comparatively harder magnetically 
X-ray diffraction analysis is now underway to determine whether a structural origin to this uniaxiai 
anisotropy can be found for the NiFe layer, by analogy to the results for Fe described above 
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Figure 5: Magnetic hysteresis loops for epitaxial Ni8oFe20 deposited on (lll)Si, at T-300K. 
The field is applied along two different in-plane <1-10> directions, where A is the axis perpendicular 
to the in-plane projection of the Ni flux, and B is either one of the two other <1-10> axes. 

CONCLUSIONS 

We have observed a process-induced uniaxial magnetic anisotropy in epitaxial Fe and NiFe 
thin films deposited by MBE onto (100)MgO and (11 l)Si substrates, respectively. This relatively 
weak uniaxial anisotropy is found to be determined uniquely by the geometrical relationship 
between the crystalline axes of the substrate and the direction of the incident magnetic atom flux. 
In both cases, the normally-easy axis closest to the projection of the flux in the plane becomes 
relatively "harder" magnetically. In the case of Fe on (100)MgO, a detailed x-ray structural 
analysis has revealed a 0.1% tetragonal distortion of the in-plane cubic mesh, with a contraction in 
the direction closest to the flux direction in the plane. This distortion fully explains the magnitude 
of the observed uniaxial anisotropy (Ha = 20 Oe). However, the mechanism that relates the 
incidence of the atom flux to the in-plane distortion has not been determined. One may speculate 
that the mobility of the atom immediately after adsorption may be greater along the incident 
direction, but the consequence on the in-plane lattice parameters is still unclear. An amsotropy in 
the structure of defects in the volume layers, which would be determined or amplified by the atom 
flux directions, has not been observed to this date. However, because the direction of the 
anisotropy can be modified during growth, it is clear that defects at the substrate/film interface are 
not the determining factor. 
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SURFACE ANISOTROPY IN EPITAXIAL FE(110)/MO(110) MULTILAY- 
ERS 
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2205 

ABSTRACT 

We have prepared epitaxial Fe(110)/Mo(110) multilayers by sputter deposition. These 
films exhibit a large uniaxial anisotropy and may be attractive as islanded in-plane record- 
ing media. The large uniaxial anisotropy is due to the intrinsic surface anisotropy of 
the Fe(110)/Mo(110) interface, which is of the same magnitude as the surface anistropy 
of the Fe(110)/W(110) interface but has a different sign (the surface anisotropy of the 
Fe(110)/Mo(110) interface prefers the [001] axis of magnetization). The magnetoelastic 
component of the anisotropy is not large. A novel magneto-optic technique was used to 
measure the transverse component of the magnetization and deduce information about the 
anisotropy and domain structure of the multilayers. 

INTRODUCTION 

Interest in single crystal materials with a large in-plane anisotropy has been spurred 
recently by attempts to pattern islands in single crystals for in-plane recording media. 
Each island would represent one bit, and it is therefore essential to have a strong uniaxial 
anisotropy that will pin the magnetization along a certain axis1. An obvious candidate 
for uniaxial anisotropy is the "[110] surface with its two-fold symmetry. However, the [110] 
surface also has a large biaxial term in the anisotropy2 which must be overcome with other 
uniaxial anisotropy mechanisms, such as surface or magnetoelastic anisotropy. Multilayers 
are a logical choice for enhancing the uniaxial anisotropy because of their propensity to have 
high surface and magnetoelastic energies3. We prepared Fe/Mo multilayers in an attempt 
to increase the uniaxial component of the anisotropy, studied their mechanical properties, 
and measured their magnetic anisotropy with torque magnetometry and the Magneto-Optic 
Kerr Effect (MOKE). 

EXPERIMENTAL 

Samples were synthesized by DC magnetron sputtering ina custom-built UHV chamber 
with a base pressure of 3.0xl0-9 torr. Single crystal (1120)-oriented A1203 substrates 
were cleaned with solvents and heated above 650°C for deposition of a 600 ml Mo (110) 
underlayer. Previous work has shown that Mo grows epitaxially on the A1203 with the [111] 
direction parallel to the [0001] axis of the M2Ot's. The Fe/Mo multilayer was deposited 
at room temperature by alternately opening and closing shutters in front of the sputtering 
guns. The first layer deposited on the Mo underlayer was Fe and the top layer was Mo. All 
samples were capped by at least 50Ä of Mo. Thicknesses were determined by calibration 
runs and rate monitors. 

A total of eight multilayers were prepared. All multilayers had approximately 500 mono- 
layers ('ml') each of Fe(110) and Mo(110) with bilayer periods ranging from 15 ml Fe plus 
15 ml Mo (51Ä) to 100 ml Fe plus 100 ml Mo (426Ä). The epitaxies of both the Mo under- 
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layer and the multilayer were determined by x-ray diffraction using laboratory sources and 
verified at the Stanford Synchrotron Radiation Laboratory (SSRL). 

The magnetic properties of the samples were measured ex-situ with the Magneto-Optic 
Kerr Effect and a Digital Measurement Systems torque magnetometer/vibrating sample 
magnetometer (VSM). In the MOKE experiment, the magnetic field H was applied close 
to parallel to the in-plane [110] direction of the sample, which was the sample's hard axis. 
A He-Ne laser beam (633 nm) polarized 45° to the plane of incidence was incident on the 
sample at an 18° angle of incidence (angle from the sample normal). A lock-in measure- 
ment technique utilizing a photoelastic modulator (PEM) also oriented 45° to the plane of 
incidence of the light was used to measure the component of the signal oscillating at twice 
the reference frequency6. The signal was detected at a photodiode, whose output voltage 
was measured by a DC multimeter and read by a lock-in detector. Rotation of the optics 
by 45° allowed us to measure the transverse component of the magnetization (the compo- 
nent of the magnetization perpendicular to the plane of incidence of the laser beam and, in 
our experiment, also perpendicular to H) because it effectively rotated the sample by -45°. 
This technique measures the real part of the quantity (rw + r^/fr^ — rss — 2rps), which is 
first order in the transverse component of the magnetization (r^,,^ and rps are reflection 
coefficients of the sample that give the amplitudes of respectively reflecting 'p' polarized 
light into 'p' polarized light, V polarized light into 's' polarized light, and 'p' polarized light 
into 's' polarized light)7. The real part of (rpp + rM)/(rPP — rss — 2rps) will henceforth be 
designated '0i(45°)\ There is also a small term proportional to the longitudinal component 
of the magnetization present in 0^(45°) which gives a non-zero signal at high fields, even 
after the film has been saturated7. 

RESULTS 

Mechanical Properties 

Rocking curves were typically 2° wide or less, and there was no twinning about the 
in-plane [111] direction, as can occur if the deposition temperature is not high enough7. 
Grazing incidence and asymmetric x-ray diffraction were used to observe three {121} type 
reflections for these BCC structures. These three reflections are due to planes which are 
crystallographically identical, but oriented at different angles to the sample surface and 
in-plane axes, and therefore experience different strains. 

In order to determine the strains (from which the magnetoelastic component of the 
magnetic anisotropy could be calculated), standard elasticity analysis8 was used to calculate 
the «/-spacing from an assumed stress state and unstrained lattice parameter üQ. The stress 
was assumed to be biaxial, with principal stresses applied along the in-plane [001] and [110] 
directions. This yielded expressions for each of the observed rf-spacings as a function of the 
three parameters CTH,<T22, and a0. Inverting these expressions determined these parameters 
from the x-ray data 5. 

The strain (calculated from the stress) and the unstrained lattice parameter of the Fe 
films are plotted in Figs, la - b. The stress in the Fe film was roughly equal in both 
in-plane directions, but because the [110] direction is stiffer than the [001] direction, the 
resulting strains were higher in the [001] direction. This was consistent with our previous 
in-situ observation of anisotropic strain relaxation in an Fe(110)/Mo(110) bilayer except 
that in the multilayers the strain is higher in the thicker Fe films. Our previous study of 
Fe(110)/Mo(110) multilayers also reported a larger stress (and therefore strain) at smaller 
bilayer periods, although in that case, the substrate exerted a larger stress in the [110] 
direction than in the [001] direction. This was not observed in the current study. 

The lower strain at smaller bilayer periods observed in the multilayers could be explain- 
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able by interdiffusion between the Fe and Mo multilayer constituents, which was observed 
in our earlier study5. If the thickness of the Fe film is less than the critical thickness for 
dislocation formation9, the strain in the Fe film will equal the misfit strain, which decreases 
as the amount of alloying increases. The increase in unstrained lattice parameter of the 
Fe film with decreasing bilayer thickness suggests that there is interdiffusion which would 
produce a smaller strain in the thinner Fe films if the thickness of the Fe films is less than 
the critical thickness for dislocation formation. 
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Figs, la and lb. Strain and unstrained lattice parameter of the Fe film as a function of its 
inverse thickness. The line in Fig. lb is a guide to the eye. 

Magnetic Properties 

The magnetic anisotropy was determined with torque magnetometry in an applied field 
(H) of 12.5 kOe. All the Fe films showed more than a 10:1 ratio of second to fourth order 
anisotropies. We attempted to use the Miyajima method10 of plotting the ratio of torque 
(L) at 45% to H over H squared against L to find the moment and the uniaxial anisotropy 
component of the film, but found that our extrapolated moment disagreed with the moment 
obtained from VSM by up to 20%. Our plot of (L/H)2 vs. L indicated that the samples were 
very close to saturation at H = 12.5 kOe. We therefore assumed that the anisotropy energy 
density was given by the maximum torque divided by the volume of the Fe film. Given 
that our film volumes are known within only 15%, it is especially useful to calculate the 

'anisotropy field' (ff = axm*S^t°"PM' where Ms is the saturation magnetization) 
because the volume cancels out. The error in the film volume was the largest error in the 
analysis of the anisotropies and is responsible for the error bars in Fig. 4. 

The 0jfc(45°) signal was measured in all samples with H close to parallel to the hard axis. 
The amplitude of the 0^(45°) signal reaches a minimum when H is applied parallel to the 
average hard axis of the film; i.e., when one-half of the domains have their hard axes at 
a positive angle to H and the other half have their hard axes at a negative angle to H. 
The best way to illustrate this is with an example. Consider the case of two domains with 
hard axes lying a few degrees to either side of H, which is large enough to saturate the film 
(see Fig. 2). As the applied field is reversed, the magnetizations of the domains rotate in 
different directions toward their respective easy axes (indicated by the dashed lines in the 
figure). Since H is applied exactly between the two hard axes, for every value of the field 
H, the angles between Mi and H and between M2 and H will sum to zero, so that the 
net transverse magnetization is zero (we assume that Mt and M2 have the same absolute 
value). Although the angular resolution of our sample holder (0.5°) was not high enough 
to find the orientation at which the transverse component of the magnetization was exactly 
zero, the amplitude of the 0^(45°) signal did reach a minimum and was nearly circular (thus 
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indicating continuous rotation of the magnetization) when H was applied along the hard 
axis of the sample. 

v M 

Fig. 2. Illustration of the magnetization rotation in two different domains with hard axes 
lki  and '&2' and magnetizations Mi and Mi as H is reduced from infinity. 

The signal increased quickly when the field was applied at larger (> 1°) angles to the 
hard axis, indicating a very high degree of coherence of the domains (a 2° spread in easy 
axes). This agreed with the mosaic spread of the crystallites determined by x-ray rocking 
curves, which indicated that the structural coherence of the films resulted in a coherent 
domain structure. 
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Fig. 3. 0^(45°) measured at three different angles to the hard axis of a [30 Fe/30 Mo]xl7 
multilayer. The upper left-hand transverse magnetization loop was measured with H applied 
at an angle of 1° from the hard axis; the upper right-hand loop with H applied at an angle 
of -1° from the hard axis, and the lower figure with H within 0.5° of the hard axis. 

Typical measurements of the transverse magnetization component in a Fe(110)/Mo(110) 
multilayer are displayed in Fig. 3. Note that when H is applied only 1° or so away from 
the hard axis, there are sharp transitions in the transverse magnetization curve, indicating 
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sudden changes in the magnetization orientation and/or domain wall motion. These tran- 
sitions correspond to transitions in the signal from the longitudinal magnetization, and are 
absent when H is closest to parallel to the hard axis (the lower figure). 
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l 

Fig. 4. Resulting surface anisotropy of the Fe film. Error bars are primarily from estimation 
of the Fe film volume. The straight line is a fit to the data with a slope of 0.5 ergs/cm2. 

The measurement of 0^(45°) was also used to determine the total magnetic anisotropy. 
We found the orientation of the sample at which the 0fc(45°) signal had a minimum amplitude 
and was most circular. The anisotropy field was given by the field at which the circular 
0jt(45°) signal closed on itself; for example, the sample displayed in Fig. 3 had an anisotropy 
field of approximately 2.2 kOe. The anisotropy field found in this manner agreed with the 
results of torque magnetometry to within only 30%. This discrepancy might be due to: (1) 
variation in the anisotropy throughout the multilayer (the MOKE signal is sensitive to only 
the top few hundred Ä of the film11) (2) antiferromagnetic coupling in the films with small 
bilayer spacings (the 12.5 kOe field applied during the torque experiment should saturate 
the antiferromagnetically coupled layers12). Since both of these effects will affect the MOKE 
hysteresis loop more than the torque results, we used the torque results to determine the 
total magnetic anisotropy. 

Using standard elasticity theory, the strains were calculated from the stresses in the Fe 
film and the resulting strain anisotropy was deduced (see Osgood et al.5 for details). For the 
uniaxial term of the [110] surface, the procedure was straightforward2: subtract the bulk 
crystalline and strain anisotropies from the total measured anisotropy to give the surface 
anisotropy. Because the strains were small, the strain anisotropy was small and the resulting 
1/t dependence of the total anisotropy on thickness was attributed primarily to a surface 
anisotropy (see Fig. 4). 

It is useful to compare our results with those of Elmers et al. for a single Fe (110) film 
evaporated onto a W (110) single crystal at room temperature2. The surface anisotropy of 
the Fe constituent of a Fe(110)/Mo(110) multilayer and a single Fe (110) film on W (110) 
had the same magnitude (0.5 ergs/cm2)_but different signs, indicating a preference for [001] 
magnetization in the multilayers and [110] magnetization in the single Fe layer. 

CONCLUSIONS 

We have shown that the surface anisotropy of a Fe(110)/Mo(110) multilayer prefers 
the [001] direction of magnetization, in agreement with earlier data5 and in contrast with 
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Fe(110)/W(110), where the surface anisotropy prefers the [110] direction of magnetization2. 
This conclusion is based on the fact that the magnetic anisotropy is large while the magne- 
toelastic component derived from our experimentally measured strains is small. The surface 
anisotropy is therefore equal in magnitude to the surface anisotropy of the Fe(110)/W(110) 
interface, but opposite in sign. Whether this is due to the different electronic structures 
of W and Mo, different morphologies at the Fe(110)/W(110) and Fe(110)/Mo(110) inter- 
faces, or both, still needs to be determined. In addition, we have demonstrated the use of 
measuring the transverse component of the magnetization with MOKE to determine useful 
information about the anisotropy and domain structure of the multilayers. 
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INTERFACE AND VOLUME ANISOTROPD2S IN Gd / W(110) 

M. Farle, B. Schulz, A Aspelmeier, G. Andre, and K Baberschke 

Institut für Experimentalphysik, FU Berlin, Amimallee 14, D-14195 Berlin, Germany 

Abstract 

The magnetic anisotropy of epitaxial Gd(0001) films on W(110) is determined as a function of 

temperature (150 to 350 K) and film thickness (9 to 30 monolayers) by in situ ferromagnetic 

resonance. It is found that the usual analysis in terms of a thickness independent part Kv and a 

thickness dependent contribution 2Ks/d must be performed at the same reduced temperature 

t = T/Tc(d). Kv shows qualitatively the same temperature dependence as the magnetocrystal- 

line anisotropy of bulk Gd. It changes in sign near 0.7 Tc and does not vanish at Tc. Ks on the 

other hand decreases linearly from 1.2 meV/atom at 0.6TC to zero at Tc. It appears that the 

intrinsic origin for Kv and Ks is fundamentally different. The vanishing of Ks at Tc indicates 

that two-ion anisotropy (spin-spin interaction) is dominating the interface anisotropy. The 

non- zero KV(T>TC) is likely due to a single ion magnetic anisotropy which is known for bulk 

Gd. 

Introduction 

The orientation of the magnetization in magnetic ultrathin films and multilayers is determined 

by the magnetic anisotropy. Phenomenologicafly, the total anisotropy K„ has been found to 

show a 1/d dependence on magnetic layer thickness d [1-5].: 

K„=Kv + 2Ks/d (1) 

Here, Ks is considered as an interface contribution, and Kv is a thickness independent volume 

coefficient composed of bulk magnetocrystalline anisotropy and a thickness independent mag- 

netoelastic contribution arising from residual strain in the film [6]. The effective 1/d dependen- 

ce of K„ has been associated wfth Neel's surface anisotropy [1-3] due to the broken symmetry 

at the interfaces and a thickness dependent relaxation of misfit strain [7,8]. Except for 27tM , 
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which favors in-plane magnetization, 2Ks/d and Kv may favor either in-plane or out-of-plane 

orientation of the magnetization. 

Kv and Ks are temperature dependent [3,9]. Interestingly, this fact has often been ignored in 

discussions of thin film anisotropies [10]. A measurement of KV(T) may be a good identifica- 

tion of the existence of an undisturbed magnetocrystalline volume anisotropy. Also the tempe- 

rature dependence of the Neel surface anisotropy is unknown. Aside from the phenomenologi- 

cal approach of Eq.(l) the temperature dependence may give new insights on the intrinsic ori- 

gin of the different coefficients of magnetic anisotropy. Two mechanisms based on spin-orbit 

interaction have been discussed in the bulk literature [11] to account for the different anisotro- 

pic behavior of ferromagnets: the single ion anisotropy and the two-ion model. In the two-ion 

or pair model the exchange interaction between neighbouring local magnetic moments causes 

differences in the free energy if the paired moments are aligned along different crystallographic 

directions. In the single ion model the anisotropy arises from the interaction of the local spin 

moment with its own non-spherical orbital momentum distribution. Consequently one expects, 

that a magnetic anisotropy caused by a single ion mechanism may persist above the Curie tem- 

perature while a two ion anisotropy should vanish at Tc because exchange is compensated by 

thermal energy. 

The magnetic anisotropy of bulk Gadolinium has been explained in terms of the single ion 

model in the vicinity of the Curie temperature [12]. It is known to remain finite at Tc and to 

vanish only far above Tc. One may ask if the interface anisotropy behaves in the same way or if 

due to the broken symmetry a different mechanism is more important. In the latter case a diffe- 

rent temperature dependence of Ks and Kv is expected. In addition, the magnetic behavior of 

Gd(0001) thin films has shown many surprising features which have been discussed in relation 

to anisotropies in the films. [13-15].. The only anisotropy values available for Gd films have 

been obtained near Tc for films grown at 450°C (3 -80 Ä) [16], which is known to yield rough 

films with island formation. Only very recently, magnetic anisotropy data for flat Gd(0001) 

films on W(l 10) have been reported by us [9]. Here, we extend our analysis and propose that 

the thickness independent coefficient Kv is caused by single-ion anisotropy and the thickness 

dependent term Ks/d is dominated by two-ion anisotropy. 

9 to 30 layers of Gd(0001) were grown on W(l 10) at room temperature as described in detail 

earlier  [9,17]. After deposition our films were annealed in order to make them, magnetically 
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homogeneous [18]. All films were subsequently measured in situ by ferromagnetic resonance 

at 9.3 GHz. The Curie temperature was independently determined by in situ ac susceptibility 

measurements. Details of the experiment have been reported previously [9,19,20]. 

Analysis and Results 

The general FMR resonance condition for our system with H applied in the film plane is [9]: 

-)   =HR|l(HR||+4u(Ni-N||MHRl|,T)-2Ku(T)/M{HR||,T)) (2) 

We neglect a small threefold in-plane anisotropic contribution [21]. The magnetization 

M(HR,T) as a function of temperature is determined from the resonance intensity [9], which is 

known to be proportional to the total magnetic moment of the sample. 

Our analysis which in detail is given in [9] yields a strongly enhanced uniaxial anisotropy K^ in 

comparison to bulk Gd over the full temperature range. It is positive and favours an out-of- 

plane orientation of the magnetization. But the shape anisotropy still dominates in the 9 to 30 

ML range investigated here and forces the easy axis of the magnetization to lie in the film 

plane. Near Tc K„ becomes very small (s O.OlmeV/atom), but remains finite for all layers even 

above Tc. This behaviour is known also in bulk Gd. One should note that M(HR ) is not zero at 

Tc and 2K„/M(HR) in Eq.(2) does not diverge. 

It has been shown in the case of Ni(l 11) on Re(0001) [3] and of Gd(0001) on W(l 10) [9] that 

Ku(d) has to be analyzed at constant reduced temperature t=T/Tc(d). This is expected if the 

anisotropies predominantly scale with the magnetization and the magnetostriction. One might 

haved argued for a scaling with the absolute temperature T, if the anisotropy is assumed to be 

due to elastic strain which is independent on magnetic ordering. Experimentally, however, it is 

shown that for the above systems the anisotropies scale with t=T/Tc(d) [3,9]. 

In Fig. 1 K„ is plotted as a function of 1/d. A linear dependence is observed for all T/Tc and 

Kv and Ks are determined according to Eq.(l). The temperature dependence of Kv(t) and 

Ks(t) and the magnetocrystalline anisotropy K^ = k2 + 2Li of bulk Gd [12] is shown in Fig.2. 

Kv(t) has the same order of magnitude and changes sign at the same temperature as in the 

bulk. This result implies that Kv in Eq.(l) does represent the magnetocrystalline anisotropy of 

bulk Gd. It is modified by a small thickness independent magnetoelastic contribution 
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Fig. 1: Total anisotropy Ky as a function of reciprocal film thickness for several reduced 

temperatures t=T/Tc(d). The demagnetization energy at t=0.79 is indicated. 
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Fig. 2: Temperature dependence of Ks and Kv (Eq.l). Error bars for t < 0.7 are larger 

since not all thicknesses were measured at these temperatures. The magneto- 

crystalline anisotropy k2+2k4 of bulk Gd [12] is plotted for comparison. 
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Kv = Kv-Kb » 1.5 Kjf » O.OlmeV/atom for t>0.8. The latter also remains finite at Tc indi- 

cating the single-ion origin as well. As discussed in [9] this corresponds to an average thick- 

ness independent strain of 0.8% for 9 to 30 ML. Note that in the case of Ni(001)/Cu(001) 

K^ is by two to three orders of magnitude larger than Kjf [4]. The growth of Gd/W( 110) is 

not pseudomorphic above 1 ML. A thickness dependent release of strain which leads to an 

effective 1/d dependence is expected to be small (0.01 meV/atom) for films thicker than 9 ML, 

because the accomodation of misfit dislocation should be completed at that thickness. Ks is 

identified in good approximation with the Neel surface anisotropy [9]. Ks(t) in Fig. 2 

decreases linearly whh increasing temperature and vanishes at Tc. Presently, there exists no 

theory on the temperature dependence of Ks. In the experimental result KS(T/TC) = k0 + 

t0T/Tc with ko= 2.79±0.01 meV/atom and t0 = -0.66 meV/atom ko represents the Neel surface 

anisotropy at T=0 K It is interesting to note that Neel's model implies an exchange between 

nearest neighbours or in other words a pair model of anisotropy. This is in agreement with the 

observation that Ks vanishes at Tc and consequently is caused by a magnetic pair anisotropy 

between surface atoms. The underlying bulk atoms however predominantly react to a single 

ion anisotropy. 

Summary 

A full temperature dependent analysis of bulk Kv and interface Ks anisotropies has been 

presented for flat Gd(0001)/W(110) films For this system a temperature dependent analysis 

must be performed at constant t= T/Tc(d) [3,9] and not at constant T. The temperature 

dependence of Ks and Kv is different. Ks vanishes at Tc while Kv remains finite. We propose 

that this indicates that a pair anisotropy is dominating the interface anisotropy and that the 

thickness independent coefficient Kv for 9 to 30 ML Gd is determined by the same single ion 

anisotropy which is also observed in the bulk. 

This work was supported in part by the DFG Sfb 290, TPA2. 
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UNUSUAL BEHAVIOR IN THE MAGNETIC ANISOTROPY 
OF ULTRA-THIN Co SANDWICHES : THE ROLE OF Au UNDERLAYERS. 

CHRISTIAN MARLIEREt. BRAD N. ENGEL AND CHARLES M. FALCO 
The Optical Sciences Center and the Department of Physics, University of Arizona, Tucson, AZ 85721. 
t Permanent address : IOTA, URA 14 du CNRS, B.P. 147,91403 Orsay Cedex, France. 

ABSTRACT 

We have used in situ polar Kerr effect measurements to study the magnetic anisotropy of 
X/Co/Y sandwich structures grown by MBE on Cu(lll) buffers, where X and Y are variable 
thicknesses of Au. For fixed values of Y and in the case of an underlayer wedge, e.g. variable X value, 
we have found a sharp minimum in both coercive field and perpendicular anisotropy at =1 atomic layer 
of the Au underlayer. This anisotropy behavior is opposite to that of an Au overlayer deposited on a Co 
film, i.e. variable Y and fixed X. 

INTRODUCTION AND BACKGROUND 

In the past few years a great amount of research has been devoted to the study of the magnetic 
surface and interface anisotropies in ferromagnetic ultra-thin films. However the underlying 
fundamental mechanism remains a puzzling problem in modem magnetism. 

Besides the magnetocrystalline interface anisotropy [1], possible explanations include the 
strain-induced magnetoelastic anisotropy [2-3] and altered electronic structure at the surfaces and 
interfaces [4]. 

The recent advent of sensitive in situ magnetic measurement techniques gives the researcher 
ways of investigating the evolving behavior of anisotropy during the growth of thin films. Thus, it has 
been discovered that the perpendicular anisotropy of cobalt thin films on different buffer layers such as 
Pd(l 11) [5], Au(l 11) [6], Ag(l 11) [7] or Cu(ll 1) [8] displays a drastic increase during the deposition 
of a non-magnetic metallic overlayer. A pronounced peak for both coercivity and anisotropy was 
observed for an overlayer of about one monoatomic layer (ML). Similar non-monotonic behavior has 
also been observed for Cu(001)/Co/Cu films with an in-plane anisotropy [9]. As this effect was 
observed with a large variety of metals used for the buffer layer as well as for overlayer, this 
phenomenon can be more likely explained by a change in the electronic structure of the overlayer due 
to its restricted dimensionality, or to hybridization with cobalt, than by a strain-induced magneto-elastic 
anisotropy. Indeed, there have been recent reports of quantum-well-type confinement effects with Cu 
on Co(0001) [10] , Co on Cu(lll) [11] or Au on W(lll) [12]. Thus, by changing the layering 
sequences of different metallic layers over or under a cobalt thin film, we aim to probe the effect of 
confinement on the magnetic anisotropy. 

We report here a series of experiments using in situ polar Magneto-Optical Kerr effect 
measurements (pMOKE) with cobalt films embedded between gold layers on a Cu(lll) buffer layer, 
showing a pronounced decrease in the anisotropy for a Au underlayer of about 1 ML. 

EXPERIMENTAL 

Film Growth 

The thin films were deposited at room temperature in the growth chamber of our Molecular 
Beam Epitaxy (MBE) machine on single-crystalline Cu(lll) buffer layers epitaxially grown on Si 
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(Ill) substrates. The background pressure during deposition was < 5 x 10' torr. Optical-feedback- 
controlled e-beam evaporators were used to deposit the Au (= 0.1Ä/s), Co (= 0.1Ä/s) and Cu (= 
0.15Ä/S). All deposition rates were determined from Rutherford Backscattering Spectrometry (RBS) 
analysis of calibration films and were reproducible to within ± 10 %. Film quality and crystal structure 
were monitored during and after growth with Reflection High Energy Electron Diffraction (RHEED) 
and Low Energy Electron Diffraction (LEED), respectively. The samples were made by first 
evaporating a stepped-wedge gold underlayer on the Cu buffer layer, then a cobalt thin film and finally 
an Au overlaver. Sample rotation during the deposition of the Cu, Co and Au overlayer assured 
thickness variations of less than 1% across the full substrate diameter as determined by RBS. The step- 
wedge Au underlayer was formed by moving a shutter, located very close to the substrate, during 
deposition using a computer-controlled stepper-motor. For each sample, up to eight 4mm-wide steps 
were made with varying Au underlayer thicknesses. 

The sample was then transferred from the growth chamber to the pMOKE chamber (base 
pressure < 2 x 10"'° torr) where it was aligned between the poles of an external electro-magnet for in 
situ Kerr effect measurements. The magnetic field was applied along the sample normal. The sample 
could be moved repeatedly between the measurement and the deposition chambers without need for 
optical realignment. 

In situ pMOKE measurements. 

For films below a critical Co thickness (dependent on interface material), all of our samples 
revealed very square polar hysteresis curves indicating a perpendicular magnetic easy-axis. It was 
shown previously [5] that the coercivity of these square loops is directly related to the total anisotropy 
energy of the ultra-thin film. Furthermore, the coercivity is very sensitive to changes at the interface. 
Therefore, we have tracked the coercive field during interface formation in order to get information 
about the evolution of the interface anisotropy. For all of these measurements, the cobalt thickness was 
fixed at 11Ä. We have also made direct measurements of the total anisotropy energy (K,). To 
accomplish this, we chose the characteristics of the sandwich structure to maintain an in-plane easy- 
axis of moderate anisotropy strength and thus allow the saturation of the sample's magnetization by our 
maximum field of ± 2.2 kOe. Then K, is calculated (see Fig. 1) from the relation : 

K[=-HkMs/2 (1) 

where Ms = 1422 emu/cm3 is the Co bulk saturation magnetization. Here we have adopted the 
convention used by many researchers, where a positive Ki indicates perpendicular anisotropy. 

LASER 

i 

■-> 

H 1' m 

o 

ÜJ 

*^r~" 

Hk 

H 
Fig. 1 : Schematic of the in situ anisotropy energy measurement. The magnetization m lies in 
the plane of the sample while the applied field H is perpendicular to the film plane. 
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RESULTS AND DISCUSSION. 

Using stepped-wedge growth, we varied the thickness of the Au underlayer, each step 
increasing by = 0.5ML and deposited between the Cu(l 11) buffer and the cobalt film. The Co was then 
covered by a series of increasing Au overlayer thicknesses, with a complete set of pMOKE 
measurements taken along the wedge after each coverage. 

Figure 2 is a plot of coercive field versus Au underlayer thickness. In contrast to our earlier 
finding for overlayers, the coercive field displays a pronounced minimum for 1ML Au underlayer 
thickness. This decrease in coercivity is surprising in view of the strong Co/Au perpendicular interface 
anisotropy. Indeed, the variation of coercive field versus the Au overlayer thickness (Fig. 3) reveals the 
previously observed maximum peaked at around 1ML and is independent of the Au underlayer 
thickness tmu!a. 
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Fig. 2 : Perpendicular coercive field versus Au underlayer thickness for a Cu(lll)/Au(x)/Co/Au 
sandwich structure for different values of the Au overlayer thickness. Uncertainties in Hc are 
the size of the data points. 
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1ML 

o- 
0 12 3 4 5 6 7 

Au Overlayer Thickness ( ML ) 
Fig. 3 : Perpendicular coercive field versus Au overlayer thickness for a Cu(lll)/Au(x)/Co/Au 
sandwich structure for different values of the Au underlayer thickness. For reason of clarity 
each curve has been successively shifted by +50 Oe along y-axis. 

We have also directly measured the total anisotropy on similar samples with an Au stepped- 
wedge underlayer deposited on Cu(lll). In order to achieve the moderate in-plane anisotropy required 
by our measurements, a 15Ä Co film was grown on the gold wedge and covered by an uniform film of 
Au (7 Ä) on which a 2Ä Cu top layer was deposited. Figure 4 shows the variation of the hysteresis 
loops with increasing thickness of the Au underlayer. Because the moments can be saturated, we can 
deduce the total anisotropy energy from extrapolation of the hard-axis curve to saturation. We are 
restricted to Au underlayer thickness lower than =2ML, since for greater values of tunder, the 
magnetization easy-axis becomes perpendicular to the sample. The plot (Fig. 5) of the anisotropy 
constant Kl versus the Au underlayer thickness displays the same non-monotonic behavior observed in 
the coercivity of the perpendicular films, with a minimum at =1ML of gold. 

These similarities are not surprising because, in such high quality samples with very square 
hysteresis loops (for the 11Ä Co films), the coercive field can be identified as the propagation field [13] 
which is directly related to the anisotropy energy [14]. 

Strain-induced magnetoelastic anisotropy or changes in bulk crystalline anisotropy are unlikely 
to be at the origin of our observed anisotropy minimum. Indeed, the variation of the strain in a gold thin 
film deposited on a Cu(lll) buffer layer has been monitored by RHEED and also reveals a monotonic 
behavior (Fig. 6). Furthermore, it could be expected that with increasing thicknesses of the Au 
underlayer, the crystallographic structure of the cobalt layer changes from f.c.c. when deposited on 
Cu(lll) to h.c.p. when on Au(lll). This would cause a significant increase of the magnetocrystalline 
anisotropy [15] which is contrary to our observations. 

More probably this sharp minimum observed in our experiments can be attributed to a variation 
of the confined underlayer band-structure leading to a change in the hybridization of electronic states at 
the cobalt/underlayer interface and causing a significant alteration of the total anisotropy energy. 
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Fig. 6 : Variation of the average in-plane lattice parameter during the deposition of gold on 
Cu(lll) as measured by RHEED. 

We think that the unusual coverage dependent anisotropy presented here will provide an 
additional test for theoretical explanations of the magnetic anisotropy at surfaces and interfaces in 
layered metallic systems. 
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MAGNETIC STRUCTURES IN NONMAG-/MAG-/NONMAG-NETIC 
SANDWICHES 
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ABSTRACT 

Spin-reorientation transition in magnetic thin film sandwiched by nonmagnetic materials 
is clarified by means of the variational formalism. Phase diagrams of the magnetization 
configuration are presented. Scaling relations among the film thickness, exchange coupling 
and magnetic anisotropies are revealed. A formula for the interface anisotropy is presented. 

INTRODUCTION 

Much attention has been paid to metallic thin films in recent years, since sophisticated 
epitaxial techniques enable us to control the thickness, the surface condition and the interface 
smoothness between the film under concern and substrate, and many new phenomena have 
been observed. Among them it is found experimentally in nonmag-/mag-/nonmag-netic 
sandwich structures that, the easy-axis direction for magnetization changes according to 
the thickness of the transition metallic film[l]: At lower thickness, it is normal to the film 
plane, while at higher thickness, it lies in the film plane. A similar phenomenon has also 
been discussed in magnetic bilayer systems used for magneto-optical recording[2]. From 
the application point of view, the presence of perpendicular magnetization in thin film of 
transition metal is of great potential for high density recording. In sandwich and bilayer 
structures, a surface anisotropy normal to the film is produced by the breaking of translation 
invariance at the interface, as "considered first by Neel[3]. In contrast to 3D systems, the 
magnetization in film also produces shape anisotropy, which favors in-plane ordering. In the 
present paper, we will assume the presence of the long-range order in the thin film under a 
surface anisotropy, and proceed to discuss the spin-reorientation phase transitions with the 
variance of the thickness. 

Although the role played by the anisotropies has been explored by both experiments and 
theoretical arguments, the exchange stiffness has not been paid enough attention. In most 
of the literature, the inverse thickness dependence of the effective volume anisotropy is taken 
as a satisfied fitting of experimental data or as an ansatz a priori in theories. In the present 
study we explore the role of the exchange stiffness in the competition of the shape anisotropy 
and the surface anisotropy, both around the transition point and at large thickness limit. 

DISCRETE MODEL AND SCALING 

The discrete model of magnetic thin film sandwiched by nonmagnetic materials is shown 
in Fig.l and the energy per unit area is 

JV—1 N-l 

7 = -Jm2 £ cos(<ft ~ <Pi+i) -KY, sin2 fi + K(sila2 <Pi + sin2 ipN). (1) 
i=l <=2 

The first term on the right-hand side of the above expression covers the exchange coupling 
energy between the classical spin-vectors on the nearest-neighboring layers. The remaining, 
terms are for the in-plane shape anisotropy K'v and the vertical interface anisotropy A',, 
respectively, where the dashes denote the difference between the present quantities and 
those in standard experimental notations. 
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Figure 1: Discrete model[4]. 

The stable spin configuration is determined by minimizing the energy functional (1). In 
the present discrete model, no analytic results can be expected. For numerical calculation 
in this section, we take \Jml = 1 and ä = l(lattice constant). 

Fixing the magnetic constants, we have found a spin-reorientation transition from the 
perpendicular uniform configuration to a nonuniform one, as the number of layers is increased 
from N = 2. A further transition is observed, where the nonuniform configuration is switched 
into the in-plane uniform one. The phase diagram of the spin configuration, shown as dashed 
arrows for A, = 0.10, with the number of layers and the surface anisotopy as variables is 
depicted in Fig.2, for two different values of volume anisotropy. The phase boundaries consist 
of steps, as the result of the discrete variance of the thickness, namely the number of layers. 
The locations of the phase boundaries depend sensitively on the value of volume anisotrop}'. 

N 

10 

tf 6 

4 Ui 

2 volume »nteotfopy 
 (fv-0.02 

1.0 Ks 

Figure 2: Phase diagram of the spin configuration with fixed volume anisotropies[4]. 

We have calculated the magnetic configuration in systems of N = 4 ~ 20 and various 
values of A'^ and K'v, and tried to rearrange the data into a single diagram. We then arrive 
at the conclusion that if one takes the variables as (Ar - AN),JKl and K'J^K'W as in Fig.3 
where AN = 2.2 is selected to obtain the best plotting, all the phase boundaries, such 
as those shown in Fig.2, fall into two smooth curves[4]. This fact implies the presence of 
the following scaling relations among the film thickness, the anisotropies and the exchange 
coupling in the spin-reorientation transitions: (Ar - AN)JK'v/(Jm%) and K's/yjK'vJiri;. 

CONTINUOUS MODEL 

In this section, we introduce the continuum approach and present the essential results. 
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Figure 3: Scaled phase diagrams[4]. 

Consider a ferromagnetic layer with thickness 2a: On the surfaces there exist perpendicular 
anisotropies A's, within the film the anisotropy A'v is in the film plane, and the exchange 
stiffness A is ferromagnetic and finite. We assume that the magnetization is uniform in the 
in-plane directions. Then, half of the total energy stored in the film per unit area is expressed 
bv 

/V(-r)2 - Kv sin2 <p]dz + K5 sin2 p(0), 
Jo       dz (2) 

where the ;-axis is taken to be normal to the film plane and the origin at the bottom 
surface[5,6]. The relations among the magnetic quantities in (1), the discrete model, and 
(2), the continuous model, are given as: |/?7).2n. = A, K'w/a = A~v and K's — A's. 

Spin-reorientation transition 

The stable spin configuration is determined by solving a variational problem to the above 
energy functional. It is then revealed that there exists the first critical thickness 

acl '—-tan    -i==, 
Av JAAv 

(3) 

so that for a < ac\ the stable configuration is uniform and magnetization stands normally 
to the film plane. For materials satisfying A's < \/AKv, there exists the second critical 
thickness 

ac2 = 
A !   As —-tanh   —===, 

Av JAhv 
(4) 

so that for o > ac-i, the magnetization is aligned uniformly within the film plane. For 
aci < o < «c2, the spin configuration is not uniform in the vertical direction. The spin 
direction at z = a is determined by 

A's    _ sn[aTJKV/A,sin ipa]dn[a\JKV/A, sin ipa 

\Akv a\[aJ Kv/A,sm.<pa] 

where ip„ = <p(a), and the spin configuration is expressed by ipa as 

(5) 
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cn[{a-z)jKv/A,sm<pa] 
ip(z) = sin   {sini^a—;    ;.. . .   . :;> for   0 < z < a. (6) 

"dn[(a - z)y/Kv/A,smipa 

The phase diagram of magnetization configuration obtained from the above formalism is 
given in Figs.4 and 5. The dashed arrow in Fig.4 denotes a,jKv/A = TT/2, where the phase 
boundary (3) saturates. Good coincidence between Fig.3 and Fig.4 must be found, which 
implies the sufficiency of the continuous approach in the present problem. 

Figure 4: Phase diagram derived by continuous model. 

Formula for interface anisotropy 

In the large thickness limit, we have found in the case of A's < y/AKv that the energy 
behaves asymptotically as[5] 

7 = -oA'v + Es (7) 

where E5 = A"s. In the case of A's > y/AKv, the above relation is established exactly for a > 
ac2. In other words, the inverse thickness dependence of the effective anisotropy is satisfied 
outside the region of the spin-reorientation transitions. This fact implies insufficiency of 
the phenomenological argument for the spin-reorientation transition based on the inverse 
thickness dependence of anisotropy. It is found in the case of As > y/AKv that the constant 
£„ which is usually measured by experiments, is different from the surface anisotropy As 

introduced in (2) and is given by[5] 

Es = 2^AKV - 
AKV 

A'   ' 
(8) 

The difference appears because of the existence of the nonuniform structure near the surface 
for a > acl in the case of A"s > y/ÄlQ. The extrapolation formulas (7) and (8) should 
be important in the interpretation of experimental results and thus for the discovery of the 
mechanism the interface anisotropy. 

As the exchange stiffness A approaches to infinity, acl and ac2 are reduced to a single 
critical value o.c = A's/A'v, and the phenomenological theory is deduced. The strong exchange 
coupling makes the spin rotation a discrete transition and the stable states uniform, denoted 
by v? = 0 and tp = TT/2 for a < ac and a > ac, respectively. 
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Figure 5: Spin-direction at the central part(top) and at the interface(bottom). 

SUMMARY 

Spin-reorientation transitions are observed as the film thickness and/or the magnetic 
constants are varied. Scaling relations among the relevant quantities in these transitions 
are derived. From the comparison of the results derived from the continuum model and 
the discrete one, we have found that the continuum approximation is sufficient in the study 
of the spin-reorientation transitions in magnetic ultrathin films. It is highly expected to 
perform systematic experimental investigations to verify the present theoretical predictions. 
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INDUCED MAGNETIC ANISOTROPY OF SPUTTER NiFe THIN FILMS 
ON THIN TANTALUM NITRIDE UNDERLAYER 

T. YEH, L. BERG, J. FALENSCHEK, J. YUE 
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ABSTRACT 

The structure and properties of sputter NiFe thin film deposited on both thermal oxide and 
thin tantalum nitride have been studied. The magnetic anisotropy field HK increases to 8.2 Oe 
when the NiFe film was deposited on a thin tantalum nitride underlayer. Anisotropie stress was 
found on the sample film with tantalum nitride underlayer. Results of X-ray diffraction show that 
a thin tantalum nitride underlayer appears to promote a preferred crystalline orientation formation 
of the NiFe film. The induced magnetic anisotropy is attributed to the formation of the preferred 
crystalline orientation and the induced anisotropic magnetoelastic energy which is associated with 
the anisotropic stress of the sample film. 

INTRODUCTION 

There is considerable interest in NiFe-based thin films because of their applicability for both 
anisotropic magnetoresistive (AMR) and giant magnetoresistive (GMR) magnetic sensor devices. 
Because of their low magnetic anisotropy field and "soft" magnetic characteristics, NiFe-based 
thin films are gaining wide use for both AMR and GMR sensor devices. The success of utilizing 
both AMR and GMR as magnetic sensors largely depends upon a better understanding and 
control of the magnetic anisotropy field. 

Higher magnetic anisotropy field (HK) was found when the NiFe thin films were sputter 
deposited on a thin tantalum nitride layer. Trie purpose of this paper is to investigate the effect of 
thin tantalum nitride underlayer on the structure and magnetic properties of the sputter thin NiFe 
films. The manner in which the structure and magnetic properties of sputter NiFe thin films are 
affected by the thin tantalum nitride underlayer is examined. Also, the structure/properties 
relationship of the sputter NiFe thin films is discussed. 

One of the considerations of this study is that the anisotropic magnetoelastic energy 
contributes to the magnetic anisotropy.fi] The anisotropic magnetoelastic energy in the sample 
films may arise from the residual stress combined with magnetostriction of the films. Thus, the 
magnetic anisotropy may be varied by the induced anisotropic magetoelastic energy in the sample 
films. Another consideration is that it has frequently been reported that body-centered-cubic (bec) 
Cr underlayers appear to promote epitaxial formation of hexagonal-closed-packed (hep) Co- 
based thin films on a grain-to-grain basis, and result in inducing the hep c-axes to distribute in 
the plane of the film.[2-6] The consequence of this is a marked increase in the coercivity of the 
films. These results demonstrate that the magnetic properties of the sputter films are sensitive to 
the structure of the films. When the NiFe thin films are sputter deposited on the thin tantalum 
nitride underlayers, the surface energy of the NiFe film nucleation and growth could be differnet 
from the NiFe films deposited on thermal oxide. The surface energy could play an important role 
for sputter thin film nucleation and growth and has significant effect on the structure and 
properties of the films.[7] Therefore, the structure of the NiFe thin films could be different while 
the films were deposited on the thin tantalum nitride. 
The experiment results obtained from X-ray diffraction and stress measurement show a preferred 
crystalline orientation of NiFe (111) and anisotropic stress when the film was sputter deposited 
on a thin tantalum nitride film. The induced magnetic anisotropy may be attributed to the effect of 
thin tantalum nitride on the formation of the preferred crystalline orientation of the NiFe film and 
the induced anisotropic magnetoelastic energy. 
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EXPERIMENT 

Samples of NiFe film with and without a thin tantalum nitride underlayer were RF sputter 
deposited on silicon wafers coated with thermally grow oxide. A 350A thick NiFe film was 
sputter deposited on the two different underlayers and then a 75A thick tantalum nitride layer was 
deposited on the NiFe film to prevent the surface of the NiFe film from oxidation. After the 
depositions the magnetic properties of the deposited films were characterized by a B-H loop; the 
sheet resistance of the films were measured by using a four-point probe, the anisotropic 
magnetoresistance effect of the sample films was characterized by a four point probe with 100 Oe 
applied magnetic field. 

Higher magnetic anisotropy fields were found when the NiFe film was sputter deposited on a 
thin tantalum nitride underlayer. In an attempt to study the manner in which the magnetic 
properties of NiFe films are affected by the thin tantalum nitride underlayers, the stress of the 
NiFe sample films were determined by a flexus stress gauge along both easy and hard axes. The 
magnetostriction of the sample films was also measured by optical interferometry method. X-ray 
diffractometry was used to characterize the crystalline structure of the sample films. X-ray 
diffration patterns obtained on all the NiFe sample films show a predominantly face-centered- 
cubic (111) peak. The preferred crystalline orientation of the NiFe films was measured by using 
A95o of X-ray rocking curve of the NiFe (111) diffraction peak. 

RESULTS AND DISCUSSION 

The averages of the magnetic properties of the NiFe films obtained from B-H looper 
measurement are summarized in the Table 1. The experiment results obtained show that the 
underlayers have a great effect on the magnetic properties of the NiFe thin films. Very low skew 
and dispersion measured on all the sample films is evidence of the unaxial anisotropy of the 
sample films. Figure 1 shows a typical hysteresis loop of the sample films measured along both 
easy and hard axes of the NiFe films. 

Table 1 Magnetic properties of the NiFe films deposited on both thermal oxide 
and thin tantalum nitride underlayers 

skew 
(degree) 

Dispersion 
(degree) Bs(nW) HK(Oe) Hc//(Oe) R(ß) AR/R (%) 

thermal 
oxide -0.9 1.1 2.74 5.2 1.70 7.19 2.33 

tantalum 
nitride 0.4 2.3 2.78 8.2 2.29 6.00 2.72 

One of the significant effects due to the different underlayers is that the magnetic anisotropy 
field HR of the sputter NiFe films increase from 5.2 Oe for the films deposited on thermal oxide 
to 8.2 Oe for the NiFe deposited on thin tantalum nitride. The sheet resistance was measured on 
the NiFe films to be 6.0 Ci/n, and 7.19 n/Q for the films deposited on thin tantalum nitride and 
thermal oxide, respectively. The magnetoresistance effect of 2.72% and 2.33% for the NiFe 
films deposited on thin tantalum nitride and thermal oxide respectively were obtained. Higher 
magnetoresistance effect was obtained on the NiFe films with lower sheet resistance. The Bs is 
the nondestructive indirect measurement of the NiFe film thickness; the Bs is linearily dependent 
on the NiFe film thickness. The results of Bs measurement indicate the variation of thickness on 
all the sample films is within 2%. This implies that the effect of thickness on the magnetic- 
properties of the NiFe films is negligible. 

The coercivity of the NiFe films deposited on both thermal oxide and tantalum nitride were 
measured to be 1.7 and 2.29 Oe, respectively. The sample film with higher anisotropy field HK 
has higher coercivity measured along the easy axis He//. The coercivity is a measure of the 
magnetic field required to reverse the magnetization of the film, and is related to the domain wall 
energy gradient. [8] As a result of competition between the exchange and anisotropy energies, the 
domain wall width will decrease with increasing the anisotropy energy. The higher the HR, the 
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thinner the domain wall; therefore, the domain wall energy gradient increase with HR. Thus, the 
coercivity would be higher for the sample film with higher HK. 

In an attempt to understand how the underlayers affect the magnetic anisotropy field HR of 
the NiFe films, the stresses measured along both hard axis and easy axis of the NiFe films and 
the magnetostriction of the sample films were studied. The magnetostriction of the NiFe sample 
films obtained from the optical interferometry measurement is 6.1xl0-7. The difference of the 
stress measured along easy axis and the stress measured along hard axis, anisotropic stress, was 
found on the samples of NiFe films deposited on sputter tantalum nitride to be 76 MPa. 
Anisotropic stress of 6 MPa was obtained on the NiFe films deposited on thermal oxide 
underlayer. The magnetostrition combined with the anisotropic stress of the sample films 
introduce aniostropic magnetoealstic energy.[l] The magnetic anisotropy field HK of an unaxial 
anisotropy thin film is determined by the total anisotropy energy Kt. The magnetoelastic energy 
may contribute to the total anisotropy energy to have an effect on the HR. The contribution of the 
anistropy energy from the induced magnetoelastic energy can either increase or decrease the 
magnetic anisotropy field HK of the films. In a case where magnetoelastic energy adds to the 
anistropy energy, the HR would increase. 

When the NiFe films were deposited on thin tantalum nitride underlayers, 76 MPa anistropic 
stress was found. The anistropic stress combined with the magnetostriction, 6.1xl0-7, of the 
NiFe film gives anistropic magnetoelastic energy approximately 460 erg/cm3. This anisotropic 
magnetoelastic energy is corresponding to approximately a 1.1 Oe increase in the magnetic 
anisotropy filed HK of the NiFe films. In anothor word, the anisotrpic magnetoelastic enegy is 
responsible for 30% of the induced magnetic anisotropy of the NiFe films deposited on thin 
tantalum nitride underlayer. The anisotrpic magnetoelastic energy contribution to the HK of the 
NiFe films deposited on thermal oxide is one order of magnitude samller compared to that of the 
NiFe films deposited on thin tantalum nitride underlayers. Therefore, the effect of anistropic 
magnetoelastic energy on the HR of the NiFe film deposited on thermal oxide is approximately 
0.1 Oe. 

The crystalline structure of the sample films has been studied by X-ray diffreacton. The X- 
ray diffration patterns obtained from the sample films show that the underlayers have a great 
effect on the crystalline structure of the sputtered NiFe films. Figure 2 shows the X-ray 
diffraction pattern of the NiFe films deposited on thermal oxide and thin tantalum nitride 
underlayers. The five diffraction peaks which appear in the diffraction pattern have been 
identified as NiFe (111), NiFe (222), TaN (110), and two Si peaks. The two silicon diffraction 
peaks are coming from the silicon substrate. The diffraction peak of tantalum nitride (110) 
appears only when the thin tantalum nitride is used as the underlayer. The diffraction peak which 
has been identified as NiFe (111) indicated that the diffraction intensity significantly increases for 
the NiFe deposited on the thin tantalum nitride underlayer, the NiFe (111) diffraction peak is 
highlighted and shown in Fig.3. The diffraction intensity of the NiFe (111) peak for the film 
deposited on thin tantalum nitride is approximately 20 times higher than that of the film deposited 
on thermal oxide. The increase of NiFe (111) X-ray diffraction intensity implies that a great 
percentage of NiFe [111] lies perpendicular to the plane of the film. X-ray rocking curve of the 
NiFe (HI) diffraction peak obtained from both samples exhibited in Fig.4 shows a dramatic 
difference of A850 for the two NiFe films. The X-ray diffraction results demonstrated that the 
thin tantalum nitride induced higher percentage of NiFe [111] to be distributed perpendicular to 
the plane of the film. 

Thin tantalum nitride appears to have an effect on the crystal orientation of the NiFe film, 
inducing [111] crystal orientation perpendicular to the film plane. Sputtering deposition involves 
a phase transformation of a vapor to a solid. Theoretically, sputtering thin film nucleation and 
growth can be affected by three important energy terms; these are the free energy of the 
transformation AGV, the surface energy y, and the strain energy AGe. The diffraction results 
indicated that the thin tantalum nitride underlayer play a primary role in causing the NiFe [111] to 
be perpendicular to the plane of the film. It is very likely the surface energy of the thin tantalum 
nitride which may be lower than the thermal oxide is one of the important energy terms affecting 
the nucleation and growth of the NiFe overlayer. The strain energy may also play an important 
role in affecting the nucleation and growth of the NiFe overlayer. 
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Now, we move to a discussion of the effect of structure on the properties of the NiFe films. 
The sheet resistance R measurement of the the sample films is also consistent with the crystaline 
structure results obtaned from the X-ray diffraction. Higher A850 implies more random 
distribution of the grain structure of the film and result in increasing the scattering of conduction 
electrons. Therefore, higher sheet resistance was obtained on the sample film with more 
randomly distributed grain structure and higher A9so. In the case of the anisotropic 
magnetoresistance, AR remains constant, higher percentage of magnetoresistance effect AR/R is 
expected on the sample with lower sheet resistance R. This could explain that higher percentage 
AR/R was obtained on the NiFe film deposited on the thin tantalum nitride underlayer. 

As mentioned, observed in-plane anisotropy (unaxial anisotropy) of the NiFe films exhibited 
easy axis and hard axis in the plane of the film perpendicular to each other, (see Fig. 1) One quite 
possible interpretation of the in-plane anisotropy in the sample films is the induced pair-ordering 
or directional ordering of like atoms due to the applied magnetic fields during the deposition 
processes. The physical nature of this interaction is like crystal anisotropy and is related to the 
spin-orbital coupling. Therefore, the crystal texture of the NiFe film would have an effect on the 
magnetic anisotropy of the film. A randomly distributed crystal orientation of the NiFe film tends 
to diminish the directional ordering and results in lowering the magnetic anisotropy field HK- 
While a highly oriented NiFe film would induce the directional ordering in the plane of the film. 
As a consequence, the magnetic anisotropy field HK increases for the highly oriented NiFe film. 
The underlayers play an important role in affecting the NiFe thin film nucleation and growth. The 
consequence of this is induced anisotropic stress and preferred crystalline orientation of the film 
which results in altering the magnetic properties of the NiFe film. 

CONCLUSION 

Sputter NiFe thin film deposited on a thin tantalum nitride underlayer exhibited a higher 
magnetic anisotropy field, in-plane coercivity, magnetoresistance effect and lower sheet 
resistance compared to the films deposited on thermal oxide. Thin tantalum nitride appears to 
play an important role in affecting thin film nucleation and growth of the NiFe film and in 
inducing crystal orientation texture in the film. A very strong preferred crystalline orientation of 
NiFe [111] and anisotropic stress was found when the NiFe film was deposited on a thin 
tantalum nitride underlayer. The induced magnetic anistropy of the NiFe film is attributed to the 
induced NiFe [111] preferred crystalline orientation and anisotropic stress associated with the 
thin tantalum nitride effect on the nucleation and growth of the film. 
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ABSTRACT 

We have studied the structural origins of perpendicular magnetic anisotropy in amor- 
phous Tb-Fe thin films by employing high energy x-ray scattering. The as-deposited films 
show a clear structural anisotropy, with a preference for Fe-Tb near-neighbors to align in the 
out-of-plane direction. Upon annealing, the magnetic anisotropy energy drops significantly, 
and we see a corresponding reduction in the structural anisotropy. The radial distribution 
functions indicate that the number of Fe-Tb near-neighbors increases in the in-plane di- 
rection, but does not change in the out-of-plane direction. Therefore, the distribution of 
Fe-Tb near-neighbors becomes more uniform upon annealing. We conclude that the ob- 
served reduction in perpendicular magnetic anisotropy energy is a result of this change in 
structure. 

INTRODUCTION 

Amorphous RE-TM alloy thin films are in widespread use as magnetooptic recording 
media. One important property that these materials have is a strong perpendicular mag- 
netic anisotropy; that is, an easy axis of magnetization perpendicular to the plane of the 
film. While the physical origins of magnetic anisotropy (such as dipolar interactions and 
single-ion anisotropy) are reasonably well understood, each of these mechanisms requires an 
underlying structural anisotropy to produce a macroscopic magnetic anisotropy. The nature 
of this structural anisotropy in amorphous RE-TM films has been the subject of consid- 
erable debate. A variety of different theories have been proposed, including pair ordering 
anisotropy[l] and bond orientation anisotropy[2]. 

Recently, two independent observations of atomic-scale structural anisotropy in amor- 
phous RE-TM thin films have been reported. The first compared x-ray scattering from 
an amorphous Tb.26Fe.62C0.12 in the symmetric reflection geometry (which gives in-plane 
structural information) with grazing-incidence scattering (which gives out-of-plane structural 
information) [2]. While no real-space structural information was presented, the difference in 
scattering between the two geometries lead the authors to conclude that bond orientation 
anisotropy was present in their sample. Bond orientation anisotropy is characterized by a 
different near-neighbor spacing and coordination number in the in-plane and out-of-plane 
directions, but not by any difference in chemical ordering between the two directions. 

The presence of pair-ordering anisotropy in amorphous Tb.26Fe.74 has been reported 
by Harris and coworkers[3].   These authors measured the polarization-dependent EXAFS 
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from their samples and then fit calculated EXAFS spectra based on a structural model to 
the experimental data. Their results showed that there was a slight preference for Fe-Tb 
near-neighbors to align in the out-of-plane direction. They did not see any difference in 
overall coordination numbers or near-neighbor spacings between the two directions. 

The present experiment represents an effort to clarify the nature of the structural aniso- 
tropy by making a detailed study of the near-neighbor environment in amorphous Tb-Fe thin 
films. We have employed x-ray scattering at high energies (20-30 keV) in two geometries: 
reflection (which is sensitive to atomic correlations in the out-of-plane direction) and trans- 
mission (which is sensitive to in-plane atomic correlations). The high x-ray energy allows us 
to examine a wide range of reciprocal space (q = 1 - 20 Ä-1), providing a detailed picture 

of the local atomic environments. 

EXPERIMENTAL 

Amorphous Tb.25Fe.75 thin films were deposited by dc magnetron sputter codeposition 
from elemental targets in a chamber with a base pressure of < 2 x 10-9 torr. The sputtering 
gas was 1.5 mtorr Ar purified by a Ti gettering furnace. A quartz crystal rate monitor was 
used to monitor the deposition rates of the elements to ensure that the chemical composition 
of the film (which has a dramatic effect on the magnetic properties) did not vary during the 
deposition. The thickness of the film used for this study was 8900 Ä; the film was capped 
with a reactively sputtered 300 A thick layer of SiN to prevent oxidation. The substrate was 
a free-standing 3000 A thick SiN membrane. 

The x-ray scattering experiments were performed on beamline 7-2 at the Stanford Syn- 
chrotron Radiation Laboratory. The beamline was operated in an unfocused mode with 
dual Si (220) monochromator crystals. The transmission scattering measurements were con- 
ducted at an x-ray energy of 30 keV, and the reflection experiments were done at 21.5 keV, 
primarily to avoid experimental difficulties associated with making measurements at very 
low incident angles. We did perform some reflection experiments at the higher energy as 
a check; the results were consistent with the measurements at the lower energy. The mea- 
sured scattering was corrected for the effects of detector nonlinearity, substrate scattering, 
absorption, multiple scattering, and polarization of the incident beam [4]. The corrected 
intensity data were then placed on an absolute scale using the method of Norman [5], and 
finally Fourier transformed to real space to obtain radial distribution functions. 

The magnetic properties of the sample were measured with a vibrating-sample mag- 
netometer and a torque magnetometer. The measured perpendicular anisotropy of the 
as-deposited film was 7 x 106 ergs/cm3. Upon annealing under vacuum for one hour at 
250 °C, the magnetic anisotropy was reduced to 2 x 106 ergs/cm3. X-ray scattering measure- 
ments were made before and after the anneal in an attempt to correlate structural changes 
with the observed reduction in magnetic anisotropy. 

240 



RESULTS 

The reduced radial distribution functions for the in-plane and out-of-plane direction 
from the as-deposited sample are shown in Figure 1. There is a clear structural anisotropy 
in the near-neighbor shell (r=2-4 Ä). Also indicated on the figure are the approximate 
near-neighbor distances for Fe-Fe, Fe-Tb, and Tb-Tb near-neighbor pairs. By comparing the 
amplitude of the Fe-Tb correlation with that of the Tb-Tb correlation between the in-plane 
and out-of-plane directions, we conclude that there are relatively fewer Fe-Tb near-neighbor 
pairs in the in-plane direction. We should note that the amplitude of the correlations in 
the reduced radial distribution function depends on both the coordination number and the 
sharpness of the distribution; we will address this point later. 

The scattering experiments were repeated after annealing the sample. The reduced radial 
distribution functions after annealing are shown in Figure 2. One significant effect of the 
annealing is that the atomic distributions become sharper, but there is no overall change in 
coordination number. There is still an apparent structural anisotropy between the in-plane 
and out-of-plane directions, but the magnitude of the anisotropy (relative to the as-deposited 
sample) is reduced. In particular, the amplitude of the in-plane Fe-Tb correlation relative 
to the Tb-Tb correlation has increased. 

To examine the structure of the near-neighbor shell in more detail, we fit each of the 
observed RDFs with a sum of three Gaussian peaks in the near-neighbor region. To obtain 
rational results, it was necessary to constrain the three peaks in each fit to have the same 
width (although the width was allowed to vary between fits). The partial coordination 
number for type of correlation was then calculated from the peak areas. Table I contains 
the partial coordination numbers for Fe atoms around Tb atoms {ZTWe) and for Tb around 
Fe (ZpeTb); note tiiat ^TbFe and ZFeTb are not independent but are related by the ratio of 
concentrations of Fe and Tb. The confidence intervals given in the table are based on the 
estimated experimental error as well as a 3<r confidence interval in the parameters of the RDF 
fitting function. Note that the reported coordination numbers are spherically averaged; that 
is, the coordination number for each direction is reported as though it were the coordination 
number for a spherically symmetric atomic environment. 

Out-of-plane 

In-plane 

As deposited 

•^FeTb ZxbFe 

3.9 ±0.2    11.8 ±0.6 

3.1 ±0.2    9.4 ±0.8 

After annealing 
^FeTb ^TbFe 

3.9 ±0.2    11.8 ±0.7 

3.5 ±0.3    10.6 ±0.8 

Table I: Fe-Tb and Tb-Fe partial coordination numbers. 
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DISCUSSION 

The partial coordination numbers shown in Table I indicate that in the as-deposited 
sample there are more Fe-Tb correlations in the out-of-plane direction than in the in-plane 
direction. We propose that it is this chemical anisotropy which is responsible for the observed 
magnetic anisotropy. While we have presented these results based on a single sample, we 
have observed the same anisotropy in other samples measured under different x-ray scattering 
conditions. In each case, we observe a preference for unlike near-neighbors to align in the 
out-of-plane direction. 

Upon annealing, the number of Fe-Tb correlations out-of-plane does not change. (The 
increase in amplitude of the reduced RDF is due the distribution of atomic spacings becoming 
sharper, not a change in coordination number.) In-plane, however, the number of Fe-Tb 
correlations increases; on average, each Tb atom is coordinated by one additional Fe atom. 
Therefore, the effect of the annealing is to make the distribution of Fe-Tb near-neighbors 
more uniform. The remaining magnetic anisotropy after annealing is due to the residual 
anisotropy in near-neighbor distribution, as well as to inverse magnetostriction. 

These results are in general agreement with those of Harris and coworkers, who reported 
more Fe-Tb correlations in the out-of-plane direction than in the in-plane direction for an 
as-deposited sample[3]. They reported that this anisotropy disappeared upon annealing, 
but did not report whether the pair correlations changed in both directions, or only in the 
in-plane direction, as we have observed. 

CONCLUSIONS 

We have observed an anisotropy in the local atomic environments in amorphous Tb-Fe 
thin films. The as-deposited films show a preference for unlike near-neighbor (Fe-Tb pairs) 
to align perpendicular to the plane of the film. Upon annealing, the magnetic anisotropy 
is reduced. The the number of Fe-Tb pairs perpendicular to the plane of the film does not 
change, but the number of Fe-Tb pairs in-plane increases. This makes the overall distribution 
of Fe-Tb pairs more uniform. We conclude that the observed magnetic anisotropy is a result 
of the anisotropy in the distribution of unlike pair correlations. 
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Cr/Fe(001) INTERFACES 
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ABSTRACT 

We report self-consistent band-structure calculations for the magnetism of Cr overlayers 

adsorbed on Fe(001) in order to study the role played by imperfect Fe-Cr interfaces, at the 

microscopic and macroscopic scales, on the total magnetisation. The surprisingly large reduction 
of the total magnetisation (= - 5 nB/interfacial atom) recently observed in Cr/Fe(001) through in 

situ magnetometer measurements is shown to be reproduced only when an interchange of one Cr 

and Fe monolayer at the interface after deposition of the second Cr monolayer occurs. 

The magnetic behaviour in artificial structures has been extensively studied both 

theoretically and experimentally during the last years. One of the most astonishing cases is the Fe- 

Cr system which has been investigated in overlayer systems as well as in multilayers. The 

discovery in Fe/Cr multilayers of the giant magneto resistance [1] and the oscillating interlayer 

coupling [2] effects has stimulated a large number of studies motivated by the desire to progress 

in the fundamental understanding of the mechanism and by the promising industrial applications 

like magnetic sensors components. It is now well established [3] that the layered 

antiferromagnetic (LAF) order, consisting of parallel magnetic planes with antiferromagnetic 

coupling, in thick Cr layers is stable up to high temperatures (550 K) and is at the origin of the 

short period in the oscillations of the interlayer couplings [4, 5]. 
Although the recent experimental results for Cr ultra thin films deposited on a Fe (001) 

substrate obtained with different techniques [3, 6, 7, 8] are in good qualitative agreement with 

each other, the magnetic behaviour during the deposition of the first few Cr monolayer on Fe is 

found to be completely different from that obtained for thicker coverage. Indeed, when the LAF 

order in Cr is obtained, the magnetisation of the topmost atomic layer changes its sign with the 

parity of the number of deposited Cr monolayers, but in some cases such a behaviour is not 

observed for Cr thicknesses smaller than 5 monolayers [6]. Moreover, a change of approximately 
-5 ^ß/interfacial atom in the total magnetisation has been observed by Turtur and Bayreuther 

through in situ magnetometer measurements when a few Cr monolayers are deposited on a 

Fe(001) substrate [7]. This large reduction has been tentatively ascribed to a strong deviation with 
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respect to the LAF order. These authors have suggested that the magnetic moments of the first 

two Cr monolayers are both opposite to the magnetisation of the Fe(OOl) substrate, the LAF order 

being recovered only with the deposition of the third Cr monolayer. Using this hypothetical 

magnetic moments profile with a Monte Carlo simulation of a non-layer-by-layer growth process, 

the observed variation of the total magnetisation with the Cr thickness was reproduced [7]. 

However, the model-profile used by these authors does not result from band-structure 

calculations. It does not take into account the large reduction of the magnetic moment of Cr at the 

interface when more than one monolayer is deposited, this reduction being particularly important 

when the magnetic moments of two adjacent Cr monolayers point in the same direction 

(frustration effect). More recently, a similar quantitative measurement of the magnetisation change 

due to the Cr deposition has been made [8] using Spin Polarized Secondary Electron Emission 

(SPSEE). Even if a similar decreasing magnetisation has been obtained, its value is approximately 

3 times smaller as compared to the one of Turtur and Bayreuther. 

In this paper we show that the large reduction of the total magnetisation experimentally 

observed cannot be traced back to the deviation from the LAF order in Cr. We propose different 

growth processes which lead to a more realistic magnetic moments profile obtained through self- 

consistent band-structure calculations. We show that a satisfactory agreement between our results 

and the experimental ones can been obtained only by assuming a partial interchange between 

interfacial Fe and Cr atoms. However, we point out that, in order to account for the most 

spectacular result of Turtur and Bayreuther we have to assume a complete interchange of a Cr and 

an Fe monolayer at the interface which is certainly highly improbable. 

The spin-polarised electronic-charge distribution was determined self-consistently by 

solving a tight-binding model Hamiltonian in the unrestricted Hartree-Fock approximation for the 

valence "3d" electrons. This model contains an accurate description of the itinerant character of 

the "3d" elements and the essence of the directional bonding and electronic correlations [9]. The 

calculations have been done with the real space recursion technique [10] which allows the 

accurate determination of the magnetic moments distribution of systems involving a large number 

of inequivalent sites [9,11], which are beyond the possibilities of the ab initio methods. 

In order to investigate the possibility to have frustration of the LAF order, we have first 

determined the magnetic moments distributions for n Cr monolayers deposited on a perfect 

Fe(001) substrate with and without considering a LAF order in the first two Cr monolayers 

(figures 1-a and 2-a). After having determined the magnetic moments distributions for the LAF 

order in the Cr overlayer, we have started the second calculation changing a priori the sign of the 

magnetic moments in the Cr layers so that the LAF order in Cr was frustrated at this starting 

point. A different self-consistent solution is obtained in the frustrated situation only for n > 5 
monolayers: for n < 5, all the magnetic moments are reversed during the self-consistent procedure 

giving finally a unique solution, that with the LAF order. For example, forn = 6 (figure 1-a) 
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Figure 1 Magnetic moments distributions for (a): Crg/FeCOOl) with (open circles) and 

without (black squares) having considered frustration of the layered antiferromagnetic order in Cr, 

and (b): Crs/Fei/Cri/Fe(001). The horizontal dotted lines separate the layers of different chemical 

nature and the vertical ones give the values of the magnetic moment in the bulk. 

when the LAF order is frustrated, the interfacial Cr magnetic moment is nearly equal to zero, and 

the other Cr moments are strongly reduced as compared to the values obtained for the LAF order 

situation. Similarly, due to the strong Fe-Cr coupling, the magnetic moments of the first Fe 

monolayers are slightly reduced. These results indicate that the Fe-Cr as well as the Cr-Cr 

antiparallel couplings are strong and cannot be frustrated without strong reductions of the Cr local 

magnetic moments. If we choose the magnetisation of the free Fe substrate as a reference,we 
obtain a magnetisation variation per surface atom AM of -3.23 HB> 0.85 HB. -2.31 |1B, 1-18 HB> 

-2.34 |iB, 104 UB, -2.39 |!B, 106 HB, -2.33 |J.B and 1.08 JIB for n = 1 to 10 in the non- 

frustrated situation. These results show that for layer-by-layer growth we obtain a total 

magnetisation oscillating with the parity of the Cr overlayer thickness around the average value 

<M> = -1.25 UB with an amplitude of = 3.4 JIB- The average value obtained here is smaller than 

the one found by Turtur and Bayreuther with their LAF magnetic profile [7], due to the fact that 
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Figure 2 Magnetic moments profiles for 1 to 5 Cr monolayers on Fe(OOl), (a): Cr„/Fe(001), 

(b) Cri/Fe(001) and Crn_i/Fei/Cri/Fe(001) for n > 2. The Fe (Cr) moments are given in white (grey) 

and the arrow indicates the exchanged Fe monolayer. 

their model profile does not take into account the large reduction of the interfacial Cr magnetic 

moment when more than one monolayer is adsorbed on the substrate. Thus, our band-structure 

calculations indicate that the two model profiles used by these authors [7] overestimate the 

reduction in the total magnetization due to the Cr layer and therefore, the experimental behavior 

cannot be traced back to a deviation from the LAF order in the first two Cr monolayers. 

However, their main qualitative result, i.e., the fact that the essential contribution to the change of 

the total magnetization is an interfacial property, is certainly the only way to reproduce their 

experimental values. The mechanism we propose, in order to obtain the observed reduction of the 

total magnetization, consists in the interchange of a complete Cr and Fe monolayer at the interface 

after deposition of the second Cr monolayer (figures 1-b and 2-b). In this way, for n > 1, the 

moments of the two Cr layers at the interface remain large and negative whereas the Fe layer in 

between displays a moment nearly equal to zero. Consequently, if we assume that for n = 1 we 

have the 
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trr (monolayer) 

Figure 3 (a) Non layer by layer growth. 6; represents the percentage of the i-th layer present 

at the considered coverage, (b) Total change of the magnetisation as a function of the deposited Cr 

thickness. Filled circles correspond to the layered antiferromagnetic order magnetic moments 

profile AM(n) assuming a nearly layer by layer growth. Open triangles correspond to the same 

profile but with the non layer by layer growth. The full line corresponds to our proposed magnetic 

moments profile AM'(n) assuming the same non layer by layer growth. The experimental values 

(filled squares) are taken from Turtur and Bayreuther [7]. 

Cri/Fe(001) situation, and for n > 1 we have Crn.i/Fei/Cri/Fe(001), we obtain a change in the 

total magnetization AM' of-3.23 UB, -6.73 UB, -2.70 ^B, -6.14 UB, -2.80 , -6.24 nB, -2.95 UB, 

-6.30 HB, -2.94 HB. -6.31 UB and -2.93 for n = 1 to ll.This time, the average value is <M'> = 

-4.6 (iß, in good agreement with the asymptotic experimental value. In order to compare directly 
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these calculated results to the experimental data, a simulation of a non-layer-by-layer growth has 

been performed as shown in figure.3-a. Then, we have performed the simulation using our 

calculated magnetic profile resulting from the interchange of one Cr and one Fe monolayer at the 

interface. The comparison between the experimental value and the present simulation is shown in 

figure 3-b. The good qualitative agreement achieved indicates that the interchange of one Cr and 

Fe monolayers in the growth process can be at the origin of the large reduction observed in the 

total magnetization. Furthermore, Auger spectroscopy measurements in Cr overlayers on Fe, 

which can be interpreted by considering the segregation of Fe, give further support to this 

possibility [12]. 

To conclude, we have determined self-consistently the magnetic moments distribution for 

n Cr monolayers deposited on Fe(OOl) in order to study the magnetization variations during the 

growth.The results obtained indicate clearly that the Fe-Cr as well as the Cr-Cr antiparallel 

couplings are strong and cannot be frustrated without strong reductions of the Cr local magnetic 

moments. Therefore, the large reduction of the total magnetization (= -5 HB) recently observed 

can be explained by an interchange of a complete Cr and Fe monolayer at the interface occurs 

after deposition of the second Cr monolayer. 
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Abstract 

In this paper, we show that iron can be grown by MBE in a body centered tetragonal 

structure in (001) Felr superlattices. The growth, structure and morphology of these superlattices 

are briefly resumed. A variation of the BCT Fe magnetic moment depending on the Ir thickness is 

observed. This variation is demonstrated to come from a variation of the BCT Fe atomic volume, 

due to the competition of the Fe and Ir stresses. A magnetic transition from a non-magnetic to a 

low spin ferromagnetic state depending on the atomic volume is thus observed. 

The heteroepitaxy of metals with unusual cristallographie structure has became possible 

using the Molecular Beam Epitaxy technique (MBE). This is of great interrest for the 

understanding of the relationship between the cristallographie structure and magnetic properties of 

metals of the first transition series. Indeed, if striking structural similarities can be noticed between 

the metals belonging to the second and first series, it does not extend to the first transition series. 

These discreepancies are due to the magnetic contribution to the total energy of the system. For 

instance, ruthenium and osmium exhibit a non-magnetic HCP structure, but a ferromagnetic BCC 

structure is observed for iron. This paper reports a work done to improve our understanding of the 

interrelation between the crystalline structure and magnetism of iron. 

Several bands calculation methods have been used in order to study the magnetic behavior 

of BCC and FCC iron phases ]"5. As the BCC iron phase was always found to be ferromagnetic 

whatever the value of the lattice parameter is, the situation is more complex for the FCC phase : by 

taking into account an isotropic variation of the atomic volume, several authors found that FCC 

iron can be non-magnetic (NM), low-spin ferromagnetic (LS), high spin ferromagnetic (HS), or 

antiferromagnetic (AF). Peng and Hansen 5 also predicted these magnetic behaviour for a 

tetragonalisation of the FCC phase. 
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In order to check these theoretical predictions, iron with unusual structure must be 

prepared. For this purpose, the MBE technique is used here. It is wellknown that BCC iron can be 

grown on (001) Ag 6 ((100) BCC Fe // (110) FCC Ag) and FCC iron on (001) Cu 7 ((100) FCC 

Fe // (100) FCC Cu), because of the very small mismatch in both cases. The main idea of this 

work is to grow iron on a non-magnetic metal with a first neighbour distance in the (001) plane 

intermediate between those of Ag and Cu, i.e. intermediate between the (110) FCC Fe distance 

(2.54Ä at room temperature) and the (100) BCC Fe distance (2.8664Ä). FCC Ir is a good 

candidate since its (110) distance is equal to 2.715Ä. A strained BCC or FCC Fe structure was 

thus expected to grow on (001) Ir. 

The growth and structure of iron on this (100) Ir surface was ever reported in several 

papers 8>9. The main results are briefly summarized. Two-dimensional (2D) growth was observed 

during the epitaxy of Fe on (001) Ir up to a minimum of 4 atomic planes (fig.l). The growth of Ir 

on this resulting Fe surface was also observed to follow a layer by layer growth mechanism 9. 

This is the first time that a "complete" 2D growth was observed on a metallic system with a so 

large mismatch (7%). As a consequence, superlattices with very flat interfaces are obtained as 

shown on figure 2. On the contrary, some periodic roughness was observed when the Fe 

thickness exceeded 5 atomic planes 9. This behaviour can be understood by analysing the structure 

of the Fe layers with respect to their thickness. Figure 1 shows the variation of the in plane 

parameter with the number of Fe deposited planes. Up to 4 atomic planes (i.e. during the 2D 

regime as shown by RHEED oscillations), the in plane parameter determined by RHEED is equal 

to the Ir one. In that case, no misfit dislocations are observed on cross sectionnal Transmission 

Electron Microscopy (TEM) images. However, above 5 atomic planes, the in plane parameter 

begans to significantly vary (fig.l), and a large amount of misfit dislocations are thus observed for 

a 
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number of Fe planes 

'^x^so^sv 
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Figure 1 : RHEED oscillations on the (01) 

streak and variation of the in plane distance 

with the number of Fe planes. 

Figure 2 : TEM image in cross section on a 

superlattice with 5 atomic planes. The 

thickness of the superlattice is 900Ä. 
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superlattices with more than 10 planes in each Fe layers 9. Moreover, the structural analysis 

performed by X-Ray diffraction 8 and EXAFS 10 demonstrate that iron is in a BCT structure up to 

5 atomic planes, and partly relaxes to the BCC structure for larger thicknesses. To conclude, these 

results show that iron is totally strained by Ir up to 5 deposited Fe atomic planes. We are only 

interrested here by this strained structure where Fe is pseudomorphic to Ir in the plane of growth. 

A simple elastic calculation shows that this BCT structure can be the consequence of an 

elastic deformation of the FCC phase, and not of the BCC phase 8. The magnetic properties of this 

phase were investigated by SQUID measurements. First, no magnetic moment was detected up to 

2 Fe atomic planes. There is consequently 2 dead layers. We have also observed that, for a series 

of superlatttices with 4 Fe atomic planes, the magnetic moment of iron depends on the Ir thickness, 

as shown on figure 3. Moreover, No magnetic moment was detected by SQUID on superlattices 

grown with one plane of iridium. For larger Ir thicknesses, an increasing average moment was 

detected. This behaviour can be explained by a Fe atomic volume variation due to the increasing 

strain imposed by Ir when the Ir thickness is increased 8. Elastic calculations can thus be 

performed and such variations are actually predicted : the atomic volume was found to vary from 

11.9 to 12.2 A3/at, and the c/a ratio from 1.23 to 1.29 8. 

The variation of the magnetic moment of Fe in the BCT phase can thus be related to the 

variation of the atomic volume variation. This is the keypoint of this paper. However, a number of 

points should be verified in order to ensure the validity of this approach. Indeed, we first assume 

that the superlattices are uniformly strained. Secondly, it implies that Ir in the Ir layers of the 

superlattice is also strained. Thirdly, it implies that the Fe and Ir in plane distance are equal in the 

superlattice. 

calculation grazing X-Ray DAFS 

Samples ePe(A) eir(A) A (A) N a//(±0.02 A) <a//> (±.00lA) a//Ir (±.02Ä) 

1 6.8 5.8 12.6 50 2.653 2.669 2.65 

2 6.2 14.8 21 35 2.687 2.694 

3 6.8 22.5 29.3 25 2.694 2.695 

4 6.8 9.4 16.2 40 2.671 2.687 

5 6.8 2.5 9.3 50 2.614 2.63 2.62 

6 8 31.5 39.5 35 2.698 2.701 

7 8 22 30 30 2.690 2.682 

8 8 62.9 70.9 10 2.705 2.701 

Table I: comparison of the theoretical in plane parameter with the average in plane parameter 

measured by grazing X-Ray and with the Ir in plane distance determined by DAFS. 
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The first point is verified using the TEM technique. As the mismatch between the 

unstrained FCC Fe and Ir phases is around 7%, misfit dislocations should be observed every 

=40Ä according to the Frank-Van der Merwe criterion. On TEM images with a scale of several 

hundred angström, no misfit dislocations are observed, which demonstrates that the superlattices 

are actually uniformly strained. Concerning the second point, DAFS experiments were performed 
11 and the in plane distance in the Ir layers was determined as shown in Table I. This distance is 

actually found to be smaller than its bulk value, which demonstrates that Ir is actually strained by 

Fe. Finally, the third point is verified since the in plane distance calculated using the elastic 

modeling is actually in good agreement with the distance measured by grazing X-Ray diffraction 

(Table I). These values are also in agreement with the DAFS determination. We can thus conclude 

that the hypothesis of a uniform strain in the superlattices is correct. 

We can now calculate the atomic volume variation and relate it to the magnetic moment. The 

first method consists to calculate the in plane parameter a// of the superlattice by minimizing the 

total elastic energy 8, which gives : 

"    _L + _£_ BIra°FeeIr 

a°r    aFe 

where e is the thickness, a0 the parameter of the unstrained FCC structure, and B=E/(l-v) where E 

is the Young modulus and v the Poisson's ratio. As the stress is uniform in the plane of growth, 

the out of plane parameter cpe is thus deduced using the relation : 

£^^(12L)   <£. Wlth    & = <**=&.   and   <£=^^ (2) xc """     ^zz „o —      " „o l-vJFe cFe aFe 

where c°=V2a° in the FCC structure. Note that the same relations exist for Ir. c°=3.59Ä for the Fe 

FCC structure at room temperature n. Moreover, the FCC Fe Young modulus can be estimated at 

room temperature around 170 GPa 13. The Poisson's ratio is not known but can be estimated : 

indeed, the average peak of the superlattices determined by X-Ray diffraction can be compared to 

the calculated one using the equation (2) 8. The best fit is obtained for v=0.35. The Fe atomic 

volume can now be calculated but the accuracy is not very good because of the uncertainty on the 

Fe and Ir thicknesses. However, this volume is accurately determined since the in plane parameter 

is accurately determined by grazing X-Ray diffraction (Table I). In order to verify that this 

estimated atomic volume variation is correct, we have performed Mössbauer experiments at room 

temperature. As this BCT phase is paramagnetic at room temperature, the Mössbauer spectra can 
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Figure 4 : variation of the isomer shift with the 

atomic volume calculated by the elastic theory. 

be fitted using two contributions : a disymetrical quadrupole doublet (which confirms the 

tetragonalisation of the FCC Fe phase) and a additionnal contibution attributed to the interface 

layer. The isomer shift of the former contribution is significative of an atomic volume variation. On 

figure 4 is plotted the variation of the measured isomer shift with the atomic volume variation 

compared to the BCC phase. A linear variation is obtained which definitely confirmes this atomic 

volume evolution and demonstrates the validity of the elastic calculation. 

The magnetic moment is thus plotted with the atomic volume variation as shown on figure 

5. A transition from a non magnetic to a low spin ferromagnetic phase is clearly observed. A sharp 

transition occurs at a volume equal to 12.2±0.3 A3/at, which corresponds to a Wigner-Seitz radius 

of 2.70010.025 a.u., the incertaincy coming from the incertaincy on v and c°. This result is in 
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good agreement with the theoretical prediction of Moruzzi et al 2 and Grasco 3. However, this 

agreement is surprising since these authors considered an isotropic variation of the volume. To our 

knowledge, only Peng and Hansen 5 took into account a tetragonalisation of the FCC phase, but 

they predicted the occurence of a high spin ferromagnetic state for a the c/a values obtained here. 

To conclude, we have shown that iron can be grown in a BCT structure with a c/a ratio 

ranging from 1.24 to 1.29 in (001) Felr superlattices. It is clearly demonstrated that the 

superlattices are thus uniformly strained. Regular elastic calculation is thus performed. This 

approach shows that this BCT phase results from a tetragonalisation of the FCC Fe phase. A 

variation of the BCT Fe atomic volume is predicted and confirmed by Mössbauer experiments. The 

macroscopic magnetic moment variation is thus related to this atomic volume variation. A transition 

from a non-magnetic state to a low spin ferromagnetic state is thus observed. This transition is 

actually predicted by the theory but for isotropically strain films. However, a number of questions 

still remain about the microscopic magnetic behaviour. In particular, we do not know up to now if 

the non-magnetic state is really non-magnetic at very low temperatures. Mössbauer experiments 

performed at low temperatures on superlattices grown with 57Fe are in progress. 
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TWO DIMENSIONAL MAGNETIC PROPERTIES OF PdFe LAYERS 

F. PETROFF, V. CROS, A. FERT, S. LAMOLLE, M. WIEDMANN, AND A. SCHUHL 
Unitd Mixte CNRS - Thomson-CSF, Domaine de Corbeville, 91405 Orsay, France 

ABSTRACT 

We have studied the magnetic properties of very thin PdFe films grown by 
molecular beam epitaxy. The behavior expected for a 2D Heisenberg system - that is 
a variation of the susceptibility as exp(B/T) and a logarithmic dependence of the 
magnetization on the applied field - is observed in a certain range of temperature 
and field. This is in agreement with recent results of Webb et al [1]. 

INTRODUCTION 

Two-dimensional (2D) magnetism has been a subject of investigation for many 
years. The famous Mermin-Wagner [2] theorem shows that long-range magnetic 
order cannot exist at finite temperature for a 2D isotropic system of Heisenberg 
spins with short ranged interactions. Unfortunately, real 2D magnetic systems are 
never perfect and always exhibit a certain degree of anisotropy. The addition of 
anisotropic terms to the basic Heisenberg Hamiltonian allows finite temperature 
ordering to occur. The influence of finite size effects, magnetocristalline anisotropy 
and long-range dipolar interactions on the onset of long-range magnetic order has 
been studied theoretically by many authors [3,4,5,6]. On the experimental side, 2D 
magnetism has been widely investigated recently in ultra-thin films of 3d transition 
metals ferromagnets [7] but there are few clear reports of 2D Heisenberg magnetism 
[8]. Evidence for a 2D Heisenberg behavior has been reported recently by Webb et al 
[1] in Pd with dilute Fe impurities (PdFe) thin films. As pointed out by these 
authors, PdFe is a very interesting system to investigate 2D magnetism. Bulk PdFe 
is a prototype "giant moment" magnet extensively studied in the litterature [9]. In 
contrast with PdCo and PdNi [10], PdFe is a 3D Heisenberg magnet with anisotropy 
and dipolar energies typically 2 orders of magnitude smaller than the exchange 
energy. From an experimental point of view it has also two additional advantages 
compared to 3d ferromagnets like Co or Fe. The distance between neighboring 
magnetic atoms (a critical length scale for 2D magnetism) is typically one order of 
magnitude larger which permits the use of non-monolayer films. Secondly, the 
(bulk) Curie temperature is strongly dependent on the Fe concentration and can be 
adjusted to be in a suitable temperature range for experimental investigation. 

In this paper, we report on the magnetic behavior of thin PdFe films grown by 
molecular beam epitaxy and confirm that PdFe behaves like a 2D Heisenberg 
magnet down to a given temperature where a cross-over to another behavior is 
observed. 
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EXPERIMENTAL DETAILS 

The samples were grown by molecular beam epitaxy on chemically etched and 
in-situ annealed Si(OOl) and Si(lll) single-crystal substrates. The PdFe dilute-alloy 
layers were grown at room temperature using separate effusion cells for Fe and Pd. 
As the magnetization of a single PdFe layer is expected to be weak, we have used a 
multilayer geometry : the samples were made of three to six layers of 17k thick 
PdFe layers spaced by thick enough (80Ä) Pd spacer layers to avoid magnetic 
coupling between the PdFe films and reduce the strain related magnetic anisotropy. 
Prior to the multilayer deposition, buffer layers of Pd 80Ä and Ag 500Ä/Pd80Ä were 
used on Si(OOl) and Si(lll) respectively. During deposition, the sample holder was 
rotated in order to avoid anisotropic distribution. The alloy concentration was 
determined by separate calibrations of the two cells and by controlling the cell 
temperatures. 

Structural characterization based on in-situ RHEED and ex-situ X-Ray Diffraction 
(XRD), Scanning electron microscopy (SEM) and Atomic force microscopy (AFM) 
give the following results. On Si(OOl) the films are polycristalline and the closely 
packed grains have in-plane sizes of 350-400Ä. For Si(lll), the films are epitaxially 
(lll)-oriented with in-plane grain sizes of 1500-2000Ä. For both orientations, the 
typical rms surface roughness deduced from AFM is around 10Ä. The 
magnetization studies were performed with a Quantum Design SQUID 
magnetometer. For the measurements in low applied magnetic field, a Pd reference 
sample was used to determine the remnant field of the superconducting magnet 
with a typical accuracy of 0.2 Oe. 

RESULTS AND DISCUSSION 

We will focus here on two samples with a nominal concentration of 2% and the 
following characteristics: 
sample I is Si(001)//Pd80Ä//(17ÄPdFe/Pd80Ä)x3 
sample H is Si(lll)//Ag500Ä//Pd80Ä//(17APdFe/Pd80Ä)x6. 

The temperature dependence of the magnetization in a small in-plane magnetic 
field is shown Fig. 1 for the two samples. The general shape of M(T) and the 
splitting of the field-cooled (FC) and zero field cooled (ZFC) curves (below 10K in 
sample I, for example) suggest the existence of magnetic ordering at low 
temperature. In the low temperature ordered phase, the magnetization versus field 
curves (not shown) are characteristic of a soft ferromagnet with a coercive field of 10 
Oe at T=5K. This ferromagnetic-like ordered phase could be due to some amount of 
anisotropy, dipolar interactions or finite size effects (grains). In contrast with the 
results of Webb et al [1], we see no relaxation of the remnant magnetization with 
time. One can also notice that the ordering temperature is different for samples I 
and II. We attribute this difference mainly to a higher than expected Fe 
concentration in sample II. 

Our main goal is to investigate the magnetic properties of our samples in the 
paramagnetic phase far enough above the ordering temperature in the temperature 
range where one can expect 2D Heisenberg behavior. Before giving our 
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Fig. 1: Zero field-cooled (ZFC) and field-cooled (FC) magnetization for samples I (a) 
and II (b) (defined in the text) in a small in-plane field. 

experimental  results  we  recall  briefly  the  predictions  for  2D  Heisenberg 
ferromagnets. 

The general theory of 2D ferromagnets was reviewed by Pokrovsky [11]. The 2D 
Heisenberg magnet is described in terms of "spin blocks" which act like a giant spin. 
These blocks can move freely and their size is strongly dependent on temperature. 
This follows from the temperature dependence of the correlation length and the 
magnetic susceptibility %. There is no ordering transition at finite temperature but a 
divergence of the susceptibility when T tends toward zero. Recent calculations of 
the T dependence of % for an isotropic 2D Heisenberg magnet give [12]: 

% « exp(47tJS2/T) (1) 

where J is the nearest-neighbor exchange energy and S the spin per atom. The 
magnetic field H dependence of the magnetization M(H) is also expected to follow a 
peculiar behavior [13]: 

M(H)=ALn(H/H*) (2) 

where A is proportional to T and H*«:^"1 This logarithmic dependence is predicted 
to be valid at intermediate fields (far from saturation) and preceded at very low H 
by a linear dependence. 

We show in Fig. 2 typical low field M(H) curves at several T for samples I and n. 
In each case it is clear mat features expected for a 2D Heisenberg system are 
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observed: (i) a sizeable magnetization is generated by very small fields well above 
the ordering temperature and (ii) a strong T dependence of the magnetic 

susceptibility is observed. We plot in Fig.3 X versus 1/T on a logarithmic scale. X 
was extracted for each T from the M(H) curves using linear or polynomial fit 
depending on the linearity of the data and then corrected from the diamagnetic 
background of the Si substrate. 

0.030 0.038 0.046 0.054 0.0620.070     0.012 0.014 0.016 0.018 0.020 0.022 
1/T (K-1) 1/T (K-1) 

Fig. 3 : Magnetic susceptibility on a logarithmic scale as a function of 1/T for 
samples I (a) and II (b). The lines are exponential fits using Eq. (1). 
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Fig. 4 : Magnetization as a function of Ln H   at intermediate fields for several 
temperatures in samples I (a) and II (b). The lines are linear fits using Eq (2). 

The range of T for the so-derived X is limited at high T by the diamagnetism of Si 
and at low T by the high non-linearity of the data. We see that equation (1) is obeyed 
in a given range of T for each sample. This exponential divergence is characteristic 
of the transition at T=0 of the 2D Heisenberg system but, in our samples, cannot be 
followed down to zero. A significant departure from the exponential law occurs 
when approaching the ordering transition due to anisotropy or dipolar fields. The 
M(H) curves for higher fields in the high-T range are displayed in Fig.4. The 
logarithmic dependence expected from (2) is observed and can be followed at larger 
H in the case of sample II (larger magnetization). Furthermore, the slope is found to 
increase with T. In Fig. 5 we plot LnX as a function of LnH* deduced from fitting the 
M(H) curves (shown in Fig. 4) with Eq. (2) . In the T range where the exponential 
law is valid, the slopes are close to predicted value (-1) . We note that, although at 

lower T there is (as for X) a clear deviation, the M logarithmic dependence on H is 
observed in a given range of H up to the ordering T as already reported by Webb et 
al[l] 
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temperature range for the fit is 24 K - 30 K for (a) and 66 K - 80 K for (b). 

As a final comment, we would like to mention that the 4JIJS
2
 values derived by 

fitting X(T) with Eq. (1) (300K and 2000K for samples I and II respectively) are much 
higher than 53K found by Webb et al [1] for PdFe(1.2%) and this discrepancy cannot 
be explained from the different concentrations. We have no clear explanation for 
this result but we speculate that it might be related to the existence in our samples 
of Fe pairs or clusters with higher spins (clustering induced by surface diffusion 
processes in our MBE grown samples). 
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STUDIES ON MAGNETIC CONFIGURATIONS IN 
MULTILAYERS BY A QUANTUM SPIN MODEL 
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ABSTRACT 

A method based on the variation of the magnetization direction of each layer and Holstein- 
Primakoff transformation is presented to estimate the magnetization configuration in a su- 
perlattice of quantum ferromagnetic system with an interface between perpendicular and 
in-plane easy-axis layers. Numerical results on the magnetization configurations under dif- 
ferent applied magnetic fields, critical field, and critical anisotropic parameter are given. 

INTRODUCTION 

Applying a magnetic bilayer disk of a magnetic thin film with in-plane anisotropy 
(capping layer) coupled to the bulk medium for memory (recording layer) with perpendicular 
easy axis, one can significantly improve the recording properties'1'. Some magnetic multilayer 
systems have already shown to have a good potential for higher recording density and to 
reduce the recording time in magneto-optical recording'2'. Theoretical studies have also been 
done for double-layer systems '3_6'. Among them a theory for magnetic bilayer system has 
been developed by two of the present authors using classical continuum model'4'. The theory 
addressed the competition between the vertical anisotropy of the recording layer and the in- 
plane one of the capping layer. It clarified the mechanism of transition between two different 
magnetization configurations; namely a uniformly perpendicular and a bent structures, with 
the variances of magnetic constants, the thickness of the capping layer, and the temperature. 
The critical thickness of the above transition gives the minimal thickness of capping layer 
that shows the capping effect in multilayer structures'1'. The theory explained successfully 
the main experimental observations. Nevertheless, it still deserves to consider the effect of 
quantum fluctuation and that of the discreteness of lattice structure in the spin-reorientation 
transition. The first effect is particularly interesting from the theoretical point of view, and 
the second one is important for the quantitative estimation of critical values. In the present 
work, we would extend the former theory to quantum case. As a first step, we consider 
a multilayer lattice model with an interface between perpendicular and in-plane easy axis 
layers. To express it explicitly, an anisotropic quantum Heisenberg ferromagnetic model is 
studied. 

HAMILTONIAN 

H=EE *W(R, R') + ■£ [Dm(S*m(R))2 - hS*m(R)], U) 
m,m' R,R' m,R 

where 

Hmy(R,R') = -i/ra,ra.(R,R,)Sm(R) • Sm,(R'), (2) 

and the subscripts {m, m'} denote the layer numbers, R and R' are the vectors of a lattice 
site on the layer, h is related to the applied magnetic field. We only discuss the simple cubic 
case, in which the layers are arranged along with the [001] direction.  For a ferromagnetic 
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system, the coupling constant 7ra,m» in the Hamiltonian H is positive. Figure 1 shows the 
present geometry of the layer structure where z direction is perpendicular to the layer planes. 
The parameter Dm describes the anisotropy of magnetization. 

LOCAL COORDINATES AND BOSE TRANSFORMATION 

The local coordinates (LC) are introduced for each layer as shown in Fig.l. 

Figure 1: Lattice model of layer structure and local coordinate systems. 

The y axis is always kept along the original direction, and the x,z axes are rotated by 
an angle 0 for each layer which may be different from layer to layer. The spins Sm(R) are 
expressed in LC systems: 

Sm(R) = [cc6(0„OS^(R)-sin(0m)5*"(R)]z 
+ [ccs(0ra)S£*(R) + sin(0m)S^(R)]x 

+   Sl(R)y. (3) 

The Hamiltonian can be expressed by a function of the components of the spins in LC and 
the angles {6m}: 

H = H({s^(R),sr(R),Sr(R)MU)- (4) 
Then, we apply the Holstein-Primakoff transformation for each spin operator in trans- 

formed Hamiltonian (4) and obtain 

H = U0 + Hi + H2 + • • •. 

It is easy to have the expressions of U0, Hi and H2; for example 

(5) 

NSS
2 

u0 = A^EA.-^f-Ei;/. 'COS . - o'J 

-   hNsS^os(6m) + ^f(l-2S)Y/Dmsm2( (6) 
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GROUND STATE IN THE FIRST ORDER APPROXIMATION 

In the first approximation, only three terms of t/0, Hi and H2 are included in the 
Hamiltonian H. The ground state energy Ea can be obtained from the minimum of U0 by 
means of the variations of the parameters {6m} . The necessary conditions are 

^=0,     m = l,2,.... (7) 

They yield the following non-linear equations: 

S'£/m,wsin(0m - O + ^(1 - 2S')ßmsin(20m) + hsin(0m) = 0. (8) 

The above equations are the same as the condition of Hi = 0. 
In the classical case, the spin is a vector S with the value S and its direction can 

be changed continuously so that the energy of the system can be obtained easily from the 
Hamiltonian (1) where the spins {Sm(R)} are vectors but not like the operators in the 
quantum case. The classical energy of the system is 

Do   =   iV,S2£Dm-^££/m.m<cos(<?m-0;j- 

-    MV,S£cos(0m)-A^S2;£Dmsin2(0m). (9) 

Comparing eq.(9) with eq.(6), there is an additional term NaS/2 £m Dm sin2(0m) in quantum 
case. If S becomes large, the additional term gives a negligible contribution so that it reduces 
to the classical results. The classical energy (9) in our discrete model is converted easily to 
the equation (1) in the previous paper [4] if we take the continuous limit. However, the 
difference is significant for small S, particularly for S = \ since the anisotropic term of single 
ions in the Hamiltonian become the constants for the case of S = \- Therefore, in this case 
there exists no spin-reorientation induced by the anisotropic term of single ions. This special 
case will be treated in the forthcoming paper. 

Equation (8) always has trivial solutions {6m = 0, or 180°}. However, we can find a 
non-trivial solution if the applied magnetic field is not too high. In that case, the system 
will have the spin reorientation and presents a non-trivial configuration of the magnetization. 
We have solved eq.(9) numerically, and the results are shown in Figs.2-5. The first example 
has ten layers of perpendicular easy axis ferromagnet ( D2 < 0 ) covered by two layers of 
ferromagnet (Dj > 0) with in-plane easy-axis. The coupling between the layers is denoted 
by h = /m,m±i and on layers by I2 = /m,m(R, R')- In denotes the coupling of the interface 
between easy axis and easy plane ferromagnets. In Figs.2-3 and Fig.5, as an example to 
show the basic physical features of the system, without loosing the generalization, we have 
fixed the parameters as: 

h/h = 1.0,        I12/I2 = 1.0, 
Ö2 = (2 - %)Ihlh = -2.5 

and 
Di = (2 - i)A//2 = 0.5, 
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where S can be any value which corresponds to the different values of D2/I2, but not be 
5 = |. Figure 2 gives the obtained spin configurations for the cases of ft'(= h/Sh) = 0,0.05 
and 0.1. 
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Figure 2: Spin configurations: the angle distribution as a function of number of layers for 
three different applied magnetic fields: ft' = 0.0, 0.05 and 0.1. 

The changes of spin directions will be significant only for few layers near the interface. 
Increasing the applied field ft results in decreasing angles {8m} of the layers. 

0.25 

h' 

Figure 3: Resulting angle of the magnetization in the first layer related to field ft'. 

Figure 3 shows the relation of the angle of the magnetization in the 1st layer with 
applied field ft and a critical value ft£(~ 0.185) can be found. The critical applied field hc 
is proportional to h'c, hc = Shh'c. The larger S or larger ferromagnetic exchange coupling 
I2 offers the larger critical field. If ft > hc, all of the spins in the system will point to the 
direction of the field and the deviations of the spin directions can appear only in the case of 
ft < ftc. Meanwhile, the value of hc is changed if we change D\ or £>2. The anisotropy D\ 
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dependence of the critical field hc is shown in Fig.4. 

Figure 4: Obtained relation of anisotropic parameter D\ and critical field hc. 

We can find another critical value D\. The value of hc is-zero when the D\ < D\. It 
means that the spin deviations can appear only when the effective anisotropic parameter D\ 
is larger than a critical value. We also calculated 21-layer model where the first 10 layers 
are the in-plane easy axis ferromagnet with D\ = 0.5 and others with Di = —2.5 and the 
result is presented in Fig.5. We can see a big jump of angle in crossing the interface. The 
magnetizations in the most of the regions which are far from interface approach to the bulk 
value. 

10 15 

layer No. m 

25 

Figure 5: Spin configuration of the model with 21 layers.  The interface is located at the 
boundary between 10th and 11th layers. 

We fix D\ and decrease D%, and perform some calculations to show that the deviation 
angle 9m near the interface and the critical applied field hc will be increased. Finally, we 
must mention that all calculations are only for S / \. 
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MAGNETIC PROPERTIES OF FExMNi.x/IR(100) SUPERLATTICES. 
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ABSTRACT 

We have produced pseudomorphic FexMn].x/Ir(100) superlattices having different 
stoichiometry (0.8 > x > 0.3). The alloy crystalline structure is body centered tetragonal with a c/a 
ratio between 1.18 and 1.26. Iron rich alloys are ferromagnetic when the corresponding bulk 
alloys are antiferromagnetic. Manganese rich alloys are certainly antiferromagnetic according to 
bulk magnetization measurements and Mossbauer effect results. The transition from a ferromagnet 
with a vanishing moment when x = 0.5 to an antiferromagnet is associated with a volume 
expansion. 

INTRODUCTION: 

The elaboration of epitaxial new phases of transition metals offers unique opportunities to 
study the relationship between crystalline structure and magnetism [1]. During the recent years, 
we have studied the properties of body centered tetragonal iron on (001) Indium. The main result 
of this study [2] is the appearance of a magnetic moment at a critical volume of about 0.012 nm3. 
This volume is very close to the prediction of appearance of magnetism in fee iron [3]. Manganese 
is also an attractive transition metal since some theoretical work [4,5] have predicted the 
possibility of having a ferromagnetic phase with a large magnetic moment in the body centered 
cubic phase of manganese. However, despite a lot of work (see eg[6]), no one has succeded in 
producing bec manganese. Moreover, the body centered tetragonal phases realised by several 
workers [6] seems to be antiferromagnetic as explained by Oguchi and Freeman [7]. We try 
another route to have ferromagnetic manganese. Since we have grown ferromagnetic iron on Ir 
(001) and non magnetic (or antiferromagnetic) manganese on the same Ir (001 )[8], we believe that 
in the FexMni_x alloys on Ir (001) we must have somewhere a magnetic transition between 
ferromagnetism and antiferromagnetism. The goal of this paper is to investigate this possibility. 

GROWTH AND STRUCTURE 

Using MBE technique, we have grown FexMni_x with 0.8 > x > 0.3 on Ir(100). A thick 
buffer layer of Ir(100) was first grown on (100) MgO. The growth of the alloys on Ir is 
pseudomorphic, layer by layer with RHEED oscillations up to about 20 atomic planes at room 
temperature and up to 10 atomic planes at 100°C. The atomic planes present then a square symetry 
and a parameter equal to 0.2715 nm. We have studied pseudomorphic superlattices of about 9 
atomic planes of FexMnj.x alloys and 2 nm of Ir. The exact thicknesses of the superlattices 
components was determined by Small Angle X-Ray Reflectivity. Results of the simulation of the 
reflectivity spectra are reported in table I, t is the thickness and O" the roughness of the interfaces. 
The results of reflectivity were confirmed by cross section transmission electron microscopy. 

The crystalline structure of these superlattices was determined by X- Ray Scattering. We have 
fitted the diffraction results with a model taking into account a plane of intermediate concentration 
at the interfaces. We have deduced from the fits the structural parameters reported in_table II. One 
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can see that the inteiplane distances in FeMn alloys, dpeMn. are between 0.161nm and 0.171nm. 
The in-plane parameter is equal that of indium because of psudomorphy : we are then able to 
conclude that the alloys are body centered tetragonal with a c/a ratio between 1.19 and 1.26. The 
atomic volume, between 0.01187nm3 et 0.0126nm3> are large compared to fee Mn and fee Fe. 
We have explained these results with the elastic theory : we have shown that the crystalline 
structure in the alloy layer can be viewed as a tetragonal deformation of the bulk fee alloys. 
Moreover a large volume expansion is observed for a concentration of iron smaller than 50%, 
while the volume remains about constant for large concentration of iron (see table H). 

%Fe tbuffer(nm) Cbuffer(nm) tFeMn(nm) OFeMn(nm) tir(nm) Oir(nm) 

74 84 0.2 1.28 0.22 to 0.85 1.86 0.22 to 0.85 
59 49.5 0.2 1.27 0.35 1.86 0.35 
57 60 0.25 1.25 0.25 to 0.9 2 0.25 to 0.9 
48 49.5 0.2 1.15 0.3 1.87 0.3 
39 50 0.1 1.08 0.18 to 0.3 1.95 0.18 to 0.3 
32 48 0.22 1.37 0.22 to 0.62 1.54 0.22 to 0.62 

Tablel.: Structural parameters of the FexMni_x/Ir(100) superlattices 

%Fe d(nm) dFeMn(nm) VatFeMn 
(nrni) 

c/a 

74 0.1774 0.161 0.0119 1.19 
59 0.1784 0.162 0.0119 1.20 
57 0.1795 0.163 0.0120 1.20 
48 0.1806 0.165 0.0122 1.21 
39 0.1823 0.167 0.0123 1.23 
32 0.1817 0.171 0.0126 1.26 

Table II.: Crystalline parameters of FexMni.x/Ir(100) superlattices. d_is the average d-spacing in 
the growth direction of the superlattice. dFeMn is the d-spacing in the growth direction of the 
alloy. The c/a ratio and the atomic volume VatFeMn in the alloy have been calculated with reference 
to the centered tetragonal structure. 

MAGNETIC PROPERTIES : 

Bulk magnetization results: 

The FexMni-x/Ir superlattice have been studied by a SQUID magnetometer from 10 to 400K. 
The magnetic properties depend dramatically on the alloy compositions : iron alloys with iron 
contents greater than 50% are ferromagnetic at room temperature while the alloys with 32% and 
39% iron show only a weak magnetic response at 10K. The alloy of 47% of iron is intermediate 
between these two groups. Figure 1 shows the magnetization curves of all the samples at 10 
K.The three alloys with a large iron content are clearly ferromagnetic. Their Curie temperatures 
are larger than 400 K : we determine a saturation magnetization of 1200 Gauss at 10 K, and of 
1000 Gauss at 300 K for an iron content of 74%. For an iron content of 57%, we measure a 
saturation magnetization of 500 Gauss at 10 K, and 400 Gauss at 300 K. 
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For the other alloys, the situation is very different. For the manganese rich alloys, the 
magnetic signal is weak and close to the detectability limit of our SQUID. These magnetic 
properties are independant of the temperature. We can conclude that these alloys are either Pauli 
paramagnets or antiferromagnets with a Neel temperature larger than 400K. The magnetic 
susceptibility is however relatively large : 5.10-5 cm3/g. The sample with 48% of iron has a M(T) 
curve which seems to be close to that of a ferrimagnet. (See figure 2.). 
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Figure 1.: Magnetization curves of FexMni.x/Ir(100) superlattices. 
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Figure 2 : Magnetization versus temperature for the FexMni_x/Ir(100) superlattice with 48%  iron. 
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For the calculation of the magnetic moment of the atoms, we have made two different 
hypothesis : first, we have supposed that only the iron atoms bear a moment; secondly, we have 
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supposed an equal magnetic moment on the iron and the manganese atoms with a ferromagnetic 
coupling between iron and manganese. The results of the two calculations are shown in Figure 3. 
Figure 3 shows clearly a magnetic transition for the same concentration of about 50% of iron. The 
left curve of figure 3 is nearly parallel to the Slater Pauling curves of Co-Mn and Ni-Mn bulk 
alloys. 

Mössbauer results: 

We have studied three representative alloys by conversion electron Mössbauer spectroscopy at 
room temperature. The Mössbauer spectra are shown in figure 4,5 and 6. 

-2 0 2 
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Figure 4.: Mössbauer spectrum of the FexMni_x/Ir(100) superlattice with 59% of iron. 
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Figure 5: Mössbauer spectrum of the FexMn i _X/Ir( 100) superlattice with 48% of iron. 
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We have simulated these spectra with a distribution of hyperfine fields. In the ferromagnetic 
region, x > 50% iron, the main results of these simulation is the existence of two parts in the 
hyperfine field distribution, a part with a very low hyperfine field (16 kOe) and a part with a 
moderate one (160kOe). The weigth of these two contibutions is about the same. As in these 
alloys the magnetic moment per atom is rather high (about luB per atom) this result seems to be 
strange. But, we can recall that in bulk alloys [9] which are however antiferromagnetic whatever 
their composition, the hyperfine field on iron is weak (30KOe) while the iron magnetic moment is 
also about one Bohr magneton per atom (determined by neutron diffraction). A possible 
explanation of our Mösbauer spectra is that the iron atoms close to the interface have a larger 
hyperfine field as in the iron iridium alloys in the iridium rich side (the hyperfine field is weak in 
iron rich fee Fe-Ir alloys but is of the order of 150kOe at 4K for a 30% of iron Fe-Ir alloy [10]). 
Then the weak hyperfine field corresponds to the central iron atoms which are in a crystalline 
structure close to fee iron-manganese alloys and have a small hyperfine field like in the bulk 
alloys, but, may be, a magnetic moment of about 1 \xB per atom. 

The Mössbauer spectrum of the alloy with 48% of iron has only one central part which 
corresponds to a very weak hyperfine field of about lOkOe. The magnetic moment of this alloys is 
0.33uB per atom at room temperature. We can compare this hyperfine field with the bulk alloys of 
Endoh et Ishikawa [9]. If we suppose that the magnetic moment and the hyperfine field have the 
same ratio in bulk alloys and in our superlattice, we found 1 IKOe for iron in the superlattice, a 
value very close to our experimental determination. 

.2 0 2 
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Figure 6. Mössbauer spectrum of FexMni.x/Ir( 100) superlattice with 39% of iron 

The spectrum of the alloy with 39% of iron is broader than the former one and corresponds to 
an hyperfine field of 40kOe. This spectrum is very close to the spectra obtained [9] on bulk 
alloys. Moreover the magnetization of this superlattice is very weak. By comparison with the bulk 
alloys, we conclude that this alloy is certainly an antiferromagnet like the bulk fee alloys. 

DISCUSSION 

When the iron content is larger than 50%, the alloys are ferromagnetic with a magnetic 
moment decreasing sharply at 50% of iron. Conversely, the atomic volume increases sharply at 
the same concentration of iron (see table 2). We can interpret this magnetovolumic transition in the 
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framework of the theory of Moriya [11]: Moriya gives a relationship between the variation of 
volume and the variation of the square of the magnetic moment as: 

^^ASl=^(sl(AF)-Sl(F)) (1) 

where B is the bulk modulus, Do the magnetovolumic coupling constant and ASL the variation of 
the square of the magnetic moment during the transition. Then the observed increase of the atomic 
volume around 50% of iron can be related to an abrupt increase of the local magnetic moment. As 
we observe a decrease of the magnetic moment in the ferromagnetic phase when we approach 
50% of iron, we must have an antiferromagnetic phase with a large magnetic moment for the 
concentration smaller than 50% of iron. According to Moriya [11], one has: 

^~2.10-6(emu/g)2. (2) 
B 

Our experimental results are: 

9                            AV 
S[(F)->0    and    = 2.7%. (3) 

Then, the calculation of the magnetic moment per atom in the antiferromagnetic phase leads to 
a value of 1.2(xB/at. For the manganese rich alloys, we have obtained an hyperfine field of 
40kOe. For the corresponding bulk alloys, Endoh et Ishikawa [9] have found 33kOe and a 
magnetic moment per atom of l|iB/at. A single proportionnality shows that the value of the 
magnetic moment determined by our calculation of the magnetovolume effect is correct. 

CONCLUSION: 

We have prepared new epitaxial alloys of iron and manganese. We have shown that the 
structure of these alloys can be understand as a tetragonal distortion of the fee bulk alloys. In the 
iron rich side of the phase diagram, the small volume expansion leads to a ferromagnetic phase 
even though the bulk alloys are antiferromagnetic. We have therefore obtained the first 
ferromagnetic phase of iron-manganese alloys. We have also shown that we have a transition 
from the ferromagnetic phase to the antiferromagnetic one at 50% of iron. This transition is 
accompagnied by a volume expansion of the alloys which corresponds well to the prediction by 
the theory of Moriya. 
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ABSTRACT 

We have applied a polarized light optical microscope in reflective mode with a 
Bi-substituted yttrium-iron-garnet indicator film with in-plane anisotropy for 
visualization of the magnetostatic fields produced by nanostructured magnetic 
CoNiCu/Cu electrodeposited multilayers. By analysis of the magneto-optical stray 
field image, detailed information is obtained not only on the as-grown multilayer 
magnetic structure but on its change during the magnetization reversal processes. 
The influences of crystal lattice defects and nonuniformity of the nonmagnetic 
spacers thicknesses on the domain wall nucleation and motion are studied. 
Peculiarities of the re-magnetization of antiferromagnetically exchange coupled 
multilayers are discussed, including real-time observations of domain wall creep in 
a constant applied field. 

INTRODUCTION 

Multilayer systems composed of ferromagnetic layers separated by nonmagnetic 
metallic spacers (with nanoscale range thicknesses) have become a subject of great 
interest as a new type of material in the last few years 1>2. It has been discovered that 
such artificially modulated structures can possess unique properties. The exchange 
interaction between the layers can oscillate from ferromagnetic to antiferromagnetic 
with the thickness of the spacers. Inversion of the magnetization direction in 
adjacent layers leads to the giant magnetoresistance effect (GMR). Utilization of this 
effect opens up perspectives in development of new devices based on noninductive 
reading of magnetically recorded information for future generations of computers. 

The character of the spin distribution in antiferromagnetically coupled 
multilayers can be disturbed by nonuniformities in the nonmagnetic spacer 
thicknesses, crystal structure defects, and by magnetization reversal processes. As a 
result, peculiar magnetic domain structures with unusual walls can be formed. 
Some examples were discussed in reference 3. If domain walls are nucleated in only 
one or in only a few layers, their motion is accompanied by changes in the area of 
"pseudo-domain boundaries" (parallel to the interfaces) and therefore the value of 
the exchange coupling energy between layers. Changes in "pseudo-domain 
boundary" area also give rise to changes in resistance through the GMR effect.  All 
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of this emphasizes the necessity of the development of nondestructive methods for 
characterization of the multilayer microstructure and real time investigation of the 
magnetization processes. Recently we have shown the capabilities of the magneto- 
optical indicator film (MOIF) method in solving such problems 4. The MOIF 
method is much simpler and no less sensitive than well known methods such as 
magnetic force, optical Kerr, and Lorentz microscopes. The results of investigation 
of the fundamental processes of magnetization in electrodeposited multilayers are 
described in the present paper. 

EXPERIMENTAL 

The CoNiCu/Cu multilayer composed of 200 bilayers was electrodeposited on a 
(100) oriented copper single crystal substrate from a sulfamate electrolyte containing 
Co2+, Ni2+, and Cu2+ ions in a single cell 5. Depending on the cathode potential, the 
deposition of either CoNiCu or Cu layers takes place. The magnetic layer 
composition is estimated to be Co64Ni3iCus. The thickness of the magnetic layer is 2 
nm, and the Cu layer is 1 nm thick. As previously reported 6, similar superlattices 
exhibit the giant magnetoresistance effect. 

The domain structure was investigated using an advanced high-resolution 
magneto-optical technique that was first used for the investigation of magnetic flux 
penetration in high temperature superconductors 7. A Bi-doped iron-garnet film 
was placed on the multilayer sample surface. Observation of the magneto-optical 
patterns is conducted in reflected polarized light through the double Faraday 
rotation of the light polarization in the indicator film. The distribution of the 
normal magnetic field component above a magnetic sample surface is revealed as 
appropriate spatial variation of light intensity across the image. 

Fig.la schematically shows a magneto-optical image of an as-deposited 
multilayer. Black and white rings near the perimeter of the disk are the result of an 
alternating polarity of the specimen stray magnetic field (Fig. lb) which is 
believed to arise from oscillation of the ferromagnetic - antiferromagnetic coupling 

Fig.l. Schematic drawing (a) of the 
image of magnetostatic stray fields 
above the 20 mm diameter multilayer 
disk, (b) The image was obtained using a 
magnetooptical indicator film, with an 
aluminum layer on the bottom as a 
reflector. 
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between layers which, in turn, is caused by nonuniform spacer thickness. Similar 
magnetic structures were observed earlier by scanning electron microscopy with 
polarization analysis 8 and Kerr effect imaging 9 in other layered structures. The 
ring pattern shown in Fig.la is destroyed by magnetization of the sample, and does 
not return upon demagnetization at room temperature. The domains that appear 
upon reversal of the field are nucleated on defects and sample edges and are 
described below. 

RESULTS AND DISCUSSION 

In Fig.2a is shown a micrograph taken near the perimeter of the disk magnetized 
in an in-plane magnetic field close to an easy direction. The region investigated is 
shown schematically on Fig.la by rectangle 1. Only small stray fields near defects can 
be seen. As the field is reduced and reversed, nucleation of domain walls typically 
begins near sample defects. In Figs 2b and 2c such nuclei are seen in the lower part 
of the picture. In order to enhance the image contrast, these and the following 
figures were adjusted by subtracting the image shown in Fig.2a. The new domains 
are magnetized in a direction opposite to that of the main volume of the sample. 
Dark and light colors of the wall images are determined by opposite components of 
the indicator film magnetization parallel to the light beam and, as a result, by 
opposite signs of the Faraday effect. The majority of the boundaries observed are 
charged head-to-head and tail-to-tail domain walls. 

At higher fields, when nucleated domains have coalesced, the domain walls take 
on a sawtooth shape (Fig.2d). Segments of the sawtooth are imaged as broadened 
dark bands with a visible fine structure of darker sub-bands. The width of the wall 
image and its fine structure are attributed to nonuniform progress of domain walls 
in the various layers of the sample. Analysis of image changes induced by 
increasing external magnetic field, showed that the regions of the crystal swept by 
these walls were completely remagnetized. When the walls were displaced towards 
the disk center their images became more and more "diffuse" (Fig.2f) up to complete 
disappearance. 

The thin and less bright magnetooptic stray field images (Figs 2d and 2e) are 
connected with magnetization reversal in individual magnetic layers. Separation of 
such thin walls which lead the main wall can be seen in Figs 2d and 2e. Nucleation 
of the thin walls also occurred at sample defects (Fig.2e). 

Fig.3 shows micrographs of the sample cut from the central region of the 
multilayer. This region is indicated on Fig.la by rectangle 2. The stray fields at the 
sample edge, which is almost perpendicular to the magnetization direction (Fig.3a), 
are imaged as a black narrow band. As the field is reduced and reversed, the 
nucleation of reversed domains with head-to-head and tail-to-tail walls is observed 
at |i0H = - 6 mT. In Figs 3b - 3d domain walls are seen to nucleate near defects and at 
the sample edge. 

One important characteristic property of the domain wall behavior in the 
material studied is the jump-wise motion of the domain walls in a time-period after 
the field is changed as shown by the time series in Figs 3b - 3d. The jump-wise, jerky 
motion of the walls can continue for several minutes after a step wise change of the 
magnetic field.   Distances covered by such domain wall jumps were as large as 
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Fig.2. Magneto-optical micrograph of the multilayer sample magnetized in the 
sample plane in the easy direction (a - fioH = -20 mT). Images b - f were obtained at 
HoH = 5 mT (b), 6 mT (c), 7 mT (d), 8 mT (e), and 10 mT (f), and are shown after 
subtraction of the image in (a). 
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Fig.3. a - Micrograph of the sample with an applied field of +20 mT. The field is in 
the direction shown by the arrow. Micrographs b - d are obtained during 

remagnetization at uoH = - 6 mT (b). They are obtained at different times after DW 
nucleation: b - lsec, c -15 sec, d - 60sec. 

hundreds of micrometers, depending on the real structure of the crystal. 
With increasing field, these walls move towards each other, sweeping over the 

entire sample. When the processes of domain wall displacement are complete, the 
stray fields at the bottom sample edge are very weak. However, with increased field, 
this edge of the sample becomes gradually bright, and changing intensity of color 
over the area of the sample was observed.   Magnetization reversal was almost 

complete at |XoH = 25 mT. 
The image of the bottom sample edge in Fig.3 is distorted as a result of over 

contrasting the images in order to enhance the quality of the wall images. In Fig.4, 
raw micrographs taken near the edge are shown without using the image over 
contrasting technique when the sample had been magnetized in opposite directions, 
(Figs 4a and 4c) and just after displacing the walls (Fig.4b). 

These data can be explained by taking into account an antiferromagnetic 
exchange coupling between layers. In a sufficently strong field, the initial relative 
antiparallel alignment of magnetization in adjacent magnetic layers changes to a 
parallel alignment. As the result, high stray fields are observed at the sample edges 

Fig. 4. Image of stray fields at edge of 
the sample in the multilayer sample 
with opposite magnetization 
directions (a and c) and (b) just after 
displacing domain walls similar to 
those shown in Fig. 3. 
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where flux enter or leaves the sample. When the field is turned off, the magnetized 
state is preserved, and the nucleation of domains with antiparallel spins in 
neighboring layers occurs only after application of a certain critical field of opposite 
polarity. These domains form by reversing spins in every other magnetic layer. As 
a result, the stray fields at edges of the sample disappear. The edge fields appear only 
when the field reaches a high magnitude leading to parallel alignment of spins in 
neighboring layers. 

CONCLUSION 

The results presented show that in the CoNiCu/Cu multilayer system, head-to- 
head and tail-to-tail domain walls play a major role in the magnetization reversal 
process. In cases where Cu spacer thicknesses give rise to predominantly 
ferromagnetic coupling between layers, the magnetizations in adjacent layers are 
aligned, and the domain walls separate regions with oppositely directed 
magnetization. The area swept out by these domain walls is completely 
remagnetized. The fine structure of the domain wall images reveals nonuniform 
progress of domain walls in individual layers or groups of layers. In cases where the 
coupling between layers is predominantly antiferromagnetic, parallel alignment 
induced by a large field is maintained up to a critical oppositely directed field value 
necessary for nucleation of domain walls. These walls appear to separate regions of 
parallel alignment of magnetization in adjacent layers from regions of antiparallel 
alignment. Observed in real time, these domain walls are observed to "creep" in a 
constant field. The area swept out by these domain walls appears to be 
demagnetized. Remagnetization occurs continuously without visible domain wall 
formation. 
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ABSTRACT 
The magnetic properties of heavy rare earth suicide GdSi2-x thin films are 

investigated as a function of the annealing temperature of the films. Resistivity 
measurements reveal in the two films annealed at high and low temperatures, but 
for a short time, the existence of two transition temperatures corresponding to the 
presence of an ordered and a disordered structure. In the film annealed at high 
temperature for a long time, only one transition temperature occurs. It corresponds 
to a magnetic structure transformation. 

I INTRODUCTION 
Rare earth suicides have retained some attraction due to their potential 

applications in silicon technology, as heavy Rare Earth (RE) silicides may be 
obtained as epitaxial layers on (111) Si surface, with stoechiometry close to RE3S15. 

Resistivity and magnetic properties of gadolinium silicide films are studied 
depending on the different heat treatments and on their structure. 

II EXPERIMENTAL 
Gadolinium silicide films were co-evaporated on (111) Si with a Si/Gd ratio close 

to 1.7 [1]. Heat treatments were then performed on three different layers. Sample 
A was annealed at 650°C for 40 min then at 
720°C for 15 min, sample B at 740°C for 15 
min and sample C at 450°C for 15 min. 

The films, approximately 10 to 20 nm thick, 
were analysed in-situ by Low Energy Electron 
Diffraction (LEED) and ex-situ by 
Transmission Electron Microscopy (TEM). 

Resistivity measurements were performed 
below 100K using a 4-probe current method. 
I(V) measurements were also performed on 
sample A. The curve obtained (fig 1) is 
characteristic of a Schottky diode with a low 
barrier height equal to 0.3 eV. 
II a Compound structures 0.5 1.0       -0.5 0 

Figure 1: Intensity variation 
versus the voltage for sample 
A at 20°C 

LEED analysis results in two different 
pattern types depending on the annealing 
temperatures [1]. Samples A and B present a 
sharp -y/3.V3R30° pattern, characteristic of a 
silicide having the AIB2 hexagonal structure, with vacancies arranged in a 

a: corresponding author 
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Figure 2: A-film TEM plan view and its associated electron diffraction 

Figure 3: C-film TEM plan view and its associated electron diffraction 
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hexagonal superstructure. 
The C diffraction pattern is of the 1*1 type. It is characteristic [1] of the AIB2 

diagram, the suicide having no Si vacancy. 

A TEM (Transmission Electron Microscopy) study on A and C layers was 
performed (fig 2 and 3). They clearly are single crystals. They contain a rather high 

density of planar defects. The annealing process dramatically decreases this defect 
density. Diffraction superlattice reflections similar to those found for other rare- 
earth silicides (eg T.L. Lee [2] and F.H. Kaatz [3]) strongly suggest the ordering of 

vacancies in the Si sublattice of GdSi2- A more detailed TEM study is reported 
elsewhere [3]. 

II b Resistivity measurements 

From resistivity measurements it is possible to deduce the residual resistivity po 
due to the collision of conduction electrons with impurity atoms or mechanical 
stress in the lattice, and also the magnetic resistivity pm due to crystal field and to 
spin disorder. 

The values obtained are summarised in 
Table I. The residual resistivity is lower for TABLE I: Thin film residual and 
films elaborated at higher temperature. The  magnetic resistivity pp and pm 

high temperature decreases the crystalline 
defect   density,   as   seen   on   previous 
micrographs. 

Magnetic-ordering temperatures are better 
determined from the first derivative of the 
resistivity curves (fig. 4, 5, 6). Two well 
separated anomalies are observed for samples 
B and C, whereas one anomaly or two closely 
located anomalies occur for sample A. Characteristic temperatures are given in 
Table II, the highest temperature is always close to 50 K and is obviously a Neel 
temperature. Note that the knee on the curves around 15 K is not related to any 
magnetic transition, but to the rate of the thermal population of excited magnetic 
levels. 

resistivity 
(pfl..cm) Po Pm 

film A 15.25 8.75 
filmB 59 14 
filmC 108.5 15.5 

.1 

T3  H .   .;;*'' 

^ 3   ^*-*A 

s~ 
Temperature (K) 

0 10 20      30      40 50 
Figure 4: First derivative of the 
A-film resistivity versus the 
temperature 

Figure 5: First derivative of the 
B-film resistivity versus the 
temperature 
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TABLE   II:   Thin   film   critical 
temperatures 

critical 
temperature 

(K) 

TN Tx 

film A 50 48 
filmB 49 40 
filmC 55 41 

Figure 6: First derivative of the 
C-film resistivity versus the 
temperature 

III. Discussion 
Magnetic and transport measurements have been previously performed in bulk 

suicides. Orthorhombic GdSi (FeB type) is reported to order at 50K. The hexagonal 
phase GdSii.65 has a Neel point near 33 K, whereas the orthorhombic phase 
GdSii.8 orders at 25 K [5, 6] and presents a modification of its magnetic structure 
near 23 K. 

The high transition temperature is close to that of bulk GdSi, whereas the low 
one is closer to that of hexagonal GdSii.65, thus a first explanation would be that 
these two phases are present in B and C samples. Indeed X Ray Electron 
Spectroscopy (XPS) experiments [1,7] show that some concentration of GdSi 
compound is present in" several gadolinium silicide thin films. However, if this 
hypothesis were true, no GdSi i.67 phase would be present in sample A, whereas 
this sample is the most homogeneous one with the best hexagonal GdSii.67 
char acteri tics. 

Conversely, it appears that the Neel temperature of GdSix phases (1.6 <x< 1.85) 
varies rapidly with the silicon content [5.]. One reason is related to the hexagonal to 
orthorhombic transformation: orthorhombic silicides with rare earths from Tb to 
Ho are antiferromagnetic with a frustrated magnetic structure where magnetic 
interactions cannot be simultaneously fulfilled, which leads to a reduction of the 
Neel temperature. Corresponding hexagonal phases do not exhibit such frustration 
effects and their Neel temperature is higher. 

Other reasons for a change of the Neel temperature may be: 
i) the stabilisation of the hexagonal phase in a range of composition not 
allowed in bulk silicide, 
ii) the strains occuring in epitaxial layers, which may modify the (c/a) ratio 
of crystallographic parameters, and thus the interactions, 
iii) the occurrence of a higher density of states at the Fermi level due to the 
regular ordering of vacancies: vacancy ordering is accompanied by a 
minimisation of the overall electron energy, due to sharper structures in the 
band density of states than for disordered structures. 

Regarding now the occurrence of a second transition temperature around 40 K 
for samples B and C, it can be attributed to two origins: either the existence of two 
different ordering temperatures TNI and T>j2 corresponding to two cristallographic 
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phases (with different compositions or different types of vacancy ordering), or a 
magnetic structure tranformation at temperature Tx in the case of a unique phase. 

The ordering of vacancies may have a strong effect on the ordering temperature. 
In the tetragonal phases of CeSii.86 [8],' CeGe2-x [9] and PrGei.6 [10], ordered and 
disordered phases coexist. It has been shown that these phases in germanides have 
rather different ordering temperatures. 

In the case of a single crystallographic phase, the second anomaly at Tx may 
correspond to a transition temperature from a non commensurate magnetic 
structure to a commensurate one. Such a transformation has already been 
observed in orthorhombic GdSii.s [5] and in hexagonal TbSii.67 [11]. 

We now compare our resistivity data to the theoretical predictions for a simple 
colinear antiferromagnet. H.Yamada and S.Takada [12] proposed a theory which 
relies on a mean field calculation taking into account longitudinal and transverse 
spin fluctuations. The reduced magnetic resistivity K(T)/R(TN) versus T/TN was 
computed by substracting the phonon contribution corresponding to a Debye 
temperature of 350 K. Its temperature dependence is given in figure 7 for samples 
A, B and C, and compared to the variation computed within the frame of the 
Yamada-Takada theory. For each sample, TN is the temperature of the highest 
anomaly. It appears that the resistivity of the three samples is higher than the 
theoretical prediction. 

Sample A, which was annealed at 
higher temperature and for a longer 
time, has an homogeneous structure 
with ordered vacancies, thus it may 
be supposed that only one 
crystallographic phase and one 
critical temperature exists. The 
experimental curve is close to the 
theoretical curve, although slightly 
above it. The same result was also 
found for orthorhombic GdSii.s and 
hexagonal GdSii.65 polycrystalline 
samples. This can be attributed to 
non-colinear or modulated structure 
occuring below the N6el point. 
Another reason for the discrepancy 
may be the fact that the present 

model is a mean field model: Yamada and Takada found a higher resistivity at low 
temperature when spin waves are taken into account. 

For the other two samples, annealed at two different temperatures for a rather 
short time, most probably there are two different structures, ordered and 
disordered, with two different N6el temperatures TNI and TN2- 

IV. CONCLUSION 
Transport properties of gadolinium suicide thin films strongly depend on the 

annealing process. Kesistivities for samples B and C, annealed at two different 
temperatures for a short time, seem similar in spite of differences in their LEED 
diagrams. They are characterised by two Neel temperatures corresponding to an 
ordered and a disordered phases. Sample A, annealed at higher temperature, has 
the same LEED diagram as sample B. However, its residual resistivity is lower 
and the thermal dependence is close to that of a colinear antiferromagnet, which 

0       .2       .4       .6        .8        1      1.2 
Figure 7: Reduced magnetic resistivity 
R(T)/R(TN) of the A, B and C films 
versus T/TN compared to the Yamada 
and Takada theoretical curve. 
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leads to the conclusion that this film contains very few disordered domains. 
However the Neel temperature encountered in this film is higher than for bulk 
suicides, which is not completely understood at present. 
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ABSTRACT 

We show that the Kubo formula can be used to calculate the non-local electrical conduc- 
tivity of layered systems from first principles. We use the Layer Korringa Kohn Rostoker 
method to calculate the electronic structure and the Green function of Co|Cu|Co trilayers 
within the local density approximation to density functional theory. This Green function is 
used to calculate the conductivity through the Kubo formula for both majority and minority 
spins and for alignment and anti-alignment of the Co moments on either side of the Cu 
spacer layer. This allows us to determine the giant magnetoresistance from first principles. 
We investigate three possibilities for the scattering in Co|Cu|Co: (1) equal electron lifetimes 
for Cu, majority spin Co, and minority spin Co, (2) equal electron lifetimes for majority and 
minority Co, weaker scattering in Cu and spin dependent interfacial scattering, (3) electron 
lifetimes for majority and minority spin cobalt proportional to their Fermi energy densities 
of states and spin dependent interfacial scattering. 

Introduction 

Recently there has been great interest in the transport properties of layered magnetic 
materials because of the discovery of a new form of magnetoresistance[l, 2] called the giant 
magnetoresistance (GMR). GMR is a change (generally a pronounced decrease) in the elec- 
trical resistance of an inhomogeneous system that is observed when an applied magnetic field 
causes an alignment of the magnetic moments in different parts of the material. GMR has 
been observed in several geometries, but the most promising and interesting GMR systems 
are composed of thin layers of ferromagnetic material separated by non-magnetic or very 
weakly magnetic spacer layers. 

The transport properties of layered materials have been the subject of several theoretical 
investigations based on the model of free electrons with random point scatterers (FERPS). 
Using this model, Fuchs[3] and later Sondheimer[4] obtained a solution to the semi-classical 
Boltzmann equation with boundary conditions appropriate to free electrons in a thin film. 
Barnas and coworkers[5] extended this approach to the case in which the film has several 
layers with differing scattering rates. Levy and coworkers[6, 7, 8, 9, 10] applied the more 
rigorous Kubo-Greenwood[ll, 12] formula to the FERPS model and developed two different 
approximations for transport in magnetic multilayers. Zhang and Butler[13] have recently 
evaluated the Kubo-Greenwood formula exactly for the FERPS model applied to multilayers. 
Their results allow a comparison of the relative success of the various approximations in 
representing the conductivity of the free electron model. They found that the semi-classical 
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approximation works surprisingly well for the FERPS model applied to multilayers. 
In addition to theoretical treatments of GMR based on the FERPS model there have 

been a few previous applications of first principles techniques. Butler, et a/.[14] calculated 
the GMR for periodic multilayers of copper and cobalt and of copper and permalloy (Ni^Fe.2). 
They calculated the complex energy bands using the coherent potential approximation and 
showed that the imaginary part of the crystal momentum can be interpreted as the inverse 
of twice the electron mean free path. Their calculations showed that there is the potential 
for a very large GMR due to spin dependent interfacial scattering because the Fermi energy 
scattering amplitudes for majority spin cobalt, majority spin nickel and majority spin iron 
(as an impurity in nickel) are all very similar. Nesbet[15] reached a similar conclusion in 
studies of periodic CU2C0 multilayers. 0guchi[16] found that there could be a signifcant 
band structure effect on the GMR because of differences in the Fermi velocities between the 
parallel and anti-parallel moment configurations. Schep et al.[l7] have investigated a very 
different form of GMR from that seen experimentally by assuming that electron transport 
is ballistic rather than diffusive. 

In this paper we report on first-principles calculations of the electronic structure of cobalt- 
copper multilayers. Using this electronic structure we calculate the conductivity by evalu- 
ating the Kubo-Greenwood linear response formula. We do not assume that the scattering 
is weak or that the electron wave functions are those of free electrons nor do we make the 
semi-classical approximations necessary to apply Boltzmann theory. It should also be noted 
that our approach does not require periodicity perpendicular to the layers so that it can be 
applied to spin valves and trilayers. 

Conductivity of Inhomogeneous Systems 

We define the nonlocal conductivity ^(r, r') as the linear response of the current of 
electrons of spin s at point r in direction p. to the local applied field at point r' in direction 
1/, 

J u 

Here "local applied field" means the change in the local electrostatic field that arises due to 
the application of a potential difference across the sample. For an inhomogeneous system 
this may differ from the average applied field and it may be different for different spins[8]. 

For a homogeneous system, the current and applied field can be assumed to be uniform 
so that one can define a single conductivity which is also uniform, «7* = ^„o^Ey. This is 
the conductivity which is given by the Kubo-Greenwood formula[ll, 12], 

jfä ^£{oy^o,)(a'\JAo)S(eF - ta)6(eF - ea.)j (2) 

where j„ is the current operator, ju = (—ihe/m^d/dr,,, ft is the volume per atom and N is 
the number of atoms. The quantum states |Q) in Eq. (2) represent the exact eigenfunctions 
of a particular configuration of the random potential, and the large angle brackets indicate 
an average over configurations. 

In order to define a non-local site dependent conductivity, <xj£*, we define the current 
density at site t for spin s as the average of the current density over the atomic cell at that 
site, J'u-' = ft~l/n,^r-^(r)- We also assume that the local field, £'(r), is constant over each 
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atomic cell. Thus we write Ohm's law in a discrete form in which the current at site t is 
related to the local electric field at site j through the two point conductivity function, a'3, 

The superscript s on the local field indicates that it can be spin dependent. The local field 
will be determined after the non-local conductivity is determined by the requirement of 
current continuity in the steady state, £„ 3J£(r)/3rM = 0. 

The intersite conductivity, <rjj*, is given by Eq.(2) with the matrix element integrals 
(aljja') and (a'|jV|a) restricted to sites t and j respectively and can be seen to depend on 
the imaginary part of the Green function, £a \a)(a\S(eF - ca). It can be written in terms of 
the Green function, G(r, r1; ejr), by writing, 

<#' = 7   E   (PP'K£*(^ + WF + «V), (4) 
4 P,P'=±I 

where TJ is infinitesimal and where 

-n 
•£•(*!,*2) = ^-Ja

drJa 
dr' 0»G'(r,r';zx)Ur')G'[v',r; z2)). (5) 

Following[18] we can write the Green function in terms of the scattering path operator 
of multiple scattering theory, and the local solutions to the Schrödinger equation. These are 
determined by the atomic potentials which are obtained self-consistently by using the local 
spin density approximation to density functional theory. For the case in which the only scat- 
tering is due to impurities or to alloying one can use the Coherent Potential Approximation 
to average the two particle Green function[19]. In this paper we shall take a simpler and 
more general approach. In realistic GMR systems the scattering usually comes from several 
sources: impurities, grain boundaries, vacancies, voids, static displacements, phonons, static 
moment misalignment and magnons. The proper first principles treatment of any one of 
these scattering mechanisms is quite tedious and the simultaneous treatment of all of them 
would be difficult and probably pointless since we do not have a sufficiently detailed char- 
acterization of experimental GMR systems to know the strengths, concentrations and other 
relevant parameters of these defects. In this paper we approximate the scattering processes 
by a phenomenological local scattering rate. Thus we average the two Green functions inde- 
pendently and assume that the effect of this averaging is that each atomic potential acquires 
an imaginary term which describes the scattering rate in its vicinity. 

Application to Layered Systems 

We now consider the special case of layered systems. We assume that the system has a 
two dimensional periodicity, but that its properties may vary in the third dimension. Thus 
different atomic layers may consist of different types of atoms and have different concentra- 
tions of impurities, but there is a common periodicity to all of the layers after averaging 
over impurity configurations. We use a notation in which a site labeled by t in the preceding 
section and representing any lattice site in the three dimensional crystal acquires two labels 
i —» /i, where the upper case / distinguishes different atomic layers and the„lower case t 
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labels a site within layer /. The interlayer conductivity can then be written in the form 
äIJ = Nj"1 ]£,j äIiJ', where Ni is the number of atoms per layer. 

Because of the two dimensional periodicity we can relate the Green function which con- 
nects any two sites GIiJi to a Green function which connects layers through an integral over 
the two dimensional Brillouin zone, of area fix. 

GIiJi = fi:1 f <Pq GU(q) «.*■<*<-"»•>. (6) 
Jo, 

These layer Green functions GIJ can be calculated using the layer KKR formalism[20j. The 
final expression for the conductivity is expressed in terms of matrices indexed by the layer 
numbers, 

Kt = V I ** M,'G"(q)M/G-"(q) (7) 

where Mj, represents a dipole matrix element in direction p. evaluated for a site in layer /. 
Details of the conductivity formalism will be given elsewhere[21]. 

The local fields can be determined after a13' is obtained by using J1* = £# crIK'EK' 
and the condition that the current for each spin must be continuous in the steady state. 
Two geometries are commonly discussed. If the field is applied parallel to the layers, a 
geometry sometimes referred to as "CIP" for "current in the plane", the local fields will be 
uniform by symmetry and equal to the average applied field. Thus the overall conductivity 
will be given by cr = d'1 Y.IK> djcrIK' where <f/ is the thickness of layer /, and d is the total 
film thickness. If the field is applied perpendicular to the layers, a geometry referred to as 
"CPP" for current perpendicular to the planes, then J1'', will be independent of / for each 
spin. Thus J' = "£,K <?IK'EK' and the local fields can be obtained (at least in principle) by 
inverting <rIh', 

E" = Y\(°r'\"<J' = Y.p,.Kj'- (8) 
K K 

Non-Local Conductivity of Free Electrons, Copper, and Cobalt 

It is important to understand the non-local conductivity if one wants to understand GMR 
because it is the non-local nature of the conductivity that leads to GMR. We shall see that 
the form of the non-local conductivity is a fairly sensitive function of the electronic structure. 

We used Eq.(7) to calculate the non-local electrical conductivity for free electrons, for 
copper and for cobalt using various values for the scattering rate, A = ft/r. Figure 1 
shows the non-local layer dependent conductivities for free electrons calculated using our first 
principles codes compared with exact results from the analytic formulas obtained by Zhang 
and Butler[13]. The atomic layers were taken to be perpendicular to the (111) direction. 
These calculations assumed a scattering rate, A = h/r of 0.01 Hartree (0.272 eV), one 
electron per atom, and a lattice constant appropriate to copper (6.8165 Bohr). They were 
performed as a check of the first-principles code, the validity of approximating the atomic 
cells by spheres, and the degree of convergence of the integration over the two dimensional 
Fermi surface. 

The agreement is quite satisfactory. We believe that most of the small discrepancy 
between the analytic and first principles results actually arises from a small difference in 
the way the spatial averages over layers / and J are performed in the two cases. The first- 
principles olJ involves volume averages of the microscopic non-local conductivity <r(r, r7) 
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Figure 1: Non-local layer dependent conductivity for free electrons. Diamonds (O) and 
squares (D) represent exact analytic results and results calculated using the first-principles 
code, respectively for CIP. Pluses (+) and crosses (x) represent exact analytic and first- 
principles results respectively for CPP. The analytic results are averaged over a slab with 
the thickness of an atomic layer. The first principles results are averaged over the atomic 
spheres in a plane. The Fermi Energy is 0.2595 Hartrees. 

over the atomic cells (here approximated by spheres) in layers / and J. For the analytic free 
electron results, however, the -averages are over slabs with a thickness equal to the interlayer 
spacing and bounded by planes perpendicular to the z axis. 

Figure 2 shows the calculated values of the non-local layer dependent conductivity, cr^, 
for copper and for cobalt at their respective Fermi energies using a scattering rate of 0.005 
Hartree (0.136 eV). The atomic planes were again taken to be perpendicular to the (111) 
direction. In addition to the calculated non-local conductivities we show attempts to fit 
these results with the free electron model. For copper, one can obtain a reasonable fit to 
the non-local conductivity both parallel to the planes, cr'x

J
x, and perpendicular to them, cr'J. 

The fit shown assumes that the Fermi energy is appropriate to one electron per atom (0.26 
Hartree) and the effective mass is 1.52 times the free electron mass. 

Figure 2 also shows the non-local layer dependent conductivities for majority and minority 
spin cobalt. The majority spin conductivity was fit to the free electron results using an 
effective Fermi energy of 0.111 Hartree which agrees qualitatively with a model for majority 
carriers in cobalt which assumes that the Fermi surface for the majority spins contains less 
than 0.5 electrons. The scattering rate used in the fit was 0.0046 Hartree. The fit works 
well for large values of |/ — J\ but significantly underestimates the conductivity for small 
values. This can be interpreted as indicating the presence of two types of majority spin 
cobalt electrons. One type has a relatively short mean free path. The other type has a 
longer mean free path and fits reasonably well to the free electron model. Also shown is 
the non-local conductivity of minority spin cobalt. Note that these data points have been 
multiplied by 0.1 to shift them downwards on the plot. We were unable to obtain a good fit 
to the free electron model for this data. The free electron model will need to be extended, 
e.g. by having at least two kinds of carriers, in order to represent the calculated non-local 
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Figure 2: Non-local layer dependent conductivity for copper and cobalt. Diamonds (O) 
represent the non-local conductivity for copper, plusses (+) a free-electron fit. Squares 
(O)represent the non-local conductivity for majority cobalt, crosses (x) a free-electron fit. 
Triangles (A) represent cobalt minority. 

conductivity of minority spin cobalt. It should be noted that the current carried by the 
minority electrons is not negligible. 

The results for cobalt illustrate the difficulty associated with applying free electron models 
to transition metals. The assumption of the same lifetime for both the majority and minority 
spins yields, according to our calculations, very nearly the same conductivities for the two 
channels, e.g. for a scattering rate fi/r of 0.005 Hartrees we calculate a single channel 
majority spin resistivity of 58.5 /iftcm and a minority spin resistivity of 60.8 //flcm. It is clear, 
however, that the mean free paths are very different for the two channels and that for minority 
spin cobalt one needs at least two mean free paths to represent the non-local conductivity. 
This is consistent with our knowledge of d-band metals. The Fermi velocity can vary by 
large factors over the Fermi surface. Typically the flat portions of the bands contribute 
strongly to the density of states and they can also contribute moderately to the conductivity 
but the contribution will be relatively local in nature. The more dispersive portions of the 
Fermi surface contribute weakly to the density of states but contribute significantly to the 
conductivity and especially to the non-local conductivity. 

Electronic Structure of Copper layers embedded in Cobalt 

As a model of the electronic structure of a Co|Cu|Co trilayer we calculated the self- 
consistent electronic structure of cobalt at its experimental lattice constant. Then we inserted 
differing numbers of interface cobalt and copper layers into the bulk cobalt, and again solved 
the electronic structure self-consistently holding the Fermi energy fixed at that of bulk cobalt. 
We used the Green function technique so that we could treat an infinite system without 
the need of assuming artificial periodicities. The largest system that we treated had 24 
(111) atomic layers that were calculated self-consistently: 7 cobalt followed by 10 copper 

296 



0.015 

0.01  ■ 

0.005 - 

Electrons/Atom 

-0.005 

-0.01 

0< ' 0 » » 

Cu 

10 15 
Layer Number 

»»0<> 

20 

Figure 3: Calculated charge on each layer. 

followed by 7 cobalt. These 24 layers were embedded in an infinite matrix of self-consistently 
determined cobalt (111) atomic layers. 

The calculated charge on each of the layers is shown in Fig. 3. The net charge transfer 
between cobalt and copper is quite small. We calculate that approximately .01 electrons are 
transferred to the copper, but this number might change slightly if the lattice were relaxed. 
In these calculations the copper has the same lattice spacing as cobalt. We neglected the 
small (2%) difference between the lattice constants of bulk cobalt and bulk copper. We also 
calculated the self-consistent moments and charges for the anti-parallel arrangement of the 
cobalt moments. The change in the charges and in the magnitude of the moments between 
the parallel and anti-parallel alignments was less than .001 electrons for every layer. 

Figure 4 shows how the valence electrons are divided between the majority and minority 
spin channels. Note that there is a reasonably close match between the majority Co and the 
Cu in terms of the number of electrons per atom. The number of valence electrons on the 
Cu and Co sites differ by less than 0.2 electrons. For the minority spin electrons on the other 
hand the difference is much larger, more than 1.8 electrons. To a good approximation the 
electronic structure of ideal Co|Cu interfaces can be understood in terms of a very simple 
picture. First, there is very little charge transfer between the Co and the Cu. Second, the 
moment changes are relatively small near the interfaces so that Co moments are all around 
1.7 Bohr magnetons. The consequence of this is that the number of valence electrons per 
atom per spin channel is 5.5 for Cu and approximately 5.35 for majority spin Co and 3.65 
for minority spin cobalt. 

This approximate "matching" of the number of valence electrons per atom in the majority 
spin channel means that the atomic cobalt and copper potentials appear very similar to 
majority spin electrons. This can be verified by considering the scattering phase shifts for 
electrons at the Fermi energy. These are very similar for copper majority cobalt, but differ 
greatly for copper and cobalt minority, particularly for the «/-phase shifts which because 
of the large d Fermi energy density of states and the large magnitude of the phase shifts 
are the primary determinants of the scattering. Another important qualitative difference 
between the majority and minority spin channels is a large difference in the Fermi energy 
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Figure 4: Calculated numbers of majority and minority valence electrons per atom for each 
layer. 

density of states on the cobalt layers. The Fermi Energy DOS for the minority spin channel 
is approximately 7.34 times as large as for the majority channel for the cobalt layers. 

Non-Local Conductivities Near Interfaces 

Figure 5 shows calculated non-local layer dependent conductivities for 10 layers of copper 
embedded in cobalt. This figure shows the conductivity for currents in the plane of the 
layers, the usual experimental geometry. For this calculation, we assumed the same lifetime, 
h/r = 0.005 Hartrees, for the copper layers as for the cobalt layers. Because the majority spin 
cobalt potential "matches" that of the copper, the non-local layer dependent conductivity 
for the Co|Cu|Co trilayer in the majority spin channel (Fig. 5a) is very similar to that 
of pure cobalt (majority spin) or pure copper. The major difference being that the local 
conductivity is reduced for the copper layer at the interface. 

For the minority spin electrons, however, the interfaces greatly modify the conductivities 
as is shown in Fig. 5b. The conductivities of the copper layers near the interface are 
greatly reduced. Those on the cobalt layers near the interface are also affected. The local 
conductivity (peak at / = J) is enhanced but the non-local contributions drop off much 
faster as a function of distance. 

The calculated conductivity for anti-parallel alignment for the majority spin channel 
(relative to the left hand side of the film) is shown in Fig. 5c. These calculations were based 
on electronic structures calculated self-consistently for the anti-parallel alignment. As might 
be expected the conductivities on the left hand side appear similar to those of the majority 
channel for parallel alignment and those on the right hand side appear similar to those of the 
minority spin for parallel alignment. The conductivity for the other spin channel is identical 
except reversed left to right. 

The difference between the total conductivities for the two alignments is the GMR or 
more precisely the giant magnetoconductance and is shown in Fig. 5d. The contributions to 
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conductivities of Figure 5. 

the giant magnetoconductance are seen to arise from completely different regions than the 
major contributions to the conductivity. The highest peaks correspond to currents flowing 
in cobalt layers (I) at one interface which sense the field in the cobalt layer (J) at the other 
interface. There is also a "ridge" of contributions running through the copper, i.e. currents 
flowing in one copper layer due to fields sensed in its mirror image layer on the other side of 
the interface. There is also a region of slightly negative magnetoconductance for / « J in 
the cobalt layers. 

Figure 6 shows layer dependent conductivities, i.e. the sum over / or J of a{I, J) or 
Aa(I,J). It can be seen that the assumption of equal lifetimes for all layers leads to a 
small GMR and that the magnetoconductance flows mainly in the cobalt layers adjacent to 
the interface. One can also gain an insight into the origin of the GMR by noting how the 
anti-parallel (AP) conductivity varies with layer number. Note that we have plotted the 
conductivity of only one of AP channels because the other is its mirror image. On the left 
hand side of the figure for which the plotted AP spin channel is locally the minority, the 
AP conductivity is almost identical to the minority conductivity. On the right hand side, 
however, where the plotted AP channel is locally the majority, the AP conductivity is less 
than the majority. It is this difference that causes the GMR. The majority and AP currents 
on the right hand side of the plot can sense the regions of mean free path on the other side 

of the interface. 
Our calculations contain any effects that arise from potential steps at the interfaces or 

from quantum well states. It is clear that there are discontinuities in all of the conductivities; 
majority, minority, and AP at the interfaces between cobalt and copper. Model calculations 
which we have performed using the free electron model and steps of various sizes indicate 
that they may have large effects on the conductivities but the effects on the GMR are usually 
quite small. We believe that the origin of the GMR in figure 6 is not the step but the fact 
that although the scattering rates are the same for all layers and spin channels, the mean 
free path for minority cobalt is significantly smaller than for majority cobalt. 
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Figure 7: Layer dependent conductivities for strong interfacial scattering. 

Interfacial Scattering 

In order to evaluate the effect of strong interfacial scattering we calculated the non-local 
layer dependent conductivities for 10 copper (111) planes embedded in cobalt. We attempted 
to model a system in which the copper resistivity is 2.8 fi£l cm and the cobalt resistivity 
is 14.8 pQ cm. These values seem to be typical of sputtered films[22]. We assumed that 
the electron lifetimes in the majority and minority spin channels were the same in cobalt 
(.0025 Hartrees). This would lead to very nearly the same conductivities in the two channels 
for a system that is entirely cobalt. In addition we assumed that due to intermixing at the 
interface, the scattering rate for majority spin cobalt at the interfacial layer is twice that in 
the bulk and for the minority spin it is 24 times that of the bulk. This factor of 12 between 
the scattering rates of minority and majority spin electrons is based on coherent potential 
approximation calculations that we performed of the resistivity due to copper impurities in 
cobalt and (spin aligned) cobalt impurities in copper. The scattering rates for the copper 
interfacial layer were chosen to be 3.4 and 6.8 times that in bulk copper (.0006 Hartree) 
respectively for the majority and minority spins. The calculated GMR (AR/Rp) for the 
assumed geometry and scattering rates is 0.035. 

Figure 7 shows the layer dependent conductivities. The effect of the interfacial scattering 
is to strongly depress the minority conductivity in the vicinity of the interface where the 
strong scattering was assumed. The GMR is seen to be greater for the case with interfacial 
scattering than for the case in which it was ignored. 

Bulk and Interfacial Scattering 

The calculations presented in the previous section assumed that the majority and minor- 
ity lifetimes are the same in the cobalt layers. The scattering rates that occur in practice 
will depend on the scattering mechanism. For each spin channel, the probability of a scat- 
tering event is proportional to the number of final states. For most scattering mechanisms 
such as nonmagnetic impurities or phonon scattering it means that the scattering rate is 
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Figure 8: Layer dependent conductivity in the presence of both interfacial and bulk scatter- 
ing. 

proportional to the density of states of the given spin channel at the Fermi energy. Because 
the density of states is usually much higher at the Fermi energy for the minority spin, the 
lifetime of minority electrons is usually much shorter than that of majority electrons. Figure 
8 shows the calculated layer dependent conductivity assuming that the electron lifetime for 
majority carriers in the cobalt layers is seven times that in the minority layers due to the 
difference in Fermi Energy density of states, h/r - .0014, .01008 for majority and minority, 
respectively. The GMR in this case is AÄ/Äp = .024. 

It is interesting that the introduction of an asymmetry in the bulk scattering rates ac- 
tually decreased the GMR compared to the result of figure 7. The GMR actually increases 
substantially in the cobalt but this is more than offset by the decrease in the copper. The 
decrease in the copper can be traced to the fact that decreasing the scattering rate for the 
majority electrons in the cobalt lowers the conductivity of these electrons in the copper. The 
overall conductivity is however increased as expected and the GMR would probably have 
increased if the bulk cobalt layers had been thicker. 

Conclusions 

We have shown that the Kubo formalism can be evaluated with the Layer-KKR formalism 
to calculate the non-local layer dependent conductivities and GMR from first principles. We 
have shown that GMR in the CIP geometry is an inherently non-local phenomenon and that 
the largest contributions to the GMR come from currents carried near one interface arising 
from fields sensed near the other interface. Our results also demonstrate that the effects of 
electronic structure and scattering rates on the conductivity and GMR can be quite subtle. 
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ABSTRACT 

The electronic structure of magnetic multilayers is expected to play an important role in 
determining their transport properties. We explain how the conductance through a ballistic 
point contact is related to simple geometrical projections of the Fermi surface. The essential 
physics is first discussed for simple model systems and then realistic results for magnetic 
metallic multilayers based on first principles band structure calculations are presented. The 
electronic structure is shown to make an important contribution to the perpendicular giant 
magnetoresistance. 

INTRODUCTION 

Electrical transport in metallic multilayers has been subject to extensive experimental 
and theoretical investigation. Most attention has been paid to the giant magnetoresistance 
(GMR) effect that arises in antiferromagnetically coupled magnetic multilayers when the 
anti-parallel (AP) magnetizations of adjacent magnetic layers are forced to become parallel 
(P) by an external magnetic field [1]. 

All of the experiments which have been performed so far have been in the diffusive 
transport regime, in which the sample dimensions are much larger than the mean free path. 
In this regime the conductivity is determined both by the electronic structure of the material 
and by the scattering at defects. This can be illustrated within the free electron model with 
two commonly used expressions for the Drude conductivity, 

=<>{IY=TW (I) 

CDrude depends both on electronic structure parameters (in curly brackets) such as the 
Fermi wave vector kF or the ratio between the density n and the mass m of the electrons, 
and on scattering parameters such as the mean free path (. or the relaxation time r. The 
GMR is usually ascribed to a spin-dependence of the scattering properties which, within 
the free electron model, corresponds to assuming a spin-dependent i or T. The electronic 
structure parameters are on the other hand often taken to be spin-independent and con- 
stant throughout the multilayer. Recently, it was pointed out that the difference in the 
band structures for the AP and the P configurations can also make a large contribution 
to the GMR [2,3]. We identify the determination of the relative importance of electronic 
structure and scattering effects as a central issue in any study of the microscopic origin of 
GMR. Because both of these effects contribute to the diffusive conductivity it is difficult to 
distinguish between them on the basis of present transport measurements. In the ballistic 
transport regime it is possible to evaluate the effect of electronic structure on the GMR 
unambiguously, both experimentally and theoretically. 
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BALLISTIC TRANSPORT 

Consider two semi-infinite electrodes separated by an insulating barrier and only connec- 
ted via a small opening in the barrier. When the diameter of the opening is much smaller 
than the mean free path and much larger than the electron wavelength, such a structure is 
referred to as a classical ballistic point contact. The resistance of such a point contact is 
determined by the ballistic motion of the electrons through the opening [4]. Even though 
the electrons passing through the constriction are not scattered out of their Bloch states, the 
conductance of the point contact is finite due to its finite cross section A. The net current 
is given by the difference in the number of electrons incident upon the opening from each 
side per unit time. Thus for a small voltage difference V between the electrodes (and at low 
temperatures) the current I in the transport direction ft is [4]: 

/ = A eV e i £ £ \h • v„„{q)\6{^M - EF), (2) 

where vv(t{q) and eua{q) are the velocity and the energy, respectively, for a state with Bloch 
vector g, band index v and spin index a. The factor 1/2 appears because only electrons 
moving towards the opening contribute to the current. The summation over q can be 
replaced by an integral over the corresponding sheet of the Fermi surface FS(vo). The 
(Sharvin) conductance G{h) = I/V can then be written as 

GW = ^Ig/^^.iU«)! = $±\ZS„W 4l>.(A),     (3) 
where Sm(n) is the projection of FS(va) in the direction ft. To express G(n) in terms of 
SMT{ü) recall that vva{q) at Ep is always normal to the Fermi surface. In the language of 
the Landauer-Büttiker formalism G(n) is simply the conductance quantum e2/h times the 
number of conduction channels N(n) [5]. 

It follows from Eq. (3) that the conductance of a ballistic point contact is completely 
determined by the electronic structure. Given the Fermi surface, its projection in direction 
ft, and thus G(n), can be calculated. This allows for a rigorous theoretical evaluation of 
the electronic structure effects on the transport properties and, in the case of magnetic 
multilayers, on the GMR. The Fermi surface of a multilayer structure and its dependence 
on the magnetic configuration can be calculated using first principles band structure cal- 
culations based on the local-spin-density approximation. Ballistic metallic point contacts 
have already been fabricated (see e.g. [6]), so that the ballistic regime can also be studied 
experimentally. 

MODEL CALCULATIONS 

Before evaluating Eq. (3) from first principles, it is instructive to first consider the results 
for several simple models. The simplest model for the electronic structure is the free electron 
model with a single parabolic band. The Fermi surface of a free electron gas is a sphere, 
the projections of the two semi-spheres are circles with radius kp, thus 5ff(ft) = 2TtkF, 
independent of ft. By substitution of Sa{h) in Eq. (3) and using spin-degeneracy the well 
known free electron expression for the Sharvin conductance GFE [4,7] is obtained: 

°"-x£- - (4> 
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Note the resemblance of the electronic structure part of aDrude to GFF- 
Several studies of diffusive transport in multilayers use a single spin-independent para- 

bolic band to describe the electronic structure throughout the multilayer [1]. For this band 
model the Sharvin conductances in the AP (GAP) and in the P (GP) configuration are both 
equal to GFE and the GMR [GMR = (GP - GAp)/GAP] will vanish of course. 

In general the Sharvin conductance depends on the transport direction. This can be 
illustrated using a nearest neighbour tight binding model for a square lattice in two dimen- 
sions. The dispersion relation depends on the on-site potential e0 and the hopping matrix 
element t: 

e(q)-e0-2t (cos qxa +cos qya), (5) 

where a is the lattice parameter. From Eq. (5) the shape of the Fermi surface as a function of 
the band filling can be obtained. If the Fermi energy is close to the bottom (top) of the band, 
the Fermi surface resembles the free electron (hole) Fermi circle, as shown schematically in 
Fig. la (Fig. lc). As EF gets closer to the middle of the band the Fermi surface starts to de- 
viate from the free electron behaviour and exactly at half filling it becomes square (Fig. lb). 
The Fermi surface always has fourfold symmetry because of the symmetry of the underlying 
square lattice. From Fig. lb it follows that the projection and therefore the conductance, 
depends on n, e.g. G(01) is a factor v/2 larger than G(ll) at half filling. Thus G(h) is 
anisotropic even for a square lattice. For a cubic tight binding model in three dimensions 
and also for bulk fee copper [5] the anisotropy in G(h) is less pronounced. In multilayers, 
which have uniaxial symmetry, the main anisotropy is between the perpendicular (CPP geo- 
metry) and the in-plane (CIP geometry) directions, the in-plane anisotropy being very small. 

The Kronig-Penney model has been used by several authors to study the effect of a 
periodic potential in the growth direction z on the GMR [1,7]. The effect of such a potential 
on the conductance can be significant in the CPP geometry and it is instructive to study 
this model in the ballistic limit. Consider the potential as a perturbation to the free electron 
result. In Fig. 2a a cross section of the unperturbed Fermi sphere is plotted in an extended 
zone scheme. When the multilayer period is larger than the Fermi wavelength AF, several 
Bragg planes cut the Fermi sphere. The perturbed Fermi surface will (almost always) 
intersect these Bragg planes perpendicularly, as is well known from nearly free electron 
theory.   Gaps open in the projection of the Fermi surface in the z- or CPP-direction, as 

qy 

<k 

Figure 1 The shape of the Fermi surface (thick line) for a two dimensional 
tight binding model as a function of the band filling. The large squares are 
the boundaries of the first Brillouin zone (BZ), the shaded areas represents the 
filled states, (a) e0 - 4£ < EF < e0; (b) EF = e0; (c) £o <£ EF < e0 + 4*. 
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(b) 

Figure 2 (a) The cross section of the unperturbed Fermi sphere (thick line) 
at qx = 0. The dashed lines represent the Bragg planes that correspond to 
the multilayer period in the z-direction. (b) The projection of the perturbed 
Fermi surface in the z- or CPP-direction. The positions of the gaps (white 
rings) in the perturbed Fermi surface correspond to the positions where the 
Bragg planes cut the unperturbed Fermi sphere. 

shown in Fig. 2b, reducing the projected area and thus G{CPP). The position of the gaps 
is determined by the multilayer period, their size by the strength of the potential. 

Consider the potential landscape shown in Fig. 3a. When the layer thicknesses are much 
larger than Xp, G(CPP) is independent of layer thickness. Fig. 3b shows the dependence of 
G{CPP) on the height of the potential step U calculated numerically. The main reduction 
of G(CPP) comes from states with kinetic energy normal to the layers smaller then U, 
as identified by Bauer [7] (dashed line in Fig. 3b). An additional reduction of G(CPP) is 
caused by perturbation of the electrons above the barrier by the potential. The dependence 
of the ballistic conductance G(CPP) and the diffusive conductivity [1,7] on U is similar but 
not identical. 

U 
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Figure 3 (a) Potential landscape for the Kronig-Penney model, (b) The 
dependence of GiCPP) (solid line) on U for large layer thicknesses (> Xp). 
Dashed line represents the approximate result of Bauer [7]. 
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Figure 4 Projections of the Fermi surfaces of a Co3/Cu3 (111) oriented mul- 
tilayer on a plane parallel to the interfaces. The T-point is in the middle of 
each of the figures. The hexagon indicates the boundary of the first Brillouin 
zone, (a) majority spin in the parallel configuration; (b) minority spin in the 
parallel configuration; (c) anti-parallel configuration (both spins are the same). 

FIRST PRINCIPLES CALCULATIONS 

To evaluate Eq. (3) from first principles we calculated band structures in the local- 
spin-density approximation using the linear muffin-tin orbital method in the atomic spheres 
approximation. The projections of the Fermi surfaces were calculated using a suitable 
adaptation of the tetrahedron method. Convergence as a function of the number of k points 
was obtained using different meshes containing up to 55000 k points in the full Brillouin 
zone. 

Fig. 4 shows the projections in the CPP direction of the Fermi surfaces of a (111) 
oriented Co3/Cu3 multilayer, i.e., each layer is 3 monolayers thick. The projection of the 
majority spin resembles a free electron projection but the circle is distorted is a way which 
reflects the sixfold symmetry of the underlying (111) plane. This is similar to the effect 
found in the tight binding model (Fig. lb). For (100) oriented multilayers the distortion 
has fourfold symmetry [3]. As in the Kronig-Penney model (Fig. 2b) gaps - the 'white' 
rings - have opened due to the multilayer potential. For the minority spin the deviation 
from free electron behaviour is more pronounced. The total projected area is smaller, which 
in the language of the Kronig-Penney model corresponds to a higher potential step. Some 
states (the thin lines) have no dispersion in the direction normal to the multilayer planes 
and can be identified as quantum well states. Because their velocity is normal to n, their 
projected area and thus their contribution to the CPP transport is negligible. Fig. 4c shows 
the projection of the Fermi surface of the same multilayer in the AP configuration. Because 
the projections for spin-up and spin-down electrons are identical only one is shown. Fig. 4c 
is similar to Fig. 4b but the number of gaps is twice as large which is due to the doubling 
of the unit cell. The qualitative features of Fig. 4 can be understood in terms of the simple 
models presented in the previous section. To obtain quantitative results, the more realistic 
band structures have to be used. The calculated Sharvin conductances in the CPP geometry 
for the majority and the minority spin in the P configuration and for each spin in the AP 
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configuration are 0.41, 0.32 and 0.26 respectively, all in units of 1015 fi_1m~2. This results 
in a CPP-MR of 40%. The MR in the CIP geometry is only 4%. 

Results for (100) oriented Co/Cu multilayers have been given in Ref. 3. The CPP-MR 
is found to increase for larger layer thicknesses and can be high as 120%. This result is 
very different from the vanishing of the ballistic GMR that was predicted from the free elec- 
tron model, which indicates that free electron theories neglect an important contribution to 
GMR. In Ref. 3 the hybridization between the free electron-like s electrons and the heavy 
d electrons was shown to be the microscopic origin of the ballistic GMR; neglecting the s-d 
hybridization results in a collapse of the GMR from 120% to only 3%. We have carried out 
similar calculations for Fe/Cr multilayers [8] and found magnetoresistances of up to 200% 
for the CPP geometry. The method can easily be applied to new material combinations 
which makes it a useful instrument for materials research. 

CONCLUSIONS 

We have shown that in the ballistic limit transport properties can be evaluated rig- 
orously using parameter-free calculations. Qualitatively, the results can be understood in 
terms of simple models. Quantitatively, the calculated ballistic CPP-MR is comparable to 
experimental values in the diffusive regime. Electronic structure effects make an important 
contribution to the GMR, most probably also in the diffusive regime*. We hope that our 
detailed predictions will stimulate experimental studies of transport in multilayers in the 
ballistic regime. 
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ABSTRACT 

The giant magnetoresistance in magnetic superlattices for the current perpendicular to and in 
the layer planes is studied within a unified semi-classical approach that is based on the Bohzman 
equation with exact boundary conditions for the spin-dependent distribution functions of 
conduction electrons. We show that the main differences between the in-plane and 
perpendicular-to-plane magnetoresistance result from the fact that they originate from different 
interface processes responsible for spin-dependent scattering. A correlation between the giant 
magnetoresistance and the superlattice magnetization is also discussed and it is shown that its 
study has much potential for yielding information about properties of spin-dependent scattering 
in magnetic superlattices. 

INTRODUCTION 

A great deal of attention has been devoted recently to the giant magnetoresistance (GMR) 
that is observed in magnetic superlattices for the current flowing in the layer planes ' (CIP case) 
and perpendicular to the layer planes 2 (CPP case). When experimental results for the CIP case 
are compared with those for the CPP one, it is apparent that, although both the CIP and CPP- 
GMR are accounted for by spin-dependent scattering, they differ essentially in general behavior 
(GMR magnitude, magnetic field, thickness and temperature dependences). In order to 
appreciate physical mechanisms for this difference, the CD» and CPP-GMR should both be 
considered within a unified theory. 

MODEL 

Consider an infinite superlattice composed of single-domain ferromagnetic layers with magnetic 
moments in the layer plane, each layer being L in thickness. The nonmagnetic-spacer thickness is 
assumed negligible compared with L Neighboring magnetic moments are considered to be 
rotated through an angle & relative to each other, 0 being equal to ®> in the initial state. An 
external magnetic field H applied in the layer plane rotates the magnetizations to the parallel 
arrangement and changes the angle 0=0{H). When the magnetic field is strong enough (H>HS), 
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the magnetizations are forced to lie in the same direction (0=0). The relative superlattice 
magnetization ft is given as /4,B)=MiH)!H=cos(0/2) where Mis the superlattice magnetization 
and M is the saturation magnetization. 

We define the maximum magnetoresistance ratio as AG = [p°(fQ - pG(0)] / p°(0) and the 
relative magnetoresistance as 6G(Ä) = [p°(H) - p°(Q)] I [pa(H,) - pG(0)] . Here G defines the 
geometry under discussion (CIP or CPP). Having obtained &{H) and fAH) from experimental 
p (B) and Mfl) dependences, one can find a correlation between 6° and fi and eliminate the 
common variable H. When experimental data are represented in the form 8j?), they should be 
compared with results of the present theory to estimate microscopic parameters of spin- 
dependent scattering. 

Semi-classical formalism 

In our approach the electron energy spectrum **(k) is assumed to have the form 
corresponding to the octahedral model of the Fermi surface: 

*±(*)=v* |*,|+*,+|*J?«, (i) 

where s,  is the spin-splitting energy. Transport properties of the ferromagnet depend on the 
electron velocity V=deJ8k and the intralayer relaxation time of momentum za. 

The rigorous semi-classical treatment of the superlattice response to an applied electric field E 
requires solving a system of equations for non-equilibrium parts of the distribution function in 
each layer Mtf) together with a set of boundary conditions that establish a link between the 
distribution function of electrons moving away from the boundary and that of electrons incident 
on the boundary from both layers. If x is the axis perpendicular to the layer plane, the Boltzman 
equation for #,(r,k) in the relaxation-time approximation takes the form 

where £ is chemical potential and <#,) is the local-equilibrium part of &(r,k) defined by 

(*.)=*(*. ~ g)idk+„/idk6(e„ - g). (3) 

The integrals in (6) are taken over the Fermi surface. 
To write the boundary conditions, we introduce quantities characterizing the interaction of 

electrons with the interface. Let R<, (Pa) be the specular (diffusive) reflection probability for an 
electron of spin a and  T^ (Q^) be the probability for an electron of spin a (with respect to 
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the magnetization in layer f-1) to pass coherently (diffusively) through the interface into spin 
state d (with respect to the magnetization in layer / ). Then the boundary condition at the 
interfaces x= x\ can be written as 

+ JjQa,(*2'x>(**)) 

Let us specify the angular dependence of the probabilities introduced that is due to rotating the 
spin quantization direction of an electron in traveling from one layer to its neighbor. It can be 
shown3 that the probabilities take the form: 

Taa(0) = tacos\0/2);    Z^0) = tsm2(0/2);   QU@) = q*cos%&r2); 

Q-U&) = qs«i\0l2);   P„(0)=pjcos2(0/2yi-pfsm2(&2). (5) 

Here the various t, q and p are parameters of the theory. 
Having found fi,(x,k) from (3-4), we calculate the non-equilibrium charge density i^x) and 

the current density j(x) by using 

n(x) = ZJ**,, Kx) = T^hr ZJ*»^. (6) (I*?™ r" aw 

The calculational techniques to be used are different for different geometries. In the CEP case 
the electric field is uniform ( n(*)=0 ) but there is non-uniform current density. The in-plane 
magnetoresistance />CIP is obtained by averaging j(x) over the layer thickness. As to the CPP 
case, there is uniform current density but non-uniform electric field E(x). The charge density 
a(x) given by (6) is a functional of E(x). By using the Maxwell equation dE / dx = 4xn(x), one 
comes to a integro-differential equation for B(x). Having averaged E(x) over the layer 
thickness, one obtains the perpendicular-to-plane magnetoresistance pcpp. 

Results 

The analytical results obtained are too complex because many independent parameters enter 
the final formulae. To simplify the problem, we take additional assumptions and ignore any 
difference between the Fermi velocities (v=v= vF) and the Fermi-surface areas (A*=A~=A) for 
electrons of opposite spin. Then the magnetoresistance pa has the same form in both geometries: 
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p        P? + P
G
+4PL    ' () 

Here the "partial resistance" pa
a is given by the sum p° = pa + r° where 

pa = (2nhf/e2AvT Ta is the resistivity of the spin-subzone o in the bulk ferromagnet and r° 
is an interface contribution. The resistivity p^ has been introduced to take into account 
"mixing" processes which are due to the transmission of electrons between layers with different 
magnetizations. Being considered in different geometries, the interface contributions to p° and 
p°x are determined by different combinations of probabilities P, R, Q, T. In case of the CPP 
geometry the total penetration probabilities Wa = Tm + Q^ and W = T^_+ Q^_ descriptive of 
the electron transmission from spin-subzone a in one layer to spin-subzone a and (-0) 
respectively in the neighboring layer are of importance: 

W        Wa 

CPP     -'        r nCPP Uli  (Q\ 
'a       ~                     W             W L'            "■"   ~~                        W                                                 *•   ' 

W'+~2(l+\ir) WW_+-(W++W_) 

where T-L=p^lJL ( 4= vts, is the mean free path). With the CIP problem, the total probability 
of diffusive scattering    S" =Pa+Qaa+Qa(_a)   and the factor    r+_ are crucial: 

Tf=SarL,       p% = T^rL. (9) 

The correlation between the relative magnetoresistance &    and the relative superlattice 
magnetization p. takes the form 

where p<r=cos{&tJ2) and parameters cP, 0s, f depend on properties of bulk and interface spin- 
dependent scattering, with f3* being equal to zero. 

A comprehensive analysis of our results will be given elsewhere 3 . Here we touch on some 
interesting physical consequences of the results obtained. 
l.The GMR magnitude in the CIP case and the same in the CPP case are defined by different 

sets of microscopic parameters characterising the interface properties. Consequently, there is 
no definite relationship between the CIP-GMR and the CPP-GMR. As a rule A^ > A™, but 
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it is not inconceivable that one can discover layered systems where the CIP-GMR exceeds the 
CPP-GMR. 

2. In superlattices with thin magnetic layers (L « la) the GMR may be observed , even if the 
magnetizations are not ordered antiferromagnetically in zero magnetic field. For this to 
happen, the angle 06 between the neiboring magnetizations at H = 0 must exceed a critical 
value A0 which can be estimated A0 «mn-x{L/la;Sa} for the CIP geometry and 
A0 * max{L/Z„ ; 1 - WJ for the CPP one. 

3. With the proviso that L » k , it is possible to expect that the CPP magnetoresistance peaks 
at  a  magnetic  field   H0   less  than  the  saturation  field   Hs;   rough   estimates  give 

H0/Hs*JljL«l. 
4. There are essential differences between A CIP and A cpp in their thickness dependence. The 

first may have either one or two damping length, depending on the ratio of diffusive 
scattering to coherent transmission at the interfaces. In the limit L » Ia we always find 
A cu> <x IS1 . Generally, there are three scaling lengths in the latter case. These are the Debye 
screening length, the spin diffusion length &■ and a characteristic length at which the 
interface contributions to the resistance vanish. In the limit la « L «la one finds 
A CPP(L) -> const 

COMPARISON WITH EXPERIMENTS 

We take as our first example the experimental data of Pratt et al.  who observe A   =-0.127 
and 4CPP—0.415 in Ag/Co. The experimental results and corresponding theoretical curves are 
depicted in Fig 1. 

Figure 1: Theoretical and experimental 2 normalized 
magnetoresistance in Ag/Co as a function of (M/Ms)

2 

The fitting parameters are found 
to be acpp=0.46, 0^=039, 
^=-1.04, cF*=0.16, 0^=0. 
Having analyzed the results of the 
fit, we can give some conclusions 
about the nature of the GMR 
effect in Ag/Co. It can be shown 
in general that the -value ßPn is 
defined by the asymmetry in 
diffusive scattering. The fact that 
y9cpp=0 allows us to say with 
certainty that there is no 
asymmetry in diffusive scattering , 
i. e., interfacial diffusive scattering 
is spin-independent and does not 
depend on what kind of the 
magnetic ordering appears in the 
superlattice. 

315 



So the CIP-GMR originates from bulk spin-dependent scattering. By assuming that difiusive 
scattering is insignificant, we obtain the following estimates of microscopic parameters: L/1+ = 

4.2; tL/ 1+ =0.09;   tL/ I. =0.41 . With the CPP-GMR, it is significant that both interface 

(from specular reflection) and intralayer contributions to the resistivity play important parts in the 
magnetoresistance behaviour. 

We consider as the second example our data on the in-plane magnetoresistance in 
superlattices with non-collinear magnetic ordering. The measurements were taken at room 
temperature on [Fe(23A)/Cr(8A)]3o multilayer grown by MBE on MgO substrate and 
characterized by X-ray diffraction. The magnetic moments of neighboring layers are non- 
collinear and in zero magnetic field 0O=134° The experimental results and the corresponding 
theoretical curve are depicted in Fig. 2. 
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The fitting  parameters  are 
found     to     be      aclp=0.34, 
/P=0.41. If the assumption is 
made    that    interface    spin- 
dependent scattering is dominant 
in the system , we obtain the 
following   values   of interface 
diffusive  scattering  parameters 
S„ at antiferromagnetic (ar) and 
ferromagnetic  (/J  arrangement 
of the magnetic moments of the 
multilayer: 
S.at/S+"= 13.8; 
lS+t-S+

at]/S+at=-027; 
[Sj-S.at]/S.at=0.02. 

Figure 2: Theoretical and experimental normalized 
in-plain magnetoresistance in Fe/Cr with 
non-collinear magnetic ordering. 
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EFFECT OF THE  ORIENTATION  OF  THE  MAGNETIC FIELD 
ON THE GIANT MAGNETORESISTANCE OF Fe/Cr SUPERLATTICES 

V.V.USTINOV, V.I.MININ, L.N. ROMASHEV, A.B. SEMERKOV AND AR. DEL 
Institute of Metal Physics, GSP-170, Ekaterinburg, 620219, Russia 

ABSTRACT 

We study the magnetoresistance of [Fe/Crfeo/MgO superlattices grown by molecular beam 
epitaxy at a various magnetic field directions. The theory of the orientation dependence of the 
effect is developed. It is shown that the magnetic field strength dependence of 
magnetoresistance can be calculated for arbitrary orientation of magnetic field if this dependence 
is known for in-plane and perpendicular-to-plane magnetic fields. It is noted that the 
magnetization curve can be obtained by making use of the results of the magnetoresistance 
measurements. 

INTRODUCTION 

Since discovering the giant magnetoresistance (MR) effect in metallic superlattice ia, the MR 
measurement is a standard procedure for every new multilayer. The magnetoresistance r(H) is 
usually defined by the relation 

r(H)={RH-Ro)IRo (1) 

where RH is a resistance of a sample placed in a magnetic field H, Ro is a resistance at H=0. As 
a rule the electric current j flows in the sample plane. Three types of MR can be distinguished 
depending on the direction of H with respect to j: longitudinal MR ( r\\ ) with in-plane H and 
H\\j, transverse MR (r?) with in-plane H and H±j, and perpendicular MR ( r± ) with H 
perpendicular to the film plane. The magnetic field dependence of r n and /i in Fe/Cr 
superlattice turns out to be different '"3, It has been supposed that this difference is caused by 
the magnetic anisotropy, but a detailed analysis has not been made. 

To our opinion, two problems have to be solved. First it is not clear how the magnetic field 
dependence of MR changes if the angle 0 between H and the film plane changes from 0° to 
90°. Further it is interesting to know whether one can calculate T(H,0) for arbitrary angle 
provided that the functions rlt(H) and r±(H) are known. If the orientation dependence of MR 
really correlates with that of magnetization, one could obtain the magnetization curves by 
making use of the MR measurements. 
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EXPERIMENTAL RESULTS 

We studied Fe/Cr multilayers grown by molecular beam epitaxy method on MgO (100) 
substrates. The resistance was measured by standard four-probe method. The temperature was 
290K and 77K. 

The longitudinal and transverse MR are practically identical. Shown in Fig.l is rK(H) and 
r±(H) curves for the epitaxial superlattice [Fe(23Ä)/Cr(8Ä)]3o. 

H* 

■ <D=0°,T=290K 
o 0=90°, T=290K 
* 0= <f,T=  77K 
A <D=90°, T=   77K 

-20      -10        0 10        20 

Magnetic field H (icOe) 

Figure 1 

One can see that the longitudinal MR decreases linearly with growing magnetic field at low 
H and is practically constant if H exceeds the saturation field H,. The perpendicular MR 
practically does not change if the field is less than H* =8 IcOe (we define H* as non-zero value 
of magnetic field vanishing r±, i.e. rx( H*)=0, see Fig 1), moreover, at the range from 0 to 6 
kOe the resistance slightly grows. The saturation value of longitudinal MR is equal to that of rx. 
The insert in the figure shows how r„ changes in weak fields. The measurement of a hysteresis 
loop gave the coercivity /£ to be about 50 Oe. 
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In Fig.2 we present r (H, <P) for different <P at the room temperature; the results for 
T=77K are similar. If the magnetic field is directed at a small angle with respect to the layers 
plane, MR changes insignificantly but even a slight deviation of <P from 90° results in a drastic 
decrease of the MR value. 

-20 -15 -10  -5   0    5    10   15   20 

Magnetic field H (KOe) 

Figure 2 

This fact is illustrated by Fig.3 in which the angular dependence of MR is given for #=1-5 kOe 

0        30       60       90      120     150     180 

Angle O (deg.) 

Figure 3 
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THEORY 

Let us assume that the superlattice can be considered as a sum of two magnetic sublattices. 
The magnetization of a layer belonging to the first sublattice is JW*1', the magnetization of the 
second one is JW®, the absolute values of A/° and hP] being equal to each other, namely 
IJW"' I = = I iW*2) I = Mo. Let the layers plane be XY plane of coordinate system and % be the 
angle between JW0' and this plane; the angle between the plane and the mean 
magnetization M = (M0* + Af* )/2 will be referred to as ^ It is convenient to use the 
variables 

ft<i}=Mi°/M0=sm'FJ,       fi = \M\/M() = cosC0/2) (2) 

where 0   is the angle between hP'1  and hP\ The angles Vi and *Fi are equal due to 
symmetry, so that /4" = /42> - Pz ■ 

Our basic assumption is that magnetoresistance   T(H,Q>)   depends on its arguments only 
through 0 = 6(H,0),'m other words 

r(H,0)=r(rfH,0))  . (3) 

The energy of the superlattice per unit area and per one magnetic layer can be written as a 
sum of the Zeeman energy En = -dH ■ M, demagnetizing energy EM=2a dM\ fi\, exchange 
energy En = En(fi), and anisotropy energy £A that depends in general on both fa and ft. 
The anisotropy in XY plane is weak and can be neglected. One can easily write a formal 
expansion of the energy in a power series: 

E = EH+EM+±M
2
+±M*+%M:+%M:+%M

1
M

2
,+... (4) 

For our purposes we do not need to know Ei2(ß) explicitly; as for the anisotropy energy, we 
keep only 

^-Ml =±dM0H Asm*r. (5) 

The role of the terms of the fourth order will be analyzed in details elsewhere. 
The equilibrium values of n and fa are found from the equations: 
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After some manipulations we obtain following equation for fi 

sin2<P cos2<P       1 ,_ 
+ „*,    ,=-^T (7> 

where 

Let H/0)be a magnetic field strength at which magnetoresistance is equal to a certain value 
r, i.e. 

/(^(0),0)) = r. (9) 

It follows 

*^+*=0 (10) 

Finding dp/dH and dp/d®  from (7) and inserting them in (10), we obtain the differential 
equation for H/0): 

The general solution of (11) can be written as 

,   cos20        sin2<P    | 2 ,,„. 

If we suppose that r(H,<f)*H at #«H* and r(H, 90°)cc(B*-H) at (KH-H*«H* 
then on can show from (12) that the magnetoresistance /{7£<P> as a function of <P near 
<P=90°has the following asymptotic behaviour in the range 0<H< H*. 
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H / H 
^ - — ,   if H < H* ; 

yj\-(H / H* )2 

r(H ,0)^(0 -^-)ln,                            if H = H* . 

J L    _,   .     .       dr(H,0) 
ed that denvative   rr > °° at H ->H*. 

(13) 

d0 
The relation (12) can be immediately applied to interpretation of the experimental data. Upon 

finding H{$T) and #,(90°) by making use of results of measuring MR at <£=0° and 0=90°, one 
can calculate r(H, 0) at arbitrary H and 0. In Figs.2-3 the calculated values of MR are 
presented as solid lines. One can see that our theoretical curves are in a good agreement with 
experiment. 

It follows from (7) and (12) that #X90°) - H/0") = AHr for every given r is nothing but 
(4%M> + Hj^ft corresponding to this r. Since the greatest possible r takes place at H=HS, 
when u=l, we have AHr     =4KM„+H.. Hence the relation AHr / AHr     is nothing r-     > Jmax o A / 'max ° 

but the relative magnetization /x of the superlattice in the in-plane H corresponding to given r: 
ßr = AHr/AHrm. 

CONCLUSION 

Thus both the field and the angle dependencies of magnetoresistance for our epitaxial Fe/Cr 
superiattices can be described satisfactorily on the base of assumption about existing two 
subsystems of magnetic moments with energy of coupling depending on the angle between these 
moments. We have found that the difference between magnetoresistances r(H, 0 =90°) and 
r(H, 0=0°) is due to the anisotropy and demagnetizing field making it more difficult to align the 
layers' magnetic moments in the out-of-plane direction. As a result, one can find the 
magnetization curve by making use of the data on magnetoresistance. 
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Calculation of Electrical Conductivity and Giant Magnetoresistance within the 
Free Electron Model 

X.-G. Zhang*   and W. H. Butler * 
"Metals and Ceramics Division, Oak Ridge National Laboratory, Oak Ridge, Tennessee 
37831-6114 

ABSTRACT 

We use the model of free electrons with random point scatterers (FERPS) to calculate the 
electrical conductivity and giant magnetoresistance (GMR) for FeCr multilayer systems and 
compare our results with the experimental values. Our analysis suggests that the primary 
cause of the GMR in FeCr systems is regions of interdiffusion near the interfaces. We find that 
in the samples analyzed, these regions of interdiffusion occupy about 8.5A of the magnetic 
layer near each interface. 

Introduction 

Previous calculations of the conductivity and Giant Magnetoresistance in magnetic mul- 
tilayers have generally employed the model of Free Electrons with Random Point Scatterers 
(FERPS) and have approximated the conductivity within this model by using either a semi- 
classical approximation^, 2, 3] or an approximate solution[4] to the Kubo formula[5, 6]. In 
a previous study[7] we evaluated the Kubo formula exactly within the FERPS model with a 
local self-energy, and compared it with the other methods. We investigated the relationships 
among the various approaches and found that under most circumstances the semi-classical 
approach agrees surprisingly well with the numerical solution, while the solution of Zhang, 
Levy and Fert[4] (ZLF) generally yields a conductivity which is lower than the numerical 
solution when the mean free path is comparable to the layer thicknesses [8]. 

In light of these results, the question arises as to whether the past analyses of experimental 
data using ZLF and the conclusions based on them should be re-examined. Specifically, since 
ZLF theory tends to give results that are closer to the thin limit, it usually over-emphasizes 
the effects of regions with strong scattering, e.g., interface regions. Therefore, one needs to 
reconsider the conclusion drawn from these studies that the dominant effect in these GMR 
systems is the interfacial scattering. 

In this paper we calculate the conductivity and GMR exactly within the FERPS model 
for FeCr multilayer systems, and compare the results with previous studies[9]. Our study 
suggests that although interface roughness can be important, there may also be a region of 
interdiffusion that is larger than the rough regions near the interfaces, and this interdiffu- 
sion may be an important contributor to GMR. We further speculate that GMR may be 
significantLy increased if this interdiffusion region can be increased while maintaining spin 
alignment. 

Conductivity in the Free Electron Model 

Our model of the multilayer is described by a complex local self-energy £(z) that is 
constant in the xy directions (parallel to the layers), and is assumed to be constant in the 
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z direction within each layer. It can be shown that variations of the real part of the self- 
energy contribute very little to the GMR. Therefore we assume that the real part of E(z) is 
a constant throughout space. The imaginary part of E(z) is determined by the mean free 
path within each layer, 

Im£, = -^, (1) 

where kp is the Fermi momentum, and the subscript I denotes the layer I. 
The quantum solution to such a multilayer cannot be obtained analytically. To obtain 

a numerical solution we embed a finite number of multilayers (about 1000A thick) into an 
infinite square well, and calculate the Green function using[3] 

G(h;^)=^Z<^Z>\ (2) 

where fy is the parallel component of the wave vector, and ^L and ipR are solutions to the 
differential equation, 

[jB+£(£-fc")-E(;jMz)=0' (3) 
and satisfy the boundary conditions on the left and right sides of the system, respectively. 
For a multilayer system of total thickness d we used the boundary conditions, V"i(0) = 0 and 
i>F.{d) = 0. W is the Wronskian of IJ>L and tpR. 

The conductivity for current-in-plane (CIP) can be calculated from the Kubo formula 
which gives, 

* = ~~t*^kltdz tdz' IAi*iiIn^%*><>taG(*ii; *'>*)• (4) 
We first use this to calculate the conductivity of a simple multilayer system and compare 
with the semi-classical results and those obtained using the theory of ZLF. The comparison 
is shown in Fig. 1, as a function of the thickness of one period. In these calculations it is 
assumed that the scattering rates for the two layers correspond to bulk mean free paths of 
36.0555 and 360.555 atomic units (1 a.u.=0.529Ä) and that the thickness of the dirty layers 
is twice that of the clean layers. No additional scattering at the interfaces is included. In 
all of the multilayer calculations we used a sufficient number of periods of the multilayer to 
avoid the physical quantum size effects for the exact results and the large unphysical size 
effects that occur for the semi-classical and ZLF theories. 

There are two limits that all theories approach correctly: The thin limit in which the 
layer thicknesses are small compared to the mean free path, and the thick limit in which the 
layer thicknesses are much larger than the mean free path. In the thin limit the conductivity 
is determined by the average of the scattering rate, which gives, 

— = £--• (5) 

In the thick limit, the mean free paths are averaged, 

/ d 

There is a surprisingly good agreement between the semi-classical theory and the FER.PS 
model.   On the other hand, the ZLF theory seems to approach the thin limit too fast. 
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Figure 1: Conductivity as a function of the total thickness of a period of a multilayer system. 
The period contains two layers, with thicknesses 2/3 and 1/3 of the period, and mean free 
paths 36.0555a.u. and 360.555a.u., respectively. 

Because in most multilayer systems the layer thicknesses are less than 100A(about 189a.u.), 
this deviation would cause the ZLF theory to over-emphasize the effects of strong scattering 
regions, e.g., the interfacial regions. 

Application to Multilayer Systems 

We have applied our FERPS model to the FeCr multilayer system, and compared the 
results with the experiment of Baibich et <z/[10, 11] results of which are shown in Fig. 2. 
Like most of the data on GMR as a function of the layer thicknesses it has three qualita- 
tive features:(l)For fixed thickness of the magnetic layer the GMR (AR/R) decreases with 
spacer layer thickness. (2)For sufficiently large magnetic layer thickness GMR decreases with 
magnetic layer thickness. (3) As the magnetic layer thickness decreases the GMR reaches a 
maximum and then falls rapidly to zero for zero magnetic layer thickness. In relating the 
experimental data to the FERPS model we find that feature (1) gives information concern- 
ing the mean free path in the spacer layer, feature (2) is related to the relative strength of 
the bulk scattering (asymmetry between the majority and minority scattering rates in the 
ferromagnetic layer) and the interfacial scattering. The thickness at which feature (3) occurs 
indicates the thickness of the region which contributes most strongly to the GMR. 

In order to fit the data using the FERPS model we chose (somewhat arbitrarily) Ep = 
O.lHa. With this value of EF a value of the spacer layer mean free path of approximately 
ACr = 79Äwas necessary to fit the decrease in GMR with spacer layer thickness. In order to 
fit the dependence of the GMR on the ferromagnetic layer thickness we found it necessary 
to assume that there is a region in the Fe layers where there is a significant amount of 
Cr impurities. From our experience with the bandstructure of FeCr alloys, we made an 
assumption that the mean free path for the minority spin channel in the interdiffusion region 
is the same as that of the Fe layer.   Therefore there are four free parameters to fit, the 
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thickness of the interdiffusion region on each side of the Fe layer, imt, and three parameters 
from Afe, p£e, Ajnt, and pf", where the mean free paths for each spin channels can be obtained 
from, 

A< (7) A„ = 
(1+P«T)

2
' 

with a = ±1 for up (down) spins. 
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Figure 2: The GMR ratio of FeCr multilayers as a function of Fe layer thicknesses with 
icr = 12Ä (O), and as a function of Cr layer thicknesses with <Fe = 30Ä (x). The solid lines 
are calculations with the FERPS model. 

We were able to fit both curves with iint = 8.5Ä, \f = 33Ä, pjc = 0.44, A?' = 11Ä, and 
p^1' = 0.68. The zero field resistivity calculated from these parameters is about 45fiticm, in 
good agreement with the measured residual resistivity 37^ncm. The existence of the rather 
thick interdiffusion regions has important consequences. If the scattering rates in these 
regions are made the same as those in the Fe layers, the GMR ratio is reduced significantly. 
This is consistent with the experimental result that samples with sharper interfaces yielded 
smaller GMR ratios. 

Although it seems that we have many parameters to fit only a few data points, we believe 
the results are significant for the following reasons. First, several parameters, such as the 
Fermi energy, the mean free path in the Cr layers, and the mean free path of the majority 
channel in the Fe layers, have little effect on the general trend of the GMR, although they may 
affect the resistivities significantly. Second, the decrease of the GMR as a function of the Fe 
layer thickness for thick Fe layers determines quite unambiguously the ratio of bulk scattering 
versus interfacial scattering in the Fe layers. Lastly, the reduction of the GMR ratio for very 
thin Fe layers gives a good estimate of the thickness of the interfacial regions where there 
is a strong spin dependent scattering. Most experimental data on multilayers show a sharp 
downturn of the GMR ratio for a magnetic layer thickness near 10Ä to 20Ä. This thickness 
is much greater than a typical interfacial roughness of about 2A to 4Ä which suggests the 
existence of relatively thick magnetic regions where there is a significant concentration of 
nonmagnetic impurities due to diffusion in these multilayer systems. This is illustrated by 
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Figure 3 which shows the GMR ratio for a typical CuCo multilayer system[12]. A careful 
study of this system will be presented in a future publication. 

0.3 

0.25 

l 

o 

1 1 t 1 1 

0.2 - o - 

GMR 0.15 
o o o - 

0.1 . o o o o 
o o 

0.05 " 

1 1 1 1 t 

20 40 60 80        100 
Thickness (a.u.) 

120 140 160 

Figure 3: The GMR ratio of CuCo multilayers as a function of Co layer thicknesses with 
iCu = 19Ä (O). 

Our results are differ from those obtained by Zhang, Levy and Fert from the same data[4] 
in several aspects. First, they approximated the interfacial regions with a <5 function type 
scattering potential. This leads to the unphysical consequence that the GMR extrapolates to 
a finite constant as the thickness of the magnetic layers goes to zero. Our analysis indicates 
that interfacial interdiffusion region is actually rather thick, about 8.5Ä on each side of the 
Fe layer (17Ä for every Fe layer). Secondly, their calculated zero field resistivity is too high, 
(83/jftcm). Although the resistivities tend to fluctuate from sample to sample, it is important 
that a theory give the correct resistivity as well as the GMR ratio for the same sample. This 
difference in the resistivity is due to the fact that the ZLF theory over-emphasizes the strong 
scattering regions compared to the exact solution of the FERPS model. 

Conclusions 

We have analyzed the experimental data on FeCr multilayers using the FERPS model. 
We found that there may exist rather thick interdiffusion regions in the magnetic layers, and 
these regions with very strong spin dependent scatterings are the primary contributors to the 
GMR. Petroff et a/[9] found that FeCr multilayers with sharp interfaces and small residual 
resistivities exhibit significantly reduced GMR. Annealing these samples usually increasase 
the GMR ratio. These observations are consistent with our results. Other experiments on 
FeCr or CuCo multilayers showed similar trends. 

Our results suggest that the GMR may be increased significantly in these multilayer 
systems by increasing the interdiffusion regions, either by annealing or impurity doping. It 
is important, however, that these regions should maintain their magnetic moment, which 
is the source of spin dependence in the scattering rates according to our first-principles 
studies[13, 14]. 
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ABSTRACT 

Results are presented of the magnetoresistance of MBE-grown (111) Co/Cu multilayers 
measured with the current perpendicular to the plane of the layers (CPP). Although for 
measurements made with the more common geometry of current in the plane of the layers 
(CIP) there are large differences between the results on samples made by sputtering and those 
prepared by MBE, for these new CPP data the results on samples made by the two techniques 
are very much alike. For copper layers with thicknesses between 0.9nm to 6nm the 
magnetoresistance shows oscillations with copper thickness that were almost non-existent in 
the earlier CIP data. At the second peak the magnetoresistance in the CPP geometry is an 
order of magnitude greater than that in the CIP configuration. Although the interfaces in these 
samples have been shown to be very sharp, they appear to form a mosaic structure with the 
antiferromagnetic regions embedded in a ferromagnetic structure. It is argued that for CIP 
measurements the GMR is greatly reduced by these ferromagnetic correlations over length 
scales long compared to the electron mean free path. For CPP measurements, on the other 
hand, it is the spin diffusion length that is the determining factor with the mean free path no 
longer a key parameter and with values of the GMR virtually independent of the growth 
process. 

INTRODUCTION 

In nearly all studies of the so-called 'giant' magnetoresistance (GMR) observed in magnetic 
multilayers the measurements have been made with the current directed along the layers in the 
so-called Current-In-Plane (CIP) mode. Experimentally the resistance is of the order of ohms 
and easily measured, but on the other hand the detailed analysis of the magnetoresistance in the 
CIP configuration is complicated by the non-uniform distribution of current between the 
layers. A GMR is observed only when the mean free path of the electrons, X, is considerably 
greater than LM, the length scale of the magnetic inhomogeneity of the specimen. The 
minimum value of LM is clearly the bilayer spacing. This condition is essential to ensure that 
over the length of a mean free path conduction electrons of a given spin can sample regions of 
opposing magnetisation that can be changed on application of an external field. This is the 
criterion for the existence of the GMR. On the other hand when the mean free path is very 
short (k < LM) the above condition is no longer true and the magnetoresistance from this 
source is effectively zero. 

More recently an alternative method of studying the resistance of the multilayers by 
measuring the resistance through the layers in the Current-Perpendicular-to-Plane (CPP) 
geometry has gained in prominence. With the CPP arrangement current density is uniform 
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across the sample, and, as the electrons pass sequentially through the layers and interfaces, 
modelling is more straightforward and the above restriction on the value of X relaxed. In 
addition conduction through a definite series of magnetic and non-magnetic layers has 
focussed attention on a number of new phenomena such as spin-dependent interfacial 
scattering [1,2], the importance of the spin-diffusion length [3,4], spatial oscillations in charge 
density and electric field [5] the possibility of ballistic transport and the role of s-d scattering 
[6]. However from an experimental point of view the actual measurements are appreciably 
more difficult than in CIP both in defining the geometry of the probes and in measuring 
resistances across thicknesses of much less than one micron. Experiments of this sort are 
therefore at a comparatively early stage of development and in this paper we present a 
comprehensive set of CPP measurements on samples grown by MBE. 

CPP MEASUREMENTS 

At present three experimental methods are being developed to deal with this problem. They 
are (i) to form samples of micron-sized pillars by techniques of photolithography [7,8], (ii) to 
grow multilayers in the form of nanowires by electrolysis [9,10], and (iii) to sandwich 
multilayers between superconducting niobium films and measure the emfs of less than 10"9V 
with a low temperature potentiometric circuit incorporating a SQUID as null detector and a 
precision current comparator [11,12]. The measurements reported here have been made by 
the third of these methods with the Co/Cu multilayers formed between niobium strips in one 
growth cycle [13]. The advantage of this technique is that the superconducting layers provide 
equipotential contacts injecting the current in a clearly defined geometry perpendicular to the 
layers, but the disadvantage, compared to the other two methods, is that the measurements 
must be made below about 4.2K. 

The resistance through a metallic film of less than 1 micron thick is smaller than lOOnQ 
which, in a current of 10mA involves the measurement of voltages of order 10"9V. The 
change of such voltages in a magnetic field is naturally smaller still so that a SQUID-based 
current comparator operating at 0.1% to 0.01% relative precision is required. (See reference 
[12] for further details). The magnetoresistance measurements were made using a small hand- 
wound NbTi superconducting magnet designed to fit closely round the sample and low enough 
in field (<1T) not to influence the operation of the SQUID or to drive the superconducting 
contact pads normal. 

SPECIMEN GROWTH 

The epitaxial films were grown in a VG80M facility operating in UHV conditions at a base 
pressure of about 3 x 10"11 mbar. The choice of sapphire (1120) substrates was determined by 
the fact that niobium has been grown on sapphire substrates by a number of groups (see for 
example references [14,15]) although the temperature of the substrate holder must be held at 
about 950°C - well above the recommended maximum for the facility. However, this high 
temperature is a key feature of successful Nb growth, and has given us RHEED patterns that 
are markedly superior to those seen on any previous substrate. (And, incidentally, lead to 
GMRs in the CIP geometry that are almost twice as great as any that we had measured 
previously). 

The CPP samples, sandwiched between Nb superconducting strips 1mm in width, are of the 
form sapphire/Nb/Cu[Co/Cu]n/Nb/Au, where the Nb strips are lOOnm thick, the cobalt 
thickness is fixed at 1.15nm while the copper thickness in different multilayers takes various 
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values between 0.9nm and 6nm. The first copper layer, deposited ahead of the multilayer, is 
essentially a further buffer layer of order 3nm thick to seed the growth in the (111) direction, 
and this is formed at 375°C. However, the actual Co/Cu multilayers, the top Nb strips and the 
Au protective caps are all grown 'cold' at about 30°C, with the Nb and Au no longer epitaxial. 
A schematic diagram of the specimen and Nb contacts is shown in figure 1. The crossed-strip 
geometry and the cross-sectional area of the multilayer stack were all determined by 
evaporating through a series of masks. It was found that 

Fig.l: Schematic diagram 
of the specimen and Nb 
contacts. 

scrupulous care in cleaning the sapphire substrates was absolutely essential otherwise the 
multilayers were short-circuited by contacts between the top and bottom Nb strips. 

RESULTS AND DISCUSSION 

Fig. 2: Field dependence 
of resistance in a Co/Cu 
specimen with 0.96nm 
copper layers. 
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An example of the measurements is shown in figure 2 where we see that for 3nm copper layers 
the magnetoresistance is as great as -93%. There are two points that are immediately 
apparent. 
(a) There is a very marked hysteresis effect with the resistance never returning to its high 

initial value. We attribute this to a change in the domain structure following saturation with an 
increase in the ferromagnetic component in interlayer coupling. The whole question of the 
detailed magnetic structure of specimens is something that has been largely neglected in this 
work on the GMR, and its relevance to magnetoresistance has only begun to be addressed in a 
recent paper by Zhang and Levy[16]. 
(b) In comparing figure 2 with CPP measurements made on similar multilayers grown by 
sputtering we find that the two sets of results are virtually identical [17]. This is a key result 
as one of the major issues of the whole GMR saga is why, in the commonly studied CIP mode, 
(i) the magnitudes of the GMR have invariably been so much greater and (ii) the values of the 
saturation fields so much smaller in samples prepared by sputtering than in those grown by 
MBE. 
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Fig.3: Magnetoresistance 
in the CPP mode as a 
function of copper thick- 
ness. Cobalt layers are 
2.4nm (open circles) and 
1.7nm (closed circles). 
The squares represent 
CIP data for which the 
nominal cobalt thickness 
is 1.5nm. 

In figure 3 we show the magnitude of the GMR for a series of MBE grown Cox/Cut samples. 
Here t is varied between 0.8 and 4nm, while x is either 1.7nm or 2.4nm as shown in the 
diagram. With the small NbTi magnet we could not saturate the sample in which the copper 
layers are 0.96nm so the datum shown is the value of the MR at maximum field. The values 
shown in figure 3 have all been corrected to allow for a 6nfi boundary resistance at the 
superconducting/ferromagnetic interfaces. 
It is again immediately apparent that measured in the CPP mode the GMR of Co/Cu has large 
oscillations with a period of about 1.2nm which correlates with the oscillations that have been 
observed in the CIP mode for Co/Cu multilayers prepared by sputtering. We recall that for 
measurements in the simpler in-plane geometry oscillations in the magnitude of the GMR as a 
function of spacer layer thickness are seen quite clearly in specimens prepared by sputtering 
but, apart from a set of results on a trilayer wedge [18] oscillations in Co/Cu multilayers 
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prepared by MBE have never been observed. An example of a set of CIP measurements made 
on specimens grown on sapphire substrates by MBE is shown in figure 3. In an effort to clarify 
this problem we have previously reported oscillations in the magnitude of magnetic coupling in 
MBE grown samples by magnetisation measurements [19], although they were extremely 
difficult to observe. We have attributed the illusive nature of these oscillations to the large 
ferromagnetic contribution to the magnetisation of these MBE grown samples. By way of 
complete contrast we see that for CPP data the oscillations are extremely clear. 

A second point of importance is that for these MBE grown specimens the extremal values of 
the CPP-MR — i.e. those in the regions where we expect antiferromagnetic coupling ~ are 
very similar in magnitude to those in Co/Cu multilayers prepared by sputtering. 

CIP AND CPP 

From a purely experimental point of view the important question to address is therefore why, 
on the one hand, are the CPP values of the GMR for specimens prepared by either MBE or 
sputtering virtually identical, while, on the other hand, for the CIP mode it has proved almost 
impossible to obtain either large values or oscillations in the GMR for Co/Cu specimens 
grown by MBE? 
It is certainly true that our experience has been that it is possible to increase the value of the 
GMR in material grown by MBE from only a few percent to almost 50% by very careful 
control of the growth conditions as a means of improving the quality of the layers. However 
although we estimated from magnetisation data that in specimens for which the GMR was 
26% only about 20% of the sample was antiferromagnetically coupled, the improved growth 
conditions has not lead to any increase in this fraction. 

A very elementary explanation of the much larger GMR in the CPP mode is to assume that 
with the better defined geometry although the antiferromagnetic regions are still 'embedded' in 
a ferromagnetic matrix they are clearly separated in well defined collumnar paths. If these 
paths have a relatively low resistance compared to the rest of the multilayer then it is the 
change of their conductivity in a magnetic field that dominates the conduction process in CPP. 
In fact a closer analysis shows that this is not a possible explanation as it would predict the 
zero field resistivity for CIP to be larger than for the CPP configuration whereas 
experimentally we find exactly the opposite. 

As mentioned in the Introduction the magnitude of the mean free path is a key parameter in 
any transport measurement, and, for the CIP mode, values of X < LM can nullify the GMR. 
NMR and XRD [20] studies on samples prepared in this way suggest very sharp interfaces but 
relatively short distances, suggesting that the layers are a mosaic structure. This would clearly 
lead to a complex magnetic structure with the sample ordered ferromagnetically on a length 
scale longer than the expected LM and a reduction in the volume of the sample that is coupled 
antiferromagnetically. As the mean free paths in our samples are of the order of 5nm it is not 
difficult to envisage ferromagnetic correlations on a length scale considerably greater than that. 
For the CPP mode the mean free path is no longer a key parameter, and the spin diffusion 
length that determines the scale of spin accumulation at the interfaces — and is believed to be 
the determining factor in CPP conduction — is certainly considerably greater than the 
thicknesses of these very thin layers. 
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ABSTRACT 

Co-Cu-NiFe-Cu weakly coupled multilayers, were patterned into stripes with dimensions 
from lx6um2 to 2x20|im2. After proper biasing using a DC field created by an adjacent bias 
conductor, these structures show large linear field spans (±150Oe), with MR values up to 6%. 
These can be used for current or position sensor applications. Sensor response to AC fields was 
studied up to lMhz, using the bias conductors as sources of the AC field. We find that the signal 
output is reduced above 10 to 100kHz. For comparison, sensors were also fabricated out Co-Cu 
AF-coupled multilayer (3xl00um2 structures) needed for field detection up to several kOe. 

INTRODUCTION 

GMR (giant magnetoresistance) multilayers have been develloped in the recent years in view 
of applications in the magnetic digital recording(Hs<100 Oe) and field sensor(Hs<1000 Oe) 
industries. In the first case, spin-valve heads seem the more promising candidate, having been 
fabricated and tested with good recording characteristiscs1'2'3'4). Alternative solutions for low 
field, high sensitivity GMR materials have been demonstrated, as MFe/Ag multilayers deposited 
at 77K5, or heat treated6-7, uncoupled Co/Cu/NiFe/Cu rmütilayers8,and NiFeCo/Cu weakly AF- 
coupled multilayers8'9'10'11. For field sensor industrial applications where requirements are for 
low thermal drifts, small voltage offset, and highly linear response with field ranges up to 1 or 2 
kOe, AF coupled Co/Cu multilayers or granular systems become of interest together with 
mechanisms to control the linearity range and saturation field value. In these field ranges, these 
sensors have to compete with Hall effect devices. First GMR sensor applications were already 
demonstrated12. In this paper we compare the behavior of two types of sensors, one of the first 
category made of uncoupled Co/Cu/NiFe/Cu multilayers, and the second made of AF coupled 
Co-Cu multilayers. Sensor performance, biasing mechanisms, Barkhausen noise, and AC 
response are described and compared with simpler spin-vab/e structures when appropriate. 

EXPERIMENT 

The multilayers were deposited by magnetron sputtering at Ar pressures of 2 mtorr in a 
system with base pressures of 2xl0"8 torr. Sputtering rates were typically of 1 to 2A/s. The Cr 
buffer (50A), when used, was deposited in the same system by e-beam evaporation at rates of 
the order of 2Ä/s. The Co-Cu-NiFe-Cu multilayers used were of the form: Substrate/ 
Cr50A/(Co15A/Cu35A/NiFe3oA/Cu35A)xio or Substrate/Fe50Ä/(Coi5VCu55A/NiFe30A/ 
CU55ä)XIO.   Different Cu layer thicknesses were used  as the maximum saturation MR is 
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obtained with thicker Cu layers for the samples deposited without a Cr buffer. Here NiFe stands 
for     Permalloy,     NigiFejQ. The     Co-Cu     multilayers     were     of    the     form; 
Substrate/Fe50Ä/(Cou.&/CugÄ)xi6. '^"s ^ thickness is near the first maximum of the MR vs. 
tQ, curve. The samples were prepared on Coming 7059 glass or (100) Si substrates. For the 
sensors with a biasing conductor, the Al conductor line 0.3 micron thick is first defined on the 
substrate by conventional sputtering and dry-etch techniques. This process is followed by the 
deposition of a 2500Ä thick SiC>2 insulating layer by RF sputtering.The next step, and first step 
for the sensors without biasing conductor, is the deposition of the magnetic multilayer, capped 
by a 1500Ä TiW(N2) film. The sensor pattern is now defined by laser-direct write on 1.4 micron 
thick positive photoresist. The TiW(N2) is now etched in a SF6 plasma. This mask is then used 
for defining the sensor element by sputter etching. A TiW(N2) capping layer of about 300-400Ä 
remains on top of the multilayer stripe. Al contact pads were deposited and defined by lift-off 
The layouts of both types of sensors are shown in Fig.l. No magnetic field was applied during 
the deposition of the magnetic multilayer. For magnetoresistance measurements on patterned 
devices, a 2-probe set-up was utilized with the magnetic field applied transverse to the current 
direction. The AC measurements were performed using the biasing conductor to generate the 
magnetic field at different frequencies. 

RESULTS AND DISCUSSION 

Fig.2a shows the static magnetoresistance versus applied magnetic field for a 
glass/Cr5oÄ/(Coi5^/Cu35^/NiFe3oA/Cu35^)xio coupon sample. In these uncoupled samples the 
antiparallel alignement of the magnetizations is due to the different coercive fields of the Co and 
NiFe layers. The magnetizations of the Co and NiFe layers are parallel at saturation, and then the 
magnetizations of the NiFe'layers rotate between 0 and -40 Oe. At this point the antiparallel 
alignement of the magnetizations is maximum. At -40 Oe the Co layers magnetizations also start 
rotating, and the sample resistance starts decreasing. Typical MR values for these structures 
range from 6 to 10%. 

Multilayer Biasing conductor 

Pads 

Multilayer 
Stripe 

Multilayer 
Stripe 

Biasing 
Conductor 

Fig. 1: Layout of the structures fabricated a: Without biasing conductor; b: With biasing conductor. 
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Fig. 2: DC R vs. applied field H for AGlass/Cr5o^/(Coi5^/Cu35^/NiFe3oÄ/Cu35Ä)xlO multilayer in the 
field range corresponding to the NiFe magnetization reversal, a; Coupon sample; b: Patterned into a 1x20 fux? 
stripe; c: Minor loop showing linear behavior. The sense current in the sensor measurements is 2.5mA. 

Fig.2b shows the signal output for a sensor made from this sample with dimensions 
(L,w,h)=(20,16,l)um where 1 is the length of the multilayer stripe, w the distance between the 
contact pads (active region) and h is the sensor height. The sensor is defined as a long and 
narrow stripe in order to profit from the demagnetizing field to align the NiFe and Co layers in 
the longitudinal direction. The curve shown in Fig.2b for the patterned sensor has the field 
applied transverse to the NiFe and Co magnetizations, in order to produce an hard axis response 
as the NiFe layers switch. The NiFe is seen to start to rotate at positive fields (H>100Oe), and 
the MR rises till -40Oe. Measurements with the magnetic field applied parallel to the current 
direction showed a behavior similar to the the one in Fig.2a. The MR changes linearly from 
170Oe to -40Oe. Fig.2c shows a complete minor histeresis loop for the same sensor in this field 
range. The curve is linear over a 200 Oe span centered at 65 Oe and shows some Barkhausen 
noise. In order to achieve linear behavior, this 65 Oe field offset has to be removed. The 
necessary biasing field of 50 to 100 Oe will be provided by the biasing conductor previously 
patterned below the sensing element. The fields btained in this way are of the order of lOe/mA 
for a 5(xm-wide conductor.  The multilayers used for this purpose were of the form: 

Si/(Co15Ä/Cu55Ä/NiFe3oÄ/Cu55A)xio- 
Fig.3 shows such a linearized loop. This curve shows relatively low Barkhausen noise. A 

similar biasing effect is obtained with the bias field created by the sense current in spin-valve 
heads3'4. 

Fig.4a shows the AC signal from a lx20txm2 structure above at 1kHz with a 115 Oe DC bias 
field. The bottom curves   correspond to the AC magnetic field. This was the highest offset 

16.517 

a 
irf 

16.409 

Fig. 3: DC minor loop for (l,w,h)=(20>16,l) 
urn Co-Cu-NiFe-Cu structures with -60Oe 
bias field. 

-150   -100 -50      0       50 
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Fig. 4: a: AC signals from a (l,w,h)=(20,16,l)nm structure patterned from the same multilayer at 1kHz. The 
excitation (field) signal is also shown. The plot was obtained for a 110 Oe field amplitudes (pp) and HSOe 
ofiset. b: Sensor signal amplitude vs. bias field generated by the wire. 

available in our system. A higher field offset should improve the linearity, as at 115 Oe bias the 
bottom part of the curve is still distorted. The signal amplitude (pp) is 2.3mV for a HOOe field 
amplitude (pp). 

These results are consistent with the ones obtained by Noguchi et al.%. Notice also a small 
phase (time) shift between the applied field and the MR. Fig. 4b shows the dependence on the 
DC bias field of the signal amplitude (pp). At zero bias field the amplitude is very low, increasing 
regularly up to a 80 Oe bias field, where it starts to stabilize. The signal amplitude should reduce 
if the field bias was still increased. Fig. 5 shows the amplitude of the sample signal and phase shift 
vs. frequency plots for a 2x20pm2 stripe. The amplitude decreases and the phase shift increases 
at high frequency. The phase shift indicates that the sample magnetization is changing slowly and 
is not able to cope with the the field changing at higher rates. The reduction of the amplitude at 
higher frequency could be due to the increase in phase shift. This behavior is very different from 
the the one shown by pinned spin-vab/e sensors4 or by coupled multilayers. These systems show 
no amplitude losses for frequencies even higher. Exchange coupling-dominated systems seem to 
be more appropriated for high frequency use. Studies on NiFeCo-Cu AF-coupled multilayer 
coupon samples showed that the samples permeability was kept almost unchanged up to SOMHz 
frequencies9. 

100 1000       10000 

Frequency(Hz) 
100000 

Fig 5: Amplitude (closed circles) and phase 
shift (open circles) vs. frequency for a 
structures patterned from the same 
multilayer, with dimensions (l,w,h)= 
(20,16,2)um. 
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Fig. 6: R vs. applied field for a glass/Fe5oA/(Coi i A/Cu8Ä)xl6 multilayer, a: Coupon sample; b: Patterned 
into a sensor with dimensions (l,w,h)=(100,60,3)nm. 

Figs.6a and 6b show static MR vs. applied field data for a glass/FesoÄ/CConÄ/CugjOxiö 
sample and for a sensor with dimensions (l,w,h)=(100,60,3)um patterned from the same 
multilayer. Both curves show strong AF behavior with high MR values of the order of 20% and 
large saturation fields (none of the samples is saturated). The patterning does not seem to 
noticeably change the behavior of the MR and the patterned sample does not show Barkhausen 
noise, in contrast with the Co-Cu-NiFe-Cu samples. This should be due to the large AF 
exchange coupling, which dominates the behavior of the magnetic domains. This, together with 
the large MR values, indicates that these systems may be suitable for high frequency field sensing 
applications when low saturation fields are not required. 

CONCLUSIONS 

In the Co-Cu-NiFe-Cu stripe structures fabricated, the magnetic behavior of the stripes seems 
to be demagnetizing field-dominated. These uncoupled patterned structures show Barkhausen 
noise in DC measurements. The linear field span reaches 280 Oe for a lx20um2 Co-Cu-NiFe-Cu 
stripe. This linear span is centered at fields between 50 Oe and lOOOe. In order to remove this 
field offset samples were fabricated with a conductor underneath the multilayer stripe. The fields 
generated by the current in this conductor are of the order of lOe/mA for currents up to 200mA 
The sensitivity depends on the dimensions and reaches 4.5mV for a 170Oe field amplitude for a 
2x20pun2 stripe. The samples magnetization is not able to follow the field when it changes at 
high rate. This translates into loss of sensitivity when the field frequency increases, hi every case, 
the signal is reduced by a factor of at least four when the frequency goes from 10 to 100kHz. 
Co-Cu AF-coupled multilayer sensors were also fabricated. The magnetic behavior shows no 
modifications after patterning, and the sensor shows no Barkhausen noise. Studies will continue 
on on these systems. 
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ABSTRACT 

We present magnetoresistance (MR) data of high-vacuum magnetron sputtered NiFe/Cu multilay- 
ers (NiFe=Ni8oFe2o) grown on Si(100) substrates with a Cu buffer layer and compare these with 
earlier results on Co/Cu(100) multilayers [1]. Measured MR values are directly proportional to the 
antiferromagnetically coupled fraction in the multilayers. Extrapolating to full antiparallel align- 
ment, we can make a reliable comparison of the MR with the magnetoresistance model of Levy, 
Zhang, and Fert [2,3]. For the NiFe/Cu multilayers the deduced spin-asymmetry parameters are 
QNiFe/Cu _ 5 0 ± 0 4 and QNiF= _ 2.i ± o.3 for interface and bulk scattering, respectively. Although 
much smaller than in our Co/Cu multilayers, where afo/Cu = 21 ± 3 and o£° = 2.6 ± 0.3, it is still 
the spin dependence of the interface scattering that is the main cause for the large MR values. 

INTRODUCTION 

The giant magnetoresistance (MR) effect in magnetic multilayers has been the subject of 
numerous studies in recent years (see, for instance, Refs. 4-7 and references therein). A 
spin dependence of electron scattering processes is at the basis of the giant MR effect, but 
whether this spin-dependent scattering takes place within the interior of the magnetic layers 
or at the interfaces between magnetic and nonmagnetic materials still remains a matter of 
dispute. Since Camley and Barnas originally introduced their semiclassical MR model based 
on the spin-dependent Boltzmann equation [8], this way of modeling has been widely applied 
in modified forms to several multilayer and spin-valve systems [9-15]. The semiclassical 
approach gives a quantitative agreement with the experimental data in terms of model 
parameters [16]. An essential drawback, however, is the different treatment of the bulk 
and interface contributions to the resistivity. Levy, Zhang, and Fert on the other hand 
developed a model of the MR [2,3], which describes both bulk and interface scattering on 
equal footing. This model was used to explain the giant MR of the Fe/Cr system [17,18]. This 
is a good model system, since due to the large antiferromagnetic- (AF-) coupling strength, 
full antiparallel alignments at zero magnetic field can be realized relatively easily up to Cr 
spacer layer thicknesses of 2.8 nm, corresponding to the second AF-coupling maximum. For 
the Fe/Cr case it was concluded that the spin-dependent scattering processes are primarily 
of interfacial nature. In the case of NiFe/Cu and Co/Cu multilayers such a comparison is 
more difficult, because the much weaker AF-coupling strengths easily cause an imperfect 
antiparallel alignment already in the first AF-coupling peak. This reduces the measured MR 
value leading to data inappropriate for comparison with the model. 

In this paper we present MR measurements on NiFe/Cu( 100) multilayers (NiFe=Ni8oFe2o) 
grown by sputtering techniques and compare these with earlier results on Co/Cu(100) multi- 
layers [1]. These systems are known to exhibit large MR values and can be grown coherently 
in rather an easy way.  Measured MR values are directly proportional to the AF-coupled 
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FIG. 1: High-angle X-ray diffraction patterns of (a) a 100x(16Ä NiFe+lOÄ Cu) multilayer and 
(b) a 100x(16Ä NiFe+19 Ä Cu) multilayer. Both samples were grown on Cu buffer layers of 200 Ä. 

fraction in the multilayers. Extrapolating our MR data to full antiparallel alignment, we 
can make a reliable comparison of the MR of NiFe/Cu(100) and Co/Cu(100) at 4K with 
the magnetoresistance model of Levy, Zhang, and Fert [2,3]. 

SAMPLE FABRICATION AND CHARACTERIZATION 

The multilayer samples were grown by high-vacuum magnetron sputtering. The base pres- 
sure of the system prior to the deposition was 4 x 10-7 Torr and the Ar pressure during sput- 
tering was 7 x 10"3Torr. The samples were deposited at a rate of 2-4 Ä/s onto 4 x 12 mm2 

Si(100) substrates held at room temparature. Before sputtering, the samples were ex-situ 
cleaned by a HF-dip and in-situ by a 30 min glow-discharge treatment. In order to obtain 
a highly face centered cubic (fee) (lOO)-oriented texture, we used a Cu buffer layer with a 
thickness, tb, of 200Ä. For values of tb below 200Ä we get a mixed (lll)-(lOO) growth. 
After deposition of the multilayers, they were covered with a 50 Ä Au protection layer. 
The (100) orientation was checked by X-ray diffraction (XRD) measurements using Cu-A'a 
radiation. Figures 1(a) and 1(b) show typical high-angle XRD patterns for the superlat- 
tices 100x(16Ä NiFe+10Ä Cu) and 100x(16Ä NiFe+19 Ä Cu), respectively. In both cases 
we observe the main NiFe/Cu(200) Bragg reflection with several multilayer satellite peaks. 
There is only little intensity of NiFe/Cu(lll) reflections present. From the full width at 
half maximum (FWHM) of the NiFe/Cu(200) reflection, which is 0.40°, we deduce a per- 
pendicular crystal coherence length of about 230 Ä. This value is nearly the same for all our 
(lOO)-oriented NiFe multilayers and comparable to previously grown Co/Cu(100) multilayers 
[1]. The FWHM of the rocking curves about the (200) maximum (not shown) varied between 
1.5° and 2.0°, indicating the good texture of the crystallites. 

RESULTS AND DISCUSSION 

In Figs. 2(a) and 2(b) we show typical MR curves both at room temperature (RT) and at 4 K 
for two NiFe/Cu multilayers with Cu spacer layer thicknesses, *cu, of 10 and 19 Ä, respec- 
tively. We define MR as (i?max — Äsat)/Äsat, with Äma* the maximum resistance around zero 
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FIG. 2: Magnetoresistance curves at room temperature and at 4K for (lOO)-oriented multilayers 
(a) 100x(16Ä NiFe+lOÄ Cu) and (b) 100x(16Ä NiFe+19Ä Cu) grown on Cu buffer layers of 
200 Ä. The magnetic field was. in the plane of the layers and perpendicular to the current direction. 
The curves at 4 K have been shifted upwards by 5% for clarity. 

magnetic field and .R^t the value at saturation. We observe high MR values at RT of 18% 
for the multilayer with <Cu = 10 A (35% at 4K) and 17% for the multilayer with tCu = 19 A 
(45% at 4K). These two copper thicknesses correspond to the first two antiferromagnetic 
(AF) maxima of the interlayer exchange coupling in the NiFe system. From the magnetic 
field at which the MR saturates, Hs, one can deduce the magnitude of this AF-coupling 
strength, JAF, via the relation JAF = H,MstF/4, with Ms and tF the saturation magne- 
tization and the thickness of the magnetic layers, respectively. For icu = 10Ä a coupling 
strength JAF = 0.013 mJ/m2 at RT is found and JAF = 0.023 mJ/m2 at 4K. These values 
are about a factor of twelve smaller than in our sputtered Co/Cu samples [1]. Similarly, 
for rCu = 19 A we find JAF = 4.3 x 10"3 mJ/m2 at RT and JAF = 7.4 x 10-3 mJ/m2 at 4 K, 
approximately 16 times smaller than in comparable Co/Cu samples [1]. This relatively small 
coupling strength, and hence H„ leads to a sizable sensitivity of AR/(RAH) = 0.19%/Oe 
at 4Kfor <cu= 19 A. 

The temperature dependence of JAF in both AF maxima appears to be the same. This 
is in marked contrast to the results of Parkin [19], who found that JAF in the second AF 
peak (around feu = 20 A) falls off dramatically with increasing temperature, resulting in 
no measurable AF coupling or MR at RT. This different behavior was attributed to the 
dissolution of NiFe and Cu at the NiFe/Cu interfaces being more important for thicker icu- 
Figure 3 depicts the MR behavior of NiFe(16 A)/Cu multilayers as a function of icu- Both at 
RT and at 4 K an oscillatory behavior can be observed with a period of approximately 10 A. 
Apparently, in our case, there is no substantial increase of the mixed region at the NiFe/Cu 
interfaces for the multilayers with thicker <cu (say 20 A). This conclusion is supported by 
measurements of the saturation magnetic moment of NiFe/Cu( 19 A) multilayers as a function 
of tNiFei which is shown in the inset of Fig. 3. The slope of this curve reflects the bulk value 
of Ms of NiFe of LOT. The offset from the origin can be attributed to a nonmagnetic layer 
at the NiFe/Cu interfaces with a thickness of about only 1.5 A as was also found by Speriosu 
and coworkers [20]. 

To compare the MR data of the first and second- AF maximum properly a correction for 
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FIG. 3: Dependence of the magnetoresistance ratio on the Cu spacer layer thickness, <cm for 
(lOO)-oriented 100x(16Ä NiFe+icu A Cu) multilayers grown on Cu buffer layers of 200Ä. Inset: 
Saturation magnetic moment, ms, versus the NiFe layer thickness, *NiFe, for a series of multilayers 
with iCu = 19 A. 

the fraction of AF coupling, FAF, in the multilayers has to be made. For example, the sam- 
ple of Fig. 2(a) exhibits only a FAF of 63% as determined from the remanent magnetization 
measured with a vibrating sample magnetometer. In Figs. 4(a) and 4(b) plots of MR versus 
FAF for our NiFe/Cu multilayers are given for iCu « 10 X (1st AF peak) and tCa « 19 A (2nd 

AF peak), respectively. From these plots we can deduce the MR values for full antiparallel 
alignment by extrapolation. At 4K we find MR values of 55% for icu « 10 Ä and 45% for 
tcu * 19 A. We only compare these low-temperature data with the magnetoresistance model 
of Levy et al. [2,3], since it is assumed that electric conduction takes place in two separate 
spin channels. At elevated temperatures spin-flip scattering, which effectively mixes both 
spin channels, may disturb a proper analysis. Also another set of MR data was measured 
at T = 4K in which the magnetic layer thickness, <NiFe, has been varied. Again, these MR 
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FIG. 4: Magnetoresistance ratio versus (1 - Mr/Ms) for (lOO)-oriented 100x(16Ä NiFe+tCu A Cu) 
multilayers with (a) <cu around the first antiferromagnetic- (AF-) coupling peak and (b) *cu around 
the second AF-coupling peak. 
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FIG. 5: Dependence of the magnetoresistance ratio on the Cu spacer layer thickness, tca, at 
T = 4 K. The solid line is calculated using the magnetoresistance model of Levy et al. (Refs. 2,3). 
(b) Dependence of the magnetoresistance ratio on the magnetic layer thickness, <NiFe> at T = 4K. 
The solid line represents the model calculation. Fitting parameters are indicated in the text. 

values are corrected for incomplete antiparallel alignment. A detailed description of the fit- 
ting procedure is given elsewhere [1]. Important fitting parameters of the model are pi and 
Pi, representing the ratio of spin-dependent to spin-independent scattering at the interfaces 
or bulk lattice-planes, respectively. These parameters are related to the more conventional 
spin-asymmetry parameter a = AT/Aj according to a = (1 + p)2/(l — p)2- In Figs. 5(a) and 
5(b) we plot the results of the. fits with the parameters p; = 0.38 (a;' '' 

u = 5.0 ± 0.4) and 
pb = 0.18 (aJ,iFe = 2.1 ± 0.3). The values for the mean-free path, A, for NiFe and Cu used in 
the calculations are ANiFe = 60 Ä and ACu = 200 Ä. Both data series have been fitted with 
the same parameter set. These spin-asymmetry parameters of NiFe and NiFe/Cu are signif- 
icantly smaller than those for our Co/Cu multilayers (af°/Cu = 21 ± 3 and af° = 2.6 ± 0.3) 
[1], but it is still the spin dependence of the interface scattering that plays the dominant role. 
A similar conclusion can be drawn from current-perpendicular-to-plane MR measurements 
by Yang et al. [21,22] on Co/Cu/NiFe/Cu multilayers with rather large individual layer- 
thicknesses. However, our a-values are somewhat smaller. In general, for various multilayer 
systems, a, seems to depend highly on the exact microstructure, orientation, and deposi- 
tion conditions of the samples. Although still within experimental uncertainty, a possible 
explanation for the discrepancy between the experimental bulk values c$'F' was recently 
suggested by Rijks et al. [23] who showed that grain-boundary scattering may reduce the 
effective spin dependence of the scattering. 

CONCLUSIONS 

We have grown sputtered NiFe/Cu(100) multilayers (NiFe=Ni8oFe2o) on Cu buffer layers 
and observed an oscillatory behavior of the magnetoresistance (MR) as a function of the 
Cu spacer-layer thickness even at room temperature. The measured MR values are directly 
proportional to the antiferromagnetically coupled fraction in the multilayers. We have in- 
terpreted low-temperature MR data, corrected for incomplete antiparallel alignment, with 
the magnetoresistance model of Levy et al. [2,3] and found that the spin dependence of the 
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NiFe/Cu-interface scattering is the most important source for the giant MR effect. 
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ABSTRACT 

The effect of doping the magnetic layer on the magnetoresistance and saturation field 
of epitaxial, sputter-deposited FeCr/Cr(001) and CoCu/Cu(001) multilayers was examined. 
FeCr/Cr films with a composition of [14 Ä Fei_xCrI(001)/8 A Cr(001)]50 where x was varied 
from 0 to 0.5 and CoCu/Cu films with a composition of [8 A Coi_ICuI(001)/21 A Cu(001)]4o 
where x was varied from 0 to 0.2 were deposited onto single crystal MgO(OOl). The bilayer 
period and epitaxial orientation of these films were determined by x-ray diffraction. In the 
FeCr/Cr system the room temperature magnetoresistance was constant at approximately 
31% for x<0.2 and decreased for larger Cr concentrations. The spin-dependent scattering 
(Ap) is increased over the x=0 value for x=0.1 and x=0.2. The magnetic field required 
to saturate these multilayers decreases linearly with increasing Cr concentration. The net 
result is that the sensitivity of these films is increased by Cr doping of the Fe layer. In the 
CoCu/Cu system the room temperature magnetoresistance, saturation field, and saturation 
magnetization decrease with the addition of Cu to the Co layer. In contrast to the FeCr/Cr 
system Ap does not increase with doping of the ferromagnetic layer. However, as in the 
FeCr/Cr films the sensitivity x>f these multilayers is increased with respect to that of the 
x=0 CoCu/Cu multilayer. 

INTRODUCTION 

The discovery of the "giant" magnetoresistance (GMR) effect in Fe/Cr superlattices by 
Baibich, et al.1 has touched off an explosion of research in this area2. Of the materials 
systems which exhibit GMR, antiferromagnetically-coupled Fe/Cr and Co/Cu multilayer 
films have large values of magnetoresistance at room temperature and have been studied 
in great detail. The presence of GMR in these systems is currently believed to be due to 
spin-dependent scattering of conduction electrons. Although this preferential scattering has 
been postulated to occur at both interfaces and impurity sites, the relative importance of 
each mechanism is still under debate. 

Using the conventional definition, GMR=Ap/psat, the GMR of a given system can be 
increased by increasing Ap (the spin-dependent scattering) or by decreasing psat (the spin- 
independent scattering). Although the reduction of psat can be accomplished by fabricating 
films with a greater degree of crystalline perfection3, methods for increasing Ap depend 
upon the relative importance of interface and bulk scattering in these multilayers. In the 
Fe/Cr system it has been shown that Ap can be increased by the addition of Cr impurities to 
the Fe layer in both polycrystalline4,5 and epitaxial6,7 multilayers. In addition to increasing 
Ap, alloying has also been shown to increase the sensitivity, S=d(GMR)/dB. of these films7. 
This technique harbors great potential in the magnetic recording industry as the sensitivity 
is the figure of merit for magnetoresistive read heads. In this work we report.the results 
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of doping the magnetic layer on the magnetic and magnetotransport properties of both 
FeCr/Cr and CoCu/Cu multilayers. 

EXPERIMENTAL 

Samples were fabricated in a UHV sputter deposition chamber equipped with 3 confocally- 
aimed, shuttered dc magnetron sputtering guns. The substrates were mounted vertically 
at a sample-to-target distance of 6 in. Details of this deposition chamber are described 
elsewhere8. Single crystal MgO(OOl) substrates were organically cleaned and placed in the 
chamber which was evacuated to 1 x 10~9 Torr. The substrates were heated to 650°C for 
15 min and then cooled to 600°C. Seed layers of 100 Ä Cr and 50 A Pd were deposited for 
the Fe/Cr and Co/Cu system, respectively. These seed layers allow high quality, epitaxial 
multilayers to be grown at lower temperatures, reducing the amount of interdiffusion3,9,10. 
The substrates were then cooled to 180°C (FeCr/Cr) or 130°C (CoCu/Cu) whereupon mul- 
tilayers were sequentially deposited at rates of less than 1 Ä/s. Alloy layers were formed by 
cosputtering from elemental targets. For the FeCr/Cr system 50 layers of 14 Ä Fe1_ICrI/8 A 
Cr where x — 0, 0.1, 0.2, 0.3, 0.4, 0.5 were deposited. The CoCu/Cu multilayers consisted 
of 40 layers of 8 A Coi-iCu^l A Cu where x = 0, 0.1, 0.2. A 30 Ä Pd capping layer was 
deposited at 130°C for the CoCu/Cu multilayers in order to prevent oxidation of the film. 

Sample structure was characterized via x-ray diffraction (XRD). Low-angle reflectivity 
measurements for the FeCr/Cr films were made at the Stanford Synchrotron Radiation 
Laboratory (SSRL) using an x-ray wavelength of 1.5405 Ä. Low-angle scans for the CoCu/Cu 
multilayers as well as high angle symmetric scans for both the FeCr/Cr and CoCu/Cu 
multilayers were obtained from a powder diffractometer using CuKa radiation and equipped 
with an exit beam monochromator. Asymmetric XRD scans for the FeCr/Cr multilayers 
were obtained from a three-circle diffractometer. A four-circle diffractometer with a Ge 
detector was used for the CoCu/Cu asymmetric XRD scans. 

Magnetotransport measurements for the FeCr/Cr system were made at the Francis Bit- 
ter National Magnet Laboratory using a warm bore superconducting magnet. The sample 
temperature during the measurements was between 15 and 20°C. The applied field was 
swept from -1 to 30 kOe at a rate of approximately 100 Oe/s while the resistance of the 
sample was measured using a standard dc four-point probe setup. The magnetoresistance 
measurements for the CoCu/Cu multilayers were made at room temperature using a stan- 
dard electromagnet. The magnetic field was continuously swept from -4 to 4 kOe at a rate 
of approximately 50 Oe/s. The resistance of the multilayer was measured using a four-point 
probe attached to an LCR meter. In-plane vibrating sample magnetometry (VSM) was 
used to characterize the magnetization behavior of the CoCu/Cu multilayer films. 

RESULTS AND DISCUSSION 

High angle symmetric x-ray diffraction scans for both the FeCr/Cr and CoCu/Cu mul- 
tilayers showed only (002) film peaks. For the Co/Cu system the first and second order 
satellite peaks could also be resolved. This indicated that these films were strongly oriented 
out-of-plane, a phenomenon that could result from either strong fiber texture or epitaxy. 
Epitaxial growth by sputter deposition has been reported in both of these systems under 
similar growth conditions3'9,10. Since the lattice parameters of Fe and Cr differ by only 
0.7% and those of FCC Co and Cu by only 2% we expect that there will be no relative 
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Figure 1: (a) Stereographic projection for FeCr/Cr(001) multilayers in the cube-on-cube epitaxial 
orientation. The path taken by the asymmetric XRD scan in (b) is shown, (b) <j> scan of the {110} 
peaks for a Feo.7Cro.3/Cr multilayer. The fourfold symmetry is indicative of epitaxial growth in 
the cube-on-cube orientation. The four smaller peaks are due to the MgO(OOl) substrate. 

rotation between the surface nets of the components in either system. This epitaxial ori- 
entation is often referred to as cube-on-cube epitaxy and is shown on the stereographic 
projections for the FeCr/Cr and CoCu/Cu systems in Figs 1(a) and 2(a), respectively. In 
order to investigate for epitaxy the {110} film peaks for each multilayer were studied using 
asymmetric XRD. The angle between the scattering vector and the sample normal, referred 
to as ip, was moved to 45°. The sample was then rotated about its normal by an angle, 
<j>. The net result is that the circular trajectories shown on the stereographic projections 
in Figs. 1(a) and 2(a) were followed. For epitaxial films we expect to observe the distinct 
peaks shown in the stereograms, while for textured samples we expect a ring of constant 
intensity, i.e. no variation with <j>. For both systems <f> scans show four film peaks separated 
by 90° (Figs. 1(b) and 2(b)). This fourfold symmetry is indicative of (001) epitaxy with 
the cube-on-cube epitaxial orientation. The full width at half maximum (FWHM) of these 
peaks for each system is <1° indicating excellent crystalline quality of the film. 

Low-angle XRD scans were used to determine the bilayer period, A, of each multilayer. 
For the FeCr/Cr system two low angle superlattice peaks were obtained. By plotting n2 vs 
sin2Ö, where n is the order of the superlattice peak and 9 is half of the scattering angle for the 
peak, the index of refraction-corrected bilayer period can be obtained. Using this technique 
A was determined to be 20.6 Ä for the FeCr/Cr multilayers. This value is approximately 
7% lower than the nominal value and was a constant offset for all samples. Two low angle 
peaks were also obtained for the CoCu/Cu multilayers. Using the same method of analysis, 
the bilayer period was found to be 27.5 A. This value is lower than the nominal bilayer 
period by .approximately 5%. The sample-to-sample variation in A for the CoCu/Cu films 
was approximately 0.1 A. 

Room temperature magnetoresistance vs"applied field data measured in the "current 
in plane" (CIP) configuration for the six different Fei-^Crj/Cr multilayers are shown in 
Fig. 3(a). Although these measurements were made for .ff||/||[110], we also measured the 
magnetoresistance for the cases where iJ±J||[110] and .ff||J||[100]. There were no noticeable 
difference in these curves, however. The magnetoresistance is approximately composition 
independent at 31% for 0<z<0.2.   This constant magnetoresistance results from an in- 
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Figure 2: (a) Stereographic projection for CoCu/Cu(001) multilayers in the cube-on-cube epitaxial 
orientation. The path taken by the asymmetric XRD scan in (b) is shown, (b) (f> scan of the {110} 
peaks for a Coo.8Cuo.2/Cu multilayer. The fourfold symmetry is indicative of epitaxial growth in 
the cube-on-cube orientation. 

crease in the spin-dependent scattering (Ap) which is offset by a corresponding increase 
in the spin-independent scattering (psat)- For larger values of x the spin-dependent scat- 
tering and the magnetoresistance decrease. The saturation field for these films decreases 
linearly with increasing Cr content for all values of x. The net effect is that the sensitivity, 
S&d(GMR)/dH, of these multilayers is increased by Cr doping (Fig. 3(b)). 

Room temperature CIP magnetoresistance vs applied field data for the Coi-^Cu^/Cu 
system are shown in Fig. 4(a). Both the magnetoresistance and the saturation field de- 
crease as Cu is added to the Co layer. This is presumed to be due to a decrease in the 
antiferromagnetic coupling strength in these multilayers. The cusp-like peak in the GMR 
vs H curve (Fig. 4(a)) for x=0.2 implies incomplete antiferromagnetic alignment at zero field 
which would be a consequence of decreased coupling. Figure 5 shows the in-plane saturation 
magnetization, Msat, and the saturation field, Hsat, vs Cu concentration in the CoCu layer. 
From this figure we see that both Msat and Hsat decrease linearly with Cu alloying. As a 
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Figure 3:   (a) Room temperature magnetoresistance vs field and (b) sensitivity vs x for 100 A 
Cr(001)/[14 Ä Fei-zCrsfOOiyS Ä Cr(001)]5o films. 
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Figure 4: (a) Room temperature magnetoresistance vs field and (b) sensitivity vs x for 50 Ä 
Pd(001)/[8 Ä Coi-xCMOOl)^ Ä Cu(001)]4o/30 Ä Pd(001) films. 

rough estimate of the coupling strength, J, we can use the expression J oc HsafMsat used 
by Chen et al.A. Since both Hsat and Msat decrease linearly, we conclude that the coupling 
strength decreases roughly parabolically with the addition of Cu to the Co layer in this 
system. In contrast to the FeCr/Cr system the spin-dependent scattering does not increase 
with the addition of scattering centers to the ferromagnetic layer. The sensitivity of these 
films, however, is increased by doping the Co layer with Cr (Fig. 4(b)). 

At this point it is worth comparing the effects of alloying in the CoCu/Cu system with 
those observed in the FeCr/Cr system. It is not surprising that the spin-dependent scat- 
tering in the CoCu/Cu multilayers is not increased by Cu doping. Since the Cu layer is 
over 2.5 times thicker than the CoCu layer and is also lower in resistivity, we expect most 
of the current to be shunted through this lower resistance path. As only a small fraction 
of the total current would be carried by the higher resistance CoCu layer, it is likely that 
changes in the spin-dependent scattering in this layer would be difficult to observe. This 
complication does not occur in FeCr/Cr multilayers because both the resistivities and the 
thicknesses of the two layers are comparable. In order to circumvent this problem in the 
CoCu/Cu system, the Cu layer thickness must be decreased and/or the CoCu layer thick- 
ness must be increased. To this end we have grown CoCu/Cu multilayers with the structure 
[8 A Coi_ICuI(001)/ll A Cu(001)]40 where 2=0, 0.1, and 0.2. This Cu spacer layer thick- 
ness is near that where the first peak in the antiferromagnetic coupling is expected. Although 
magnetoresistance data has not been obtained for these films, preliminary magnetization 
data indicate that the saturation field is decreased markedly for the films with alloy layers. 

CONCLUSIONS 

High-quality, epitaxial FeCr/Cr(001) and CoCu/Cu(001) multilayers have been fabri- 
cated by sputter deposition. Cr doping of the Fe layer in Fei_ICrI/Cr(001) multilayers 
results in an increase in the spin-dependent scattering for 0.1<z<0.2. The magnetoresis- 
tance remains constant at 31% for 0<z<0.2 and decreases for larger Cr concentrations while 
the saturation field decreases linearly with Cr concentration. The net result is that the sensi- 
tivity of these multilayers is increased over that of the pure Fe/Cr multilayer for 0.1<x<0.5. 
In contrast, Cu doping of the Co layer in Coi_ICuI/Cu(001) multilayers does not appear 
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Figure 5: Msat and Esat vs x for 50 Ä Pd(001)/[8 Ä Co1_«CuI(001)/21 Ä Cu(001)]4o/30 A Pd(001) 
films. The lines are least squares fits to the data. 

to increase the spin-dependent scattering, although this is likely to be the result of current 
shunting through the Cu spacer layer. The magnetoresistance for this system is maximum 
(28%) for the pure Co/Cu multilayer. Both the saturation magnetization and saturation 
field vary linearly with Cu concentration over the range 0<x<0.2, implying parabolic de- 
pendence of the coupling strength on Cu concentration. As in the FeCr/Cr system the 
sensitivity of Coi-zCuz/CufOOl) multilayers is also increased by doping the ferromagnetic 
layer with the spacer layer component. It is hoped that this technique will prove useful for 
increasing the sensitivity of other multilayer systems which exhibit GMR. 
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ABSTRACT 

We report on the first studies of the giant magnetoresistance and oscillatory coupling in 
epitaxial Fe/Cr(lll) multilayers. A series of samples were grown on hydrogen terminated Si(lll) 
substrates at room temperature by UHV electron beam evaporation; with the thickness of Fe 
layer fixed at 30 Ä, and the thickness of Cr layer varied from 10-47 Ä. Giant magnetoresistance 
(GMR) is observed at 4.2 K in these samples, with a maximum value of 13% for a Cr layer 
thickness of 13 Ä. The associated oscillatory coupling is comparable to that reported in other 
crystallographic orientations in terms of both its period and phase. 

INTRODUCTION 

Sandwiches and superlattices of magnetic films separated by a thin layer of nonmagnetic 
material have recently attracted wide interest because of their unusual magnetic and transport 
properties. Baibich et cd. first discovered that the Fe/Cr multilayers display unexpectedly high 
values of magnetoresistance (The resistance dropped by almost a factor of 2 in a magnetic field 
of 2 T for some samples) [1]. This so called giant magnetoresistance (GMR) has great potential 
for technical applications such as recording heads and magnetic sensors. The GMR has since 
then inspired a lot of experimental and theoretical investigations in many systems [2, 3, 4, 5, 
6, 7, 8, 9, 10, 11, 12], with significant progress being made both in increasing the size of the 
GMR effect and in reducing the size of the field required to effect the change in R. The large 
reduction in sample resistance has its origins in the dependence of the resistance on the relative 
orientation of neighboring ferromagnetic (FM) layers within the sample (this being smallest for a 
parallel arrangement) [13]. The largest effects are seen in samples where neighboring FM layers 
are oriented anti-ferromagnetically (AFM; the configuration of maximum resistance) through 
indirect exchange coupling across the non-magnetic spacer layer. From this configuration the 
low resistivity parallel arrangement can be induced by an external field of sufficient strength to 
overcome the exchange coupling. 

A phenomenon of interest equal to the GMR effect itself is the observation that for many 
systems the coupling between FM layers alternates periodically between FM and AFM with 
changing spacer thickness. This phenomenon is very reminiscent of the RKKY coupling seen 
between isolated magnetic atoms in a non-magnetic host, but in many cases the observed value 
for the period is much longer than that expected from a simple free-electron model of the RKKY 
interaction (ir/kp) [14]. Moreover in some cases two different periods have been observed with one 
being comparable to Tr/fcjr and the other longer. Many variations on the RKKY theme have been 
put forward to explain the long periods with many authors pointing out that aliasing associated 
with the periodic sampling of the spacer thickness imposed by its crystalline structure affords an 
opportunity for long effective periods. Herman and Schrieffer[ll] have pointed out that such a 
mechanism is very susceptible to disruption through roughness at the interface but that a full 
description of the coupling through Bloch states (rather than free electron states) can also lead 
to long periods. Irrespective of their details however, most current theories of the oscillatory 
coupling relate the period to reciprocal lattice vectors that span the Fermi surface (joining states 
with antiparallel group velocities along the multilayer growth direction) [10, 12]. 
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In light of this current thinking about the origins of the oscillatory coupling, a somewhat 
remarkable observation is that the observed period is very similar (10 ± 1 Ä) for the vast majority 
of spacer layers for which AFM coupling has been observed [15]. Naively one would expect a 
variety of periods from spacer materials with such different Fermi surfaces. Very recently models 
invoking resonance structures in quantum wells provided by the multilayers have been put forward 
as a possible solution to this quandary [16, 17]. There is clearly considerable need for additional 
experiments investigating the connection between the properties of the spacer material and the 
period of the coupling it provides. One avenue for such investigations is to look more closely at 
those spacer materials that appear as exceptions to the above noted trend. Most notable among 
these materials is Cr which exhibits a long period of roughly 18 Ä and, for samples with very flat 
interfaces, a short period closer to 3 Ä. An obvious direction for such investigations is to look 
for variations in the period with the crystallographic orientation of the film for a given spacer 
material. Such investigations are of interest riot only because different orientations probe different 
structures in a complicated Fermi surface, but different interface energies can lead to different 
dislocation densities and interfacial structure. It has been argued that in high quality samples 
such differences will influence various proposed coupling mechanisms in different ways [10]. One 
such study has recently compared Fe/Cr multilayers in the traditional (100) orientation with the 
(211) orientation [5]. There has also been at least one study looking at Fe/Cr multilayers grown 
with a (110) orientation[18]. All three of these orientations show very similar periods and phase 
for the oscillatory coupling between the Fe layers. The Fe/Cr system is one of the most extensively 
investigated of all GMR systems which makes it an obvious candidate for further investigations 
of the orientation dependence of the GMR effect, particularly in light of the apparent anomalous 
behavior of Cr. In the present work we investigate a fourth orientation in the Fe/Cr system, 
(111), and find that this orientation exhibits coupling whose dependence on spacer thickness is 
very similar to that seen in other orientations. 

EXPERIMENT 

The Fe/Cr(lll) multilayers were prepared by UHV electron beam evaporation onto hydrogen 
terminated Si(lll) (etched in 10 % HF) substrates. The base pressure of the chamber was better 
than 2xl0-9 torr, and remained less than 10-8 torr during deposition. The substrates were 
introduced into the chamber via a load lock. The deposition rate for both Fe and Cr was 0.5 Ä/s. 
The multilayered structure was achieved by opening and closing the shutters over each source 
alternatively, so that the substrate was exposed to one evaporating material after another, and 
repeated throughout the deposition. A series of samples was made at room temperature, with 
the thickness of the Fe layer fixed at 30 Ä, and the thickness of Cr layer varied from 10 to 47 Ä 
(in steps of 3-4 Ä). Each sample was made with a total of 10 bilayers. The growth of all samples 
was monitored in situ by RHEED and the diffraction pattern observed during deposition was 
consistent with those seen in earlier studies of epitaxial Fe growth on Si(lll). Detailed analysis 
from these earlier studies indicated that the in-plane orientation was [llOj^e || [110]s;[19]. It is 
reasonable to assume that this same orientation is maintained in the Fe/Cr multilayers. More 
detailed structural analysis on the multilayers, including a direct check on this assumption will 
be the subject of a future publication. 

The Fe/Cr multilayer samples were characterized by x-ray diffraction. Fig. 1(a) shows the 
low-angle diffraction patterns for representative samples. The effects of layering are apparent 
in these scans although the diffraction peaks are not extraordinarily well resolved above the 
background. This is due primarily to a combination of the low x-ray contrast between Cr and 
Fe and the small number of periods which leads to significant interference structure associated 
with the finite thickness of the films, but it may also indicate that layering in these samples is 
not perfect. The origin of the bump observed 28 ~ 6° in the diffraction pattern of some samples 
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Figure 1: (a) Low-angle x-ray diffraction patterns of selected Fe/Cr(lll) multilayers using Cu Ka 

radiation, (b) High-angle XRD patterns of selected Fe/Cr(lll) multilayers and Si(lll) substrate. 
In both graphs, the numbers following the curves denote iCr's in Ä. 

is not clear to us at this time. 

The modulation wavelengths of these samples, as determined from the superlattice lines, are 
within ± 2 Ä of the expected values. High-angle 6-26 scans were also performed on these samples 
from 10° to 145° in 26, and representative scans are shown in Fig. 1(b). The only peak in these 
scans that cannot be attributed to the substrate is the Fe(222) peak near 29 = 138°. The absence 
of other allowed Fe peaks, especially the Fe(llO) peak (26 at 44.67°) which is about 17 times 
more intense than the (222) peak in the powder diffraction pattern, strongly suggests that the 
(111) planes of the Fe layers are parallel to the (111) plane of the substrate, indicating a highly 
oriented multilayer. The results of both high-angle XRD and RHEED support the conclusion 
that these samples are epitaxially grown with the (111) planes of the multilayer perpendicular to 
the growth direction. 

The magnetoresistance was measured at 4.2 K using a cryostat equipped with a superconduct- 
ing magnet that is capable of providing magnetic fields up to 8 T. The resistance was measured 
by standard four-probe technique, with the current applied in the plane of the sample and the 
field also in plane but transverse to the current direction. The data were collected under com- 
puter control using a digital nanovoltmeter (Keithley 182) and a programmable constant current 
source (Keithley 220). The DC current (typical current density roughly 5 kA/cm2) was reversed 
for each data point to cancel out any thermal voltages and the field was swept continuously in 
both positive and negative directions. 

RESULTS AND DISCUSSION 

The dependence of magnetoresistance vs. applied field is shown in Fig. 2 for a few represen- 
tative samples. The resistance decreases as the field increases and becomes virtually constant 
beyond a certain field (Hs). We define the MR here as -[(R-R0)/R0]x 100% (i.e. normalized 
with respect to the zero field value) with the negative multiplier emphasizing that the GMR is 
a negative effect. The values of AR/RD and the saturation field Hs were determined by fitting 
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Figure 2: Magnetoresistance of selected Fe/Cr(lll) multilayers measured at 4.2 K. The field is 
applied in the plane of the layers, and transverse to the direction of the current. The number at 
the end of each curve denotes tCr of the sample. tFe is held constant at 30Ä for all samples. 

straight lines to the high field and low field behavior respectively. The intersection of these two 
lines then gives the desired MR and H, values. Alternative definitions for these parameters give 
slightly different absolute values, but the trends shown in Fig. 3 are maintained. 

Fig. 3(a) is a plot of MR changes (AR/R0, in percentage) versus Cr thickness (iCr) over 
the range from 10 Ä to 47 A, and the saturation field (J?,) vs. tCr is shown in Fig. 3(b). The 
maximum value of AR/R„ (close to 13%) is found in sample with the thinnest Cr thickness (10 
A). As tCr is increased, the magnitude of AR/R«, becomes smaller and reaches a first minimum 
at tCr near 23 A. A second maximum of AR/R„ ~ 4% is found at tCr ~ 26 Ä. It is difficult to 
distinguish a third oscillation period due to small number of data points and the noise in the 
data but the displayed results are consistent with a third maximum appearing near tCr = 43 
Ä. Similar trends are seen in the values of Hs. Combining the results from fig. 3 (a and b) we 
find that the positions of the second and third peaks in the oscillatory coupling for Fe/Cr(lll) 
multilayers are at 26 ± 2 Ä and 43 ± 2 Ä respectively. Given the error bars, these results indicate 
an for the oscillatory coupling whose period and phase are both consistent with those reported 
for other orientations [5, 18, 20]. Although the greatest AR/R„ we observe is at tCr = 10 A, it is 
possible that the GMR could reach an even higher value for thinner tCr- We have, unfortunately, 
experienced difficulty growing samples of sufficient quality with thinner spacer layers using our 
current shutter and deposition rate control systems, so the precise position of the first peak cannot 

be determined from the present data. 
The results given above, when combined with published work[5, 8, 20], indicate that both the 

period and the phase of the oscillations are substantially constant for four different orientations 
of the growth direction in Fe/Cr multilayers. It is important to keep in mind, however, that the 
size of the error bars on these measurements are such that small residual differences between the 
investigated directions could escape detection. The present results do show that if any feature 
of the Fermi surface is responsible for the long period oscillations in Cr then this feature must 
be quite isotropic. Detailed and precise calculations such as those described by Stiles [12] need 
to be performed for all three directions to see if these observations are consistent with the Fermi 
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Figure 3: (a) Saturation magnetoresistance vs. Cr layer thickness, (b) Saturation field vs. Cr 
layer thickness for Fe/Cr(lll) multilayers, deposited on Si(lll) substrates at room temperature. 

surface of Cr. Of course, it is also possible that the Fermi surface has nothing to do with the long 
period oscillations across Cr spacer layers, just as has been suggested to be the case for other 
transition metals, but then we are left with the problem of explaining why the period of Cr is 
so much different from the majority of other spacer materials. Additional investigations on this 
question are clearly warranted. 

The average size of GMR effect observed near tcr = 26 Ä in our samples is comparable to that 
seen by Gijs et al. for samples in the (110) orientation[18], but is about a factor of 5 smaller than 
the magnitude quoted by Fullerton et al. [5] for the (100) orientation. Fullerton et al. reported 
a substantial difference in the size of the MR for the two orientations they investigated (17% for 
(211) and 22% for (100), normalized to the zero field value at 4.2 K and at tCr corresponding to the 
second peak). The magnitude of the discrepancies is too large to be explained by the different tpe 

used in the various studies but,' given the strong dependence of the GMR effect on the detailed 
structure of the interface, it is not clear whether the differences reflect intrinsic differences in 
the electronic interfacial states associated with various orientations or merely different interface 
structure (dislocation densities etc.) associated with the different surface energies and growth 
conditions. This too is a problem worthy of further investigation, but such studies must obviously 
involve samples of the highest possible quality grown with different orientations under equivalent 
conditions combined with detailed characterization of the interface structure. 

CONCLUSION 

We have measured the GMR effect in evaporated Fe/Cr multilayers grown in the (111) ori- 
entation. We find that the period and phase of the oscillatory coupling between the Fe layers 
for this orientation is consistent with that seen by other investigators for the (100), (110), and 
(211) orientations in the same system. The size of the effect we observe is smaller than that 
seen for the other orientations but it is impossible to tell whether this is an intrinsic property of 
the interfaces involved or (as is perhaps more likely) reflects differences in growth Conditions in 
different deposition systems. 
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Abstract 

Ferromagnetic/ferromagnetic Ni/Co multilayers were prepared by DC-magnetron 
sputtering with component layer thicknesses ranging from 40 A down to 5 A. Struc- 
tural characterizations by x-ray diffractometry show a well-defined compositional 
modulation along the film growth direction and a preferred (111) crystalline ori- 
entation. A longitudinal magnetoresistance AR/R over 2.7% with a sensitivity of ~ 
0.11%/Oe was measured at room temperature in small fields less than 20 Oe. The 
highest room temperature sensitivity obtained in this system was 0.16%/Oe. Magne- 
toresistive sensitivity was found to vary inversely with the number of bilayers in the 
multilayers. The magnetic anisotropy of the films as determined by MOKE magne- 
tometry is correlated to the magnetoresistance and indicative of an AMR effect. 

I. Introduction 

The observation of giant magnetoresistance (GMR) in a wide class of antiferromagnet- 
ically coupled ferromagnetic/nonmagnetic multilayers [1,2] and in uncoupled granular alloy 
thin films [3,4] has spurred much research in this field toward a better understanding of 
the fundamental principles as well as to develop possible applications. In this context, it 
has been reported recently that ferromagnetic/ferromagnetic Ni/Co multilayers[5] grown 
by molecular beam epitaxy (MBE) show large magnetoresistance (MR) effects with small 
saturation fields, leading to high MR sensitivities which compare well to other current and 
potential magnetic sensor materials. 

In this paper, we report similar results from sputtered Ni/Co multilayers, and attribute 
the effect to anisotropic magnetoresistance (AMR). The AMR effect[6], which depends 
on the orientation of the magnetization with respect to the direction of electric current 
and the motion of magnetic domains in an external field, is common in ferromagnetic 
metals with magnitudes Ap/p greater than 5% for some bulk ferromagnetic alloys such 
as Ni.7oCo.3o. Thin films exhibiting large AMR are currently used in the fabrication of 
magnetoresistance devices, and therefore the development of new materials with higher 
sensitivities is of practical importance. 

Since AMR is related to the intrinsic magnetization of the material, it is therefore 
important to relate the magnitude and sensitivity of the MR effect to the growth conditions 
and multilayer composition. 

II. Experimental 

A series of multilayers was prepared by DC-magnetron sputtering from separate targets 
of Ni and Co onto glass, silicon (100), and oxidized silicon (100) substrates with individual 
layer thicknesses ranging from 40 A down to 5 A and total number of bilayers between 6 
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and 48. Background pressure was < 8 x 10-7 Torr. With a sputtering pressure of 8.0 mTorr 
of argon, the deposition rates for Ni and Co, as determined by low-angle x-ray reflectivity 
measurements on single layer films, were 1.32 A/s and 1.63 to 2.08 A/s respectively. A 
contact mask defined a 16mm x 4mm deposition area. 

Structural characterizations of the samples were performed by low- and high-angle x-ray 
diffraction using Cu-Ka radiation with the scattering vector perpendicular to the film sur- 
face. Magnetization data at 300K was obtained using a magneto-optic Kerr effect (MOKE) 
magnetometer with a 6328Ä He-Ne laser and the applied field in the plane of the film. The 
magnetoresistance measurements between 77K and 300K were carried out using a four- 
terminal geometry and a high-resolution ac bridge[7]. The current was in the plane of the 
film and the magnetic field was either in plane, parallel to the current (longitudinal MR), 
in plane, perpendicular to the current (transverse MR), or perpendicular to the film surface 
(perpendicular MR). 

III. Results and Discussion 

Figure 1 shows low-angle reflectivity spectra for the SiO2/(Ni40Ä/Col0Ä)xAr samples 
with different bilayer number N. Superlattice peaks up to fourth order are visible, indicating 
a well-defined composition modulation along the film growth direction. Total thickness 
oscillations between the superlattice peaks are also clearly visible. The critical angle 6C for 

3 

CO 
e 

cm 
o 

Figure 1:   Low-angle x-ray reflectivity spectra for the multilayers Si02/(Ni40Ä/ColOÄ)xiV, where the 
bilayer number N = 6,24,48. 

total reflection in this series of samples is « 0.35°.   The actual bilayer period A can be 
obtained from the modified Bragg law[8]: 

sin20 = sin20B + sin20c (1) 

where 6B is the position of the Bragg peak sin#B = TIA/2A. With the first order superlattice 
peak located at 26 =  1.85° for these samples (nominal bilayer period of 50Ä), we get 
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A w 51.5Ä. Measured bilayer periods were found to be within 10% of nominal values for 
all samples. 

High-angle x-ray structural characterizations were also performed on these samples. 
Figure 2 shows the spectrum for a Si/(Ni40Ä/Co30Ä)xl2 multilayer. Whereas in most 
samples no superlattice peaks were observed due to the low electronic contrast between Ni 
and Co and the structural disorder caused by alloying at the interfaces, for the multilayer in 
Fig. 2 faint secondary peaks are visible. Their position is consistent with the multilayer pe- 
riod A obtained by small-angle x-ray spectroscopy. All samples gave two distinct diffraction 
peaks. The first peak at ~ 44.5° consists of a weighted average of Ni(lll) and Co(lll). Co 
grows in its fee phase as demonstrated by the fact that this first peak moves from the posi- 
tion corresponding to d^rt(lll)=2.03ik to the position corresponding to dcJ(lll)=2.046A 
as the total proportion of Co is increased. If Co grew in its hep phase, then the diffrac- 
tion peak would move to the ioC

o
p(0002)=2.023Ä position. The second peak at ~ 51.6° 

for Ni(200) and Co(200) also behaves in the same manner, shifting from iNi(200)=1.762Ä 
to <^(200)=1.772Ä. The ratio of the two main diffraction peaks for the sample of Fig. 2 
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Figure 2: High-Angle x-iay diffraction spectrum for a Si/(Ni40A/Co30Ä) x 12 multilayer. Inset, is a close-up 
showing the superlattice secondary peaks around the main (111) diffraction peak. 

indicates an exceptionally good texturing in the (111) orientation. In most other samples, 
the ratio of the integrated intensities of these diffraction lines im/^oo ~ 3.0, as calculated 
from a fit to the data, indicates that the films have a polycrystalline structure with a pre- 
ferred (111) orientation normal to the plane of the films and a fraction of (200) structural 
domains. An ideal polycrystalline structure would have a ratio Im/^200 ~ 2.0. 

Figure 3 shows the MR as a function of applied field for a Si/(Ni40Ä/Co20Ä) x 12 sample 
at room temperature. In agreement with the usual convention[9], for field parallel to the 
current (LMR), the resistance increases at low fields, whereas for field perpendicular to the 
current (TMR, PMR), the resistance decreases with increasing field. The MR exhibited a 
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Figure 3: Resistivity as a function of applied magnetic field for a Si/(Ni40Ä/Co20Ä)xl2 multilayer. In 
(a), field is in-plane, parallel to the current (LMR), and in-plane, perpendicular to the current (TMR). In 
(b), field is perpendicular to the film surface and current. 

strong in-plane anisotropy. For field in the plane of the film [Fig. 3(a)], the longitudinal 
geometry produces the highest MR of 1.65% with a saturation field Hs = 20 Oe, giving 
rise to a peak sensitivity of 0.16%/Oe over a range of 10 Oe. TMR for this sample is 0.4% 
with a sensitivity of 0.03%/Oe. With the field out of plane [Fig. 3(b)], the PMR is 1.0% 
and, due to a strong de-magnetizing effect, the sensitivity is only 0.0004%/Oe. 

The effect of reducing the temperature to 77K on LMR for the same sample is shown 
in Figure 4. Whereas LMR increased to 5.5%, Hs also increased to 40 Oe as the two 
MR peaks separated from a location of ±5 Oe at room temperature, to ±18 Oe at 77K. 
Sensitivity increased to 0.25%/Oe at 77K. To date this is the highest sensitivity measured 

for this series of samples. 
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Figure 4:  Resistivity as a function of applied magnetic field for a Si/(Ni40A/Co20Ä)xl2 multilayer at 
300K and at 77K. 
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MR as a function of number of bilayers for the multilayers SiO2/(Ni40Ä/Col0Ä)xiV 
was also measured. Whereas the magnitude of the effect in both the LMR and TMR 
geometries remained roughly the same, the saturation field increased from 50 Oe for the 
N = 6 multilayer to 500 Oe for the N = 48 one, leading to an inverse dependence of 
sensitivity on number of bilayers. 

In-plane MOKE magnetic hysteresis loops for the Si/(Ni40Ä/Co20Ä)xl2 multilayer 
are presented in Figure 5. An easy axis of magnetization oriented in-plane along the width 
was evident for all compositions and substrates, except in samples with very thin (5A) 
Co layers. In these samples, a previously reported perpendicular anisotropy[10] is perhaps 
present.   The saturation fields obtained by magnetometry closely match the saturation 
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Figure 5: MOKE hysteresis loops with field in the plane of the film for a Si/(Ni40A/Co20Ä) x 12 multilayer. 
In (a) field is along the length of the film (longitudinal), and in (b) field is along the width (transverse). 

fields of the MR curves. The anisotropic magnetic domain structure, which is swept away 
by application of small external fields, together with an anisotropic scattering mechanism 
such as spin-orbit coupling may therefore be invoked to explain the MR in the present 
multilayer system. 

For comparison, 1000Ä thick Ni and Co films were also deposited onto the same sub- 
strates. The MOKE curves for these samples showed a magnetic structure similar to that 
of the multilayer system. Room temperature MR measurements for these single-layer films 
gave the following results for LMR and TMR (sensitivities): 0.22% (0.013%/Oe), 0.45% 
(0.013%/Oe) for Ni; and 0.34% (0.004%/Oe), 4.3% (0.11%/Oe) for Co. These values are 
consistent with the results of AMR studies, e.g. in Ref. 6 where LMR and TMR (sensi- 
tivities) are given as: 1.6% (0.04%/Oe), 1.75% (0.05%/Oe) for Ni; and 0.5% (0.02%/Oe), 
2.1% (0.07%/Oe) for Co. 

In summary, well-defined, textured ferromagnetic/ferromagnetic Ni/Co multilayers can 
be produced by sputter deposition.   These multilayers give rise to a large MR with high 
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sensitivities comparable to present alloys used in the fabrication of magnetoresistive devices. 
The magnitude of the MR was found to depend on the composition of the multilayers, 
whereas the number of bilayers controlled the sensitivity. The overall shape, magnitude, 
and anisotropy of the MR, as well as the magnetic structure of the multilayers is indicative 
of an AMR effect. 
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ABSTRACT 

This paper presents the results of giant magnetoresistance (GMR), magnetic and 
microstructural investigations of sputter-deposited Co/Cu multilayers. The multilayers were 
designed to be at the second maximum of the oscillatory exchange coupling and were deposited 
onto a range of ion beam irradiated (111) Si substrates giving a transition from a random 
orientation to a highly oriented (111) texture. The randomly oriented multilayers exhibited mixed 
coupling and -20% GMR, which had components arising from irreversible and reversible 
magnetization changes, whereas the highly oriented (111) multilayers were almost completely 
ferromagnetically coupled and showed very little GMR. 

INTRODUCTION 

A topic of interest in the GMR literature has been the apparent difference in behaviour 
between MBE grown, epitaxial (111) Co/Cu multilayers and polycrystalline sputter-deposited 
systems. The latter [1,2,3] give large GMR values and oscillatory coupling with two or three 
GMR maxima at the spacer thickness, tCu, of -0.9, 2.0 and 3nm. Early measurements [4] on MBE 
structures did not show oscillatory coupling, nor indeed much evidence of any antiferromagnetic 
coupling. Explanations for this difference have included the proposal [4] that a relatively small 
proportion of (100) oriented material was in fact responsible for the large effects in sputtered 
samples. The fact that multilayers sputter-deposited on iron buffer layers showed both large 
GMR and a lack of (111) texture gave some support to that reasoning [5]. 

The situation is somewhat clearer now, and (111) MBE multilayers grown with tCu at the first 
maximum have shown good GMR with 30-80% at 4.2K and >20% at room temperature [6,7,8,9]. 
The strength of antiferromagnetic coupling, however, appears to vary in the first maximum 
between investigations [8,10] and, surprisingly, the second and subsequent maxima are sometimes 
not observed [6,8] but sometimes are [11]. A recent [12] explanation for these different findings 
can be linked to the common observation [e.g. 2,7,8) that multilayers structured at the first 
antiferromagnetic maximum in the oscillation, in both MBE and sputtered samples, show large 
GMR but also a relatively large fraction of ferromagnetic coupling. It is suggested in [12] that the 
areal ferromagnetic fraction, linked to coupling across spacer "islands" increases with the order of 
the antiferromagnetic coupling maximum and can completely mask the higher order maxima. For 
spacer "islands" below a critical size ferromagnetic order persists despite antiferromagnetic 
coupling. In this paper we present some results on the magnetoresistive, magnetic and structural 
properties of sputter-deposited Co/Cu that link GMR with texture and orientation. 

EXPERIMENT 

The Co/Cu multilayers were fabricated with the structure 16x(lnm Co/2nm Cu) by sputter- 
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deposition on to nominally room temperature, i.e. 30+10°C, (111) Si substrates. The samples 
were prepared in a UHV-compatible system at a pressure of 3xl0_1 Pa of Ar and at a deposition 
rate of O.lnm s"1. The base pressure of the system was below 5xl0"6 Pa. No buffer layer was 
used, but prior to deposition of the samples, some of the Si substrates were irradiated by a 
Kaufman-type ion source at different beam energies from 50eV to lkeV. Using tCu= 2nm at the 
second maximum [2] in the oscillatory coupling allowed us to fabricate reproducible structures 
with potentially relatively large GMR and fairly low saturation fields. 

The multilayers were characterised by in-plane measurements at room temperature of their 
initial magnetisation curves and magnetic hysteresis loops using an AGFM and their GMRs by the 
conventional four point method. Two remanence curves for the samples were also measured both 
magnetically and magnetoresistively, namely the d.c. demagnetising (DCD) and the isothermal 
(IRM) remanence curves. For the DCD curve a saturating field is applied to the sample and the 
remanent value of resistance or magnetization is measured after increasing values of a reverse field 
are applied and then removed. In the IRM curve the sample is a.c. demagnetized and then the 
remanent value measured after increasing values of a magnetizing field are applied and then 
removed. The microstructure of the multilayers was investigated by X-ray diffraction and by 
high resolution electron microscopy. 

RESULTS AND DISCUSSION 

Ion beam irradiation or "etching" of the Si substrates prior to deposition of the multilayers 
resulted in remarkable effects on the GMR, magnetization behaviour and microstructure of the 
samples. The GMR of multilayers deposited on the native oxide of the Si substrate approached 
20%; this is a respectable value for multilayers containing 16 bilayers structured at the second 
maximum in the oscillation with tCu=; 2 nm [1,2]. Increasing the energy of the ion beam at a flux 
of ~1015 ions cm"2 s-1 caused a decrease in the GMR, to almost zero GMR above 300eV. This 
effect was reproducible, as seen in results for several series of films. We surmise that the effect of 
the substrate etching was to cause the nucleation and growth of samples with less and less apparent 
antiferromagnetic coupling 

This effect could arise from accidental differences in thickness of the spacer layer in the 
various samples which would take the multilayer structure away from the second maximum in the 
coupling oscillation. However, measurements of satellite spacing in high angle x-ray diffraction 
(HXRD) patterns confirmed that the bilayer periodicity was fairly constant. Alternatively, the 
period of the oscillation may change with crystallographic texture of the multilayer. In sputtered 
Co/Cu systems the period is generally found to be ~lnm [1,2,13]. In (100) MBE Co/Cu systems a 
first maximum is found at about lnm [10]. Recent work [14] on epitaxial sputter-deposited (100) 
films shows the GMR to be higher than in (111) superlattices. A third possibility is that (111) 
superlattices do not show oscillatory exchange coupling perhaps because of a discontinuous growth 
process. In most cases the second and subsequent peaks are not observed [8,9] in (111) MBE 
superlattices. 

Figure la shows hysteretic GMR loops for multilayers deposited on unetched and etched 
substrates. They have a typical form, and the 17.5% GMR loop for the unetched sample shows 
maxima at a finite field of about 40 Oe, a field well above the coercivity in the magnetization loop 
(figure lb). For the 500eV etch the the AR/R value is about 1%. The loss of GMR is 
accompanied by a change in form of the initial magnetization curve and hysteresis loop of the 
multilayers, figure lb. The canted, wasp-wasted loop for the samples showing large GMR 
suggests mixed ferromagnetic and antiferromagnetic coupled regions in the multilayers. The 
samples were isotropic in the plane of the sample. The upright loop is representative of 
multilayers deposited on substrates etched at energies greater than 300eV. It clearly represents 
almost complete ferromagnetic coupling and switching. 

The GMR curve for the "unetched" multilayer in figure la contains only the hysteretic loop. 
GMR values measured from an initially demagnetised or a.c. erased state can be larger than that 
obtained on field cycling [15]. Figure 2a shows the results of such a measurement on one of our 
multilayers.    Figure 2b shows the d.c. demagnetising (DCD) and isothermal remanent (IRM) 
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magnetoresistance curves superimposed on the initial and demagnetizing parts of the loop of figure 
2a. The significance of the remanence plots is that they reflect irreversible changes in 
magnetization and also magnetoresistance. 
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Figure 1. (a) The dependence of giant magnetoresisitance in 16x(lnm Co/2nm Cu) multilayers 
on the Ar+ ion beam energy used to "etch" the Si substrate (hysteretic GMR loops), 
(b) Magnetic hysteresis loops (in-plane) for the samples of figure lb. 

In the IRM curve we see a finite change in magnetoresistance, not what would be expected if 
the change in resistance was due only to antiferromagnetically coupled regions in the multilayer. 
The starting values for the IRM and the initial magetoresistance at zero field are equal as in both 
cases the sample has been a.c. "demagnetised. The resistance of the IRM curve decreases on 
magnetization to that observed at zero field in the hysteretic magnetoresistance curve which is also 
the starting resistance of the DCD magnetoresistance curve. The "additional" component of 
magnetoresistance observed in the initial curve can be correlated to the resistance drop of the IRM 
curve.    The IRM curve measures the resistance drop due to irreversible changes within the 
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Figure 2. (a) Initial magnetoresistance curve and hysteretic curve for a 16x(lnm Co/2nm Cu) 
multilayer deposited on untreated (111) Si. (b) Magnetoresistive DCD, IRM, initial 
and demagnetising curve for the sample. 
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material whereas the initial curve will have contributions from both reversible and irreversible 
changes. It is the reversible mutual rotation between cobalt layers antiferromagnetically coupled 
through the copper spacer layers that is responsible for the majority of the resistance change in the 
magnetoresistance cycle. The IRM magnetoresistance saturates at -250 Oe and this is also found to 
be the field at which the magnetization IRM saturates [16]. 

The resistance in the DCD curve increases with negative applied field to above the value that 
is seen in the hysteretic curve. The superimposed initial rise in the resistance and DCD curves up 
to point A are due to irreversible processes. The further increase to point B is probably due to the 
nucleation and movement of a domain structure. It is followed by saturation, again at -250 Oe. 
There is close correlation between these magnetoresistance curves and corresponding magnetization 
curves [16]. From these measurements it is reasonable to associate the "extra" magnetoresistance of 
the initial magnetoresistance curve with irreversible changes of magnetization in the sample. This 
additional magnetoresistance probably comes, therefore, from micromagnetic changes in parts of 
the multilayer that are ferromagnetically coupled. 

The magnetic and GMR properties of the multilayers suggest that with increased etching of 
the Si substrate the growth of the sample is modified such that the cobalt layers gradually lose a 
significant amount of antiferromagnetic coupling. The effect of the ion beam at low energies will 
be to cause re-arrangement of the atoms constituting the surface oxide layer. At higher energies, 
above about 200eV, we can expect both atomic re-arrangement and sputtering of the native oxide 
and the underlying Si [17]. This modification of the substrate surface will affect the nucleation 
and subsequent growth of the multilayer. 

Figures 3a shows a high resolution TEM micrograph of the cross-section of a multilayer 
deposited on a 500eV etched substrate imaged looking down the Si (110).   In-set is an electron 

Figure 3. (a) HRTEM image and diffraction pattern from a cross-sectional specimen of a 
sample deposited on a 500 eV etched (111) Si substrate, (b) Plan view TEM image 
and diffraction pattern of the specimen in (a) 
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diffraction pattern from a region containing both the multilayer film and the substrate. The 
multilayer and the Si substrate are clear in the micrograph, as is the non-crystalline oxide at the 
interface between the two. The individual Co and Cu layers are not clear in these interference 
images because of the similar electron scattering factors of the two elements, but they are obvious 
in defocused Fresnel images and in diffraction contrast images. The figure shows a well defined 
lattice image showing almost continuous (111) lattice fringes in the superlattice that are oriented 
parallel to the (111) Si lattice fringes. These fringes pass through or end at the boundaries of 
columnar crystals which run through the layered structure from the substrate to the top of the 
structure. 

The inset diffraction pattern to figure 3a shows the Si spot pattern, with short arcs of the 
multilayer (111) ring above and below the Si {111} spots. Although there does appear to be 
disordered material at the interface between the Si and the layers in figure 3a, close inspection 
shows that in some places continuity between the two lattices is obtained. The identity of the 
disordered material is unclear. In view of the reported [17] growth process of (111) Co films on 
(111) Si, it may very well be a disordered silicide which is a precursor to the growth of the 
oriented (111) multilayer after several monolayers. We intend to extend these observations by 
examination of the initial nucleation and growth of the layered structures using atomic force 
microscopy. Micrographs and electron diffraction patterns from cross-sectional samples of 
multilayers deposited on the untreated substrate show and suggest randomly oriented grains. 

The information in figure 3a suggests a (lll)-oriented Co/Cu superlattice with a high degree 
of texture. This is confirmed by HXRD patterns and plan-view HRTEM. As an illustration, 
figure 3b is a micrograph and in-set electron diffraction pattern from plan view specimen taken 
from the multilayer illustrated in figure 3a. It shows the microstructure of the multilayer as 
viewed in a direction normal to the multilayer. The multilayer is composed of small grains, -50 
nm across, which, as shown by dark field cross-sectional images, extend down through the 
superlattice in the form of a columnar microstructures. A similar microstructure is observed in the 
untextured multilayers grown on untreated substrates. The diffraction patterns of the plan view 
specimen in figure 3b show an extremely low intensity or absent (111) and (200) maxima and an 
extremely strong (220) ring. This result indicates a very strong (111) texture in the multilayer and 
confirms the existence of a highly oriented, columnar superlattice in multilayers deposited on ion 
etched (111) Si. Similar patterns from multilayers deposited on the untreated substrates show the 
ring pattern typical of a randomly oriented f.c.c. thin film. 

CONCLUSIONS AND SUMMARY 

From these results we may infer that GMR in our sputter-deposited (1 nm Co/2 nm Cu) 
multilayer samples is reduced as the microstructure of the samples is refined from a randomly 
oriented, small grained polycrystalline arrangement to a highly oriented (111) columnar 
superlattice. The GMR values, the magnetisation curves and the microstructural investigations all 
correlate to show that sputter-deposited (111) oriented Co/Cu multilayers fabricated with tCu= 
~2nm do not show a GMR maximum and are apparently mainly ferromagnetically coupled. 

This finding agrees with the often observed lack of a second, antiferromagnetic maximum in 
both the exchange coupling and GMR curves for MBE-deposited (111) superlattices. This lack of 
oscillatory coupling may arise in a lack of uniformity of the layered structure, in particular in 
discontinuities in the spacer layer. It could be argued that this is unlikely in sputtered samples, 
but the conditions leading to a highly oriented superlattice may cause island growth, as is often 
observed in f.c.c. metal films [18] and by us in Cu and Co deposited on high temperature Si 
substrates. Calculated critical spacer "island" dimensions are =;10nm [12]. We intend to examine 
these possibilities by further TEM and also by AFM (atomic force microscopy) observations. 
Parallel experiments on multilayers structured at the first coupling maximum at tCu=;lnm are also 
called for to extend these comparative studies with MBE-deposited superlattices. 
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Abstract 

We have investigated the surface roughness and the grain size in giant magnetoresistance (GMR) 
spin valve multilayers of the general type: FeMn/Ni80Fe20/Co/Cu/Co/Ni80Fe20 on glass and 
aluminum oxide substrates by scanning tunneling microscopy (STM). The two substrates give 
very similar results. These polycrystalline GMR multilayers have a tendency to exhibit larger 
grain size and increased roughness with increasing thickness of the metal layers. Samples 
deposited at a low substrate temperature (150 K) exhibit smaller grains and less roughness. 
Valleys between the dome-shaped individual grainsare the dominant form of roughness. This 
roughness contributes to the ferromagnetic, magnetostatic coupling in these films, an effect 
termed "orange peel" coupling by Neel. We have calculated the strength of this coupling, based 
on our STM images, and obtain values generally within about 20% of the experimental values. 
It appears likely that the ferromagnetic coupling generally attributed to so-called "pinholes" in 
the Cu when the Cu film thickness is too small is actually "orange peel" coupling caused by 
these valleys. 

Introduction 

In the few years since the giant magnetoresistance (GMR) effect was discovered[l-3], 
cross-section transmission electron microscopy (TEM) has been used extensively to characterize 
of GMR structures, [4] but surprisingly little use has been made of scanning tunneling 
microscopy (STM). Cross-section TEM views a thin-film sample side-on, and presents an image 
that is in a sense an average over the width of the sample, which is thinned-down to a few tens of 
nanometers (nm) for TEM. Such images provide useful information about the layering structure 
in the interior of GMR multilayers. However, additional detail about the film morphology is 
available from STM, which views a sample surface from above and is not subject to the 
averaging effect just described. Our purpose in this work is to examine the interior of GMR spin 
valves by terminating the deposition at various stages of growth and examining the resulting 
surfaces by STM. 

There has been a growing interest[5] in the "orange peel" coupling idea of Neel[6] 
largely as a result of its apparent manifestation in GMR spin valves[7]. This idea, which is 
illustrated in Fig. 1, is that if two magnetic films are separated by a nonmagnetic film then any 
bumps or protrusions in the magnetic films will have magnetic poles on them, and a dipole field 
will be set up (this model assumes the magnetization is in the plane of the film). If this 
roughness is conformal (i.e., if the same bumps occur in all three films one above another), then 
the dipole fields will interact in a manner that tends to produce parallel (or ferromagnetic) 
alignment in the magnetic films. This means, for example, that if one magnetic film is pinned by 
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FeMn, and one is unpinned, the hysteresis loop of the unpinned film will be shifted off center 
from zero field by an amount corresponding to the strength of the interaction. 

M Co 

Figure 1 An illustration to the "orange peel" coupling idea of Neel[6] in which magnetostatic 
coupling occurs due to the interaction of magnetic poles in a magnetic/nonmagnetic/magnetic 
structure with conformal roughness. 

Experimental 

The two types of substrates used in this work were cover-glass slides and aluminum 
oxide films on Si wafers. The cover-glass slides and the Si wafers were cleaned ultrasonically, 
rinsed in distilled water, dried, and installed in the deposition chamber. 

It is very important to remove the hydrocarbon contamination on the cover-glass slides 
(several tenths of a nm of which is accumulated on the glass substrate from exposure to the 
laboratory air) prior to the deposition of each spin valve in order to achieve the highest GMR 
values. Samples were Ar+ sputtered with a neutralized-beam ion gun at a beam voltage of 500 
eV until the carbon was removed, as judged by x-ray photoelectron spectroscopy (XPS) in a 
connected chamber. 

A 50 nm film of aluminum oxide was deposited in situ on the Si wafers by reactive dc- 
magnetron sputtering of an metallic Al target in a 2 mTorr 85/15 mixture of Ar/02 at a rate of 
~0.1 nm/s. The GMR films were deposited by sputtering without further treatment of the 
aluminum oxide. 

The base pressure before depositing a spin valve was typically 2 x 10"8 Torr (-10"6 Pa) of 
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which -95% was H2 and the remainder largely H20. The presence of H2 during deposition has 
no apparent effect on spin valve properties unless the partial pressure exceeds -10"* Torr. The 
low base pressure is achieved, in part, by depositing a -1.5 nm Ti film on the inside of the 
deposition chamber from a centrally mounted Ti filament just prior to deposition of each spin 
valve. 

The metal films were deposited by dc-magnetron sputtering in 2 mTorr Ar at a rate of 
-0.1 nm/s. During deposition the samples are subject to an in-plane field of -20 mT (200 Oe) 
provided by permanent magnets mounted on either side of the sample on two quartz-crystal- 
oscillator holders. The magnetoresistance measurements were made in situ in the DC mode 
using a 4-point probe with a 5 1/2 digit ohm meter under computer control. 

The scanning tunneling microscope (STM) is connected to the deposition chamber 
through a vacuum interlock so that samples could be transferred and investigated in a vacuum of 
better than 10'7Torr. This vacuum appears to be adequate since we found little change in the 
roughness and no change at all in the grain size upon brief exposures (e.g., 1 min.) of these 
samples to air (by opening the STM to air during a scan). All images were recorded with a 
tunneling current of 0.2 nA with the tip biased at -50 mV with respect to the sample. The tips 
were prepared from 0.25 mm Pt90Ir10 wire clipped it under tension with a wire cutter. For the 
STM data discussed here, multiple images were taken at a variety of locations on each sample to 
ensure that the results were indeed typical ofthat sample. Care was taken to ensure that the data 
were not influenced by the use of different tunneling tips. The majority of data was recorded 
with a single tip, and great effort was devoted to repeated intercomparisons among the samples 
to ensure that changing tip conditions did not change the main features of the data. This 
approach is important because the STM image can be a convolution of the sample and tip 
morphologies. If the features on the sample are sharper than the tip, as could occur in 
pathological cases, the sample may even image the tip. 

Results and Discussion 

The present work was based on a rather common type of spin valve structure 
FeMn/Ni80Fe2()/Co/Cu/Co/,NiS0Fe20, which often achieves a moderate GMR at a rather low 
coercivity.[6] The top two magnetic films (Ni80Fe20 and Co) are pinned by exchange bias from 
the FeMn, and the bottom two magnetic films (Co and Ni80Fe20) are free to switch at low applied 
fields (unpinned). The standard sample of this type used as a reference point in the present work 
is illustrated in Fig. 2.   In our work such samples typically give a GMR of 8%, a coercivity of 
0.5 mT (5 Oe), and a coupling field of 0.8 mT (8 Oe).[8] These studies will be published 
separately. [8] 

The present studies concentrated on the STM images at the early and middle stages of 
deposition of films such as those illustrated in Fig. 2. The issues of principle interest in this work 
lay in two areas. One was that of nucleation and growth in the early stages of deposition, and the 
other was that of grain size and roughness at the Cu layer, which plays a key role in the GMR 

effect 
We found it impossible to obtain STM images on our bare substrates, which are highly 

insulating. After deposition of-1 nm of Ni^e,,,, images of low quality could be obtained and it 
seems likely that a partially continuous metal film was present; nevertheless bare regions of the 
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insulating substrate impaired the quality of the images. After deposition of 2.5 nm of Ni^e^, 
good images could be obtained, but this thickness was found to be too thin for optimum spin 
valve performance.   If the bottom Ni80Fe20 film is 2.5 nm thick instead of the optimum value of 5 
nm in the type of structure illustrated in Fig. 2 , the coupling rises from 0.8 mT to 2 mT (8 Oe to 
20 Oe) and the GMR drops from 8% to 6%. [8] 

9 nm FeMn 

2.5 nm Ni8(JFe 20 

2.1 nm Co 

2.5 nm Cu 
2.1 nm Co 

5 nm Ni80Fe 20 

Glass slide 

Figure 2 An illustration of a standard type of spin valve structure on which the present 
investigations are based. 

Figure 3 presents two typical STM images of samples after deposition of the optimum 5 
nm of Ni80Fe20. Figure 3a presents the result for deposition at room temperature, and Fig. 3b 
presents the result for deposition at 150 K followed by warming to room temperature for the 
STM studies. Deposition at 150 K is of interest because in recent work we have found that the 
GMR can be increased to 9% or even 10%. [8] 

The first thing to note about the images in Fig. 3 is that the vertical scale is 15 times 
smaller than the horizontal scales. The resulting vertical exaggeration is an important aid in 
visualizing the surface roughness since these films are actually quite smooth. 

The most noticeable difference between these two images is that the Ni80Fe20 film 
deposited at room temperature (RT) may be seen to have somewhat sharper or more pronounced 
peaks associated with each grain than the Ni^Fe^, film deposited at 150 K. However, other 
differences between these images are not readily apparent by mere visual inspection, and it is 
very helpful to quantify the images. 
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Figure 3 The STM images of an early stage of deposition of a typical spin valve structure. In a) 
5 nm of Ni80Fe20 was deposited at room temperature, and in b) 5 nm of Nig^Fe^o was deposited at 
150 K and the sample warmed to room temperature for the STM studies. The STM is in situ, 
and the samples were in high vacuum continuously. 
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Figure 4 presents the results of quantifying the surface roughness in images of the type 
illustrated in Fig. 3 (several locations were imaged on each sample). In this case, the roughness 
was defined as the difference in height between the maximum at the center of each grain and the 
depth of an adjacent valley. The depth of the valleys in the positive and negative x and y 
directions (from the grain center) were counted as four separate data points. This particular 
definition of roughness seems appropriate for assessing the importance of the "orange peel" 
coupling illustrated in Fig. 1. A comparison of Figs. 4a and 4b suggests that there is not a great 
difference between them. The film deposited at RT is only slightly rougher. 
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Figure 4 Histogram plots of the surface roughness (defined in the text) for the samples of Fig. 3, 
where a) corresponds to 5 nm Ni80Fe2„ deposited at RT and b) to 5 nm NiggFe^ deposited at 150 
K. 

Measurements of the average grain diameter, presented in Fig. 5, show major differences 
between images of the two types of samples. We define the grain diameter as the distance 
between minima on opposite sides of a grain. Most grains are nearly circular. For those that are 
elongated, the average of the long and short distances was plotted. The major difference in grain 
diameter apparent in Fig. 5 is not readily apparent in Fig. 3 because the vertical exaggeration 
tends to hide the depths of the minima. This shortcoming illustrates the value of quantifying the 
images. 
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Figure 5   Histogram plots of the grain diameter (defined in the text) for the samples of Fig. 3, 
where a) corresponds to 5 ran Nig^e^ deposited at RT and b) to 5 nm Ni80Fe20 deposited at 150 
K. 

The smaller average grain size in Fig. 5b compared to Fig. 5a is attributable to less 
diffusion of deposited atoms at 150 K than at RT. At lower temperatures grains nucleate more 
closely together on the substrate and thus grain diameters are smaller when a film becomes 
continuous. Sincegrain growth in these systems tends to be columnar,[4] the grain size tends to 
propagate through the layers. Some increase in grain size with increasing film thickness is 
apparent, particularly in the early stages. Figure 6a illustrates this increase for Ni^e^ films of 
different thickness deposited at RT. The two points plotted in Fig. 6a for the 5 nm NigpFe^ films 
correspond to the data of Figs 5a and 5b. Each point in Fig. 6 represents the average of the 
corresponding histogram and the "error" bars represent one standard deviation in the distribution 
of values in the histogram. 

As mentioned above, the coupling strength increases sharply if the bottom Ni80Fe20 layer 
in a spin valve of the type illustrated in Fig. 2 is 2.5 nm thick rather than the optimum value of 5 
nm. From the data of Fig. 6, one can infer that this increase may be attributed to the smaller 
grain size. The surface roughness is rather similar for the 2.5 and 5 nm thicknesses of Ni80Fe20 

for RT deposition, as seen in Fig. 6b. However, as seen in Fig. 6a, the grain size is significantly 
smaller at 2.5 nm Ni^e^, and thus there is a higher density of valleys. According to the Neel 
model, the greater the density of the waviness (illustrated in Fig. 1), the greater will be the 
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Figure 6 Plots of a) the grain diameter and b) the surface roughness (see text for definitions) 
versus Ni80Fe20 thickness. The "error" bars represent one standard deviation in the distribution of 
observed values. The data for the 5 nm Ni80Fe20 film correspond to the samples of Fig. 3. 

coupling strength, all other things being equal. In the present structures, the valleys between 
grains are the only prominent form of waviness, and it seems reasonable to attribute the observed 
magnetostatic coupling to the effects of roughness. 

In fact, we have calculated the magnetostatic coupling strength using our STM images 
and the values obtained are generally within about 20% of the observed values. Several 
assumptions are made in these calculations. It is assumed that the roughness is conformal, as in 
Fig. 1, so that an STM image taken after deposition of Cu is representative of both the Co/Cu 
and the Cu/Co interfaces. It is also assumed that the magnetization is rigidly in-plane right up to 
the interfaces. In reality, the demagnetizing field will tend to twist the magnetization slightly 
into parallel alignment with the interface. This twisting is probably responsible for the 
calculated values tending to be higher that the experimental ones. The calculation is performed 
by using the slope of the interface to determine the density of magnetic poles, and then by 
making a simple double sum (of the Coulomb interaction) over the top and bottom poles to get 
the coupling energy. [9] 

Another example of the effect of the grain diameter on the coupling strength may be 
found in the 150 K deposition data of Fig. 6. The roughness is not very different from the value 
for RT deposition, but the grain size is significantly smaller for 150 K deposition. The observed 
coupling strength when the entire spin valve was deposited at 150 K was 1.2 - 1.3 mT (12-13 
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Oe), or 50% larger than for RT deposition. [8]   This increase may be attributed to the increased 
density of valleys. 

Figure 7 presents STM data similar to that of Fig. 6, except that, after deposition of the 
Ni80Fe20, 2.1 nm Co and 2.5 nm Cu (illustrated in Fig. 2) were also deposited.   By comparing 
Figs. 6 and 7, some insight can be obtained into the evolution of grain size and roughness during 
film growth. The most noticeable effect is that the plots are somewhat flatter in Fig. 7 than in 
Fig. 6. For example, the increase in grain diameter in Fig. 7a in going from 2.5 nm to 5 nm of 
NigoFe2o is smaller than that in Fig. 6a. The reason for this observation is that the most rapid 
change in grain size generally occurs in the early stages of film deposition. In Fig. 6, the images 
are recorded after Nig^Fe^ deposition, but in Fig. 7a the images are recorded after Ni80Fe20, Co , 
and Cu deposition so the film is thicker. Although the increase in grain diameter in Fig. 7a in 
going from Ni80Fe20 thicknesses of 0 to 2.5 to 5 nm is rather modes, there is a more pronounced 
decrease in coupling strength from >5 mT (>50 Oe) to 2 mT (20 Oe) to <1 mT (<10 Oe), 
respectively. [8] This nonlinear dependence of coupling strength on the density of valleys is 
expected on the basis of Fig. 1 since the interaction is dipolar. 

No evidence was found in the present studies for the much discussed "pinholes" that are 
often invoked to explain the strong ferromagnetic coupling generally observed in GMR 
structures when the Cu layer is too thin. The roughness in Figs. 6b and 7b for a 5 nm Ni80Fe20 
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film is about 0.7 nm whereas the Cu film must be thinner than about 1.9 nm in our spin valves 
for the coupling to be so strong that it eliminates any GMR. This observation makes true 
pinholes in the Cu (direct contact between the two Co films) seem unlikely in our structures. 
Furthermore, no depressions at all were observed on the Cu that were as deep as 1.9 nm. Finally, 
the roughness in our structures seems likely to be conformal (as sketched in Fig. 1). Conformal 
roughness is widely observed in TEM studies of GMR structures, [4] and the fact that the 
roughness is very similar in Figs. 6b and 7b for a 5 nm Ni80Fe20 thickness is probably the result 
of conformal roughness. Therefore, it seems that rather than attributing strong ferromagnetic 
coupling to pinholes in the Cu, it would be more plausible to attribute it to the "orange peel" 
coupling idea of Neel. In our calculations we find that the coupling strength rises steeply as the 
Cu thickness decreases below 2 nm, varying roughly as the inverse square of the Cu thickness, as 
would be expected for a dipolar interaction. 

All other things being equal, the use of thinner Cu films tends to produce a larger GMR 
effect because of the increased proportion of conduction electrons crossing the Cu layer. 
However, as the above discussion makes clear, roughness in the form of valleys between grains 
in these polycrystalline films seems to be the major factor limiting how thin the Cu can be made 
in practice. This situation suggests that larger GMR values may be attained in the future if 
deposition methods can be found to suppress the depths of valleys. 

Conclusions 

The major conclusions of this work may be summarized as follows. 
1) STM observations of GMR spin valves show that valleys between grains are the dominant 
form of roughness. 
2) These valleys have about the right depth and occur in about the right concentration to explain 
the observed magnetostatic coupling using the "orange peel" coupling idea of Neel. 
3) The deposition of spin valve structures at 150 K produces smaller grain size and similar 
values of the roughness. The resulting greater density of valleys produces increased coupling 
strength. 
4) Additional increases in GMR may be possible if deposition methods can be found to reduce 
the depth of these valleys further so that thinner Cu films may be used. 

*Present address: Defense Metallurgical Institute, Hyderabad, India 
**Present address: 5248 Signal Hill Rd., Orlando, FL 32808 
***Present address: NRCN, Beer-Sheva, Israel 

Acknowledgements 

The authors would like to acknowledge useful conversations with Drs. J. M. Daughton, S. S. P. 
Parkin, and V. S. Speriosu. This work has been supported in part (W.F.E. and R.D.McM.) by the 
NIST Advanced Technology Program. 

382 



References 

[1]      E. Velu, C. Dupas, D. Renard, J. P. Renard, and J. Seiden, Phys. Rev. B37, 668 (1988). 
[2]       G. Binasch, P. Grunberg, F. S. Sauerenbach, and W. Zinn, Phys. Rev. B 39, 4828 (1989). 
[3]      M. N. Baibich, J. M Broto, A. Fert, F. Nguyen van Dau, F. Petroff, P. Etienne, G. 

Creuzet, A. Friederich, and J. Chazelas, Phys. Rev. Lett. 61, 2472 (1988). 
[4]        S. S. P. Parkin, Z. G. Li, and D. J. Smith, Appl. Phys. Lett. 58, 2710 (1991); R. J. 

Highmore, W. C. Shih, R. E. Somekh, J. E. Evetts, J. Mag. Mag. Mat. 116, 249 (1992); 
A. R. Modak, D. J. Smith, and S. S. P. Parkin, Phys. Rev. B 50 ,4232 (1994); T. Shinjo, 
Surface Sei. Rep. 12, 49 (1991); R. F. C. Farrow, R. F. Marks, G R. Harp, D. Weller, T. 
A. Rabedeau, M. F. Toney, and S.S.P. Parkin, Mat. Sei. Eng. Rll, 155 (1993). 

[5]       G. S. Almasi and K. Y. Ahn, J. Appl. Phys. 41, 1258 (1970); A. Layadi and J. 0. Artman, 
J. Mag. Mag. Mat. 92, 143 (1990); A. Layadi, J. O. Artman, R. A. Hoffman, C. L. Jensen, 
D. A. Saunders, and B. O. Hall, J. Appl. Phys. 67, 4451 (1990); H. O. Grupta, H. 
Niedoba, L. J. Heyderman, I. Tomas, I. B. Puchalska, and C. Sella, J. Appl. Phys. 69, 
4529 (1991); E. W. Hill, J. P. Li, and J. K. Birtwistle, J. Appl. Phys. 69, 4526 (1991); R. 
P. Erickson and J. R. Cullen, J. Appl. Phys. 73, 5981 (1993); M. R. Parker, S. Hossain, D. 
Seale, J. A. Barnard, M. Tan, and H.Fujiwara, IEEE Trans. Mag. 30, 358 (1994); D. 
Altbir, M. Kiwi, R. Ramirez, and I. K. Schuller, to be published. 

[6]      L. Neel, Comp. Rend. Acad. Sei. (France) 255, 1545 (1962) and 255, 1676 (1962); J.-C. 
Bruyere, O. Massenet, R. Montmory, and L. Neel, Comp. Rend. Acad. Sei. (France) 258, 
841(1964) and 258, 1423 (1964). 

[7]       V. S. Speriosu, B. Dieny, P. Humbert, B. A. Gurney, and H. Lefakis, Phys. Rev. B 44 
5358 (1991); B. Dieny, V. S. Speriosu, S. S. P. Parkin, B. A. Gurney, D. R. Wilhoit, and 
D. Mauri, Phys. Rev. B43, 1297 (1991); C. Meny, J. P. Jay, P. Panissod, P. Humbert, 
V.S. Speriosu, H. Lefakis, J. P. Nozieres, and B. A. Gurney, Mat. Res. Soc. Symp. Proc. 
313, 289 (1993); and B. Dieny, J. Mag. Mag. Mat. 136, 335 (1994). 

[8]      W. F. Egelhoff, Jr., R. D. K. Misra, Ha, Y. Kadmon, C. J. Powell, M. D. Stiles, R. D. 
McMichael, L. H. Bennett, C.-L. Lin, J. M. Sivertsen, and J. H. Judy, to be published. 

[9]      W. F. Egelhoff, Jr. and Y. Kadmon, to be published. 

383 



TIME DEPENDENT MAGNETIC SWITCHING IN SPIN VALVE STRUCTURES 

J. B. RESTORFF, M. WUN-FOGLE, S. F. CHENG, AND K. B. HATHAWAY 
Naval Surface Warfare Center, 10901 New Hampshire Ave., Silver Spring, MD 20903 

ABSTRACT 

We have observed time dependent magnetic switching in spin-valve sandwich structures of 
Cu/Co/Cu/Fe films grown on silicon and Kapton substrates and Permalloy/Co/Cu/Co films grown 
on NiO or NiO/CoO coated Si substrates. The giant magnetoresistance (MR) values ranged from 
1 to 3 percent at room temperature. The films were grown by DC magnetron sputter deposition. 
Measurements were made on the time required for the MR to stabilize to about 1 part in 10" after 
the applied field was incremented. This time depends almost linearly on the amplitude of the time- 
dependent MR change with a slope (time / AMR) of 20 000 to 30 000 s. Some samples took as 
long as 70 s to stabilize. The time dependent effects may be important for devices operating in 
these regions of the magnetoresistance curve. In addition, measurements were made on the time 
history of the MR value for a period of 75 s following a step change in the field from saturation. 
We observed that the time dependent behavior of the MR values of both experiments produced an 
excellent fit to a function of the form AMR(t) = a + ß ln(f) where a and ß are constants. This 
time dependence was consistent with the behavior of the magnetic aftereffect 

INTRODUCTION 

Layered structures consisting of alternating ferromagnetic and nonmagnetic materials are 
capable of exhibiting giant magnetoresistance1. A brief review in given in Ref. 2. Because the 
resistance of these devices depends on the relative orientation between the spins in the 
ferromagnetic layers, they are referred to as spin-valves. Consider a simple example. Fig. 1 shows 
a layered device (Sample C of this paper). The copper serves as a "magnetic insulator" to reduce 
the coupling between the ferromagnetic layers. When a large magnetic field is applied, the spins in 
both the Co and Fe layers line up in the same direction. When the magnetic field is reversed, the 
Fe spins will change direction first since Fe has a lower coercivity, - 4.5 kA/m (56 Oe). As the 
field intensity is increased further, the spins in the Co layers [coercivity - 15.9 kA/m (200 Oe)] 
will eventually change direction. This can be seen in Fig. 2(a), which shows the magnetization vs 
field loop of sample C. The resistance of the spin 
valve is given by3 

'      Co(30Ä) 
(RAP-RP)(.l-cosQ) 

2 
R = Rp+- (1) 

^)Cu 
/(15Ä) 

where if is the resistance, 6 is the angle between the 
spins, RAP is the resistance when the spins are anti- 
parallel (8 = 7i), and Rp is the resistance when the 
spins are parallel (6 = 0). We measure the 
magnetoresistance (MR), which is defined as 

Fe(30Ä) 

Si substrate 

Fig. 1. Example of a spin-valve structure. 
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MR = AR/R = (R-Rp)/RP (2) 

With equation (1), this gives 

MR=
RAP    ^d-cosB) 

2RP 
(3) 

The measured magnetoresistance of Sample C is shown in Fig. 2(b). 

0.0003 

0.0002 

j 0.0001 

j 0.0000 

j-O.OOOl 

J-O.0002 

-O.0003 

field (Oe) 
,-300     -150       0        150      300 

(a) 

Co        J 
\ 

0.030 

Held(Oe) 
-700   -350     0     350    700 

-20     -10      0      10      20 
field (kAAn) 

-60 -40 -20   0    20   40   60 
field (kAAn) 

Fig. 2. (a) Magnetization and (b) magnetoresistance vs field of a 
Cu (15 Ä)/Co (30 Ä)/Cu (15 Ä)/Fe (30 Ä)/Si sandwich structure (Sample C). 

The angle 0 depends not only on the applied field, but also on time. This is due to the 
magnetic aftereffect'' which occurs when magnetization changes by domain wall motion. When a 
magnetic field is abruptly applied to a material, the magnetization M changes rapidly to a new 
value and then continues to change as a function of time until it eventually stabilizes. If the 
material can be described by a single time constant, M behaves as 

M = MS <cos6> = /(l-e-'ft) (4) 

where Ms is the saturation magnetization, / is the amplitude of the time dependent part, x is the 
time constant and <cos 9> is the spin angle averaged over domains. This means that <cos 8> 
changes with time. In our case, the MR is caused by M in one of the ferromagnetic layers 
changing while M in the other remains saturated, so the <cos 6> in Eq. (3) is the same as cos 9 in 
Eq. (4). Thus the time-dependent magnetization leads to a time dependent MR. Usually the time 
dependence displays a range of time constants, from Xi to it. If it is assumed that the distribution 
of the In x's is uniform, the time dependence breaks into three regions4: 1) if t« Xi, the change 
in M is linear in time; 2) if t» Zi, the change is a decaying exponential, and 3) if Xi < t < x2, the 
change is logarithmic. The last case is of interest to us, and the detailed time dependence is given 
by4 

AMs- 
ln(x2/Xj) 

[lnx2-0.577-ln(f)]. (5) 
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Using Eq. 5, we can write the time-dependent change in MR as 

AM/? = a + ßln(0 (6) 

where a and ß are constants5. 

SAMPLE PREPARATION 

Table I shows the details of the spin-valve sandwich structures used in this study. 
Cu/Co/Cu/Fe and Permalloy/Co/Cu/Co films were grown on various substrates by DC magnetron 
sputtering with a base pressure of 3 x 10"7 Torr and a working argon pressure of 2 or 3 mTorr. 
The oxide layers were prepared by oxidation (500°C, 0.5 hr) in air of a sputter deposited 500 A 
Ni film or a multilayer (10 Ä Ni/10 Ä Co)25 film. They were to provide a bias field for the bottom 
Co layer. The films with Permalloy were grown in a magnetic field of 1.2 kA/m (150 Oe). 

Table I. Details of the spin-valve sandwich structures. Samples containing Permalloy were grown in a magnetic 
field. The "orientation" is the relationship between the growth field direction and the measurement field direction. 

Sample A B C D E F 

Substrate Si Kapton Si Si   * Si Si 

Layer 1 30ÄFe 40ÄFe 30ÄFe (Ni/Co)0 NiO NiO 

Layer 2 50ÄCu 50ÄCu 15ÄCu 50ÄCo 50 A Co 50 A Co 

Layer 3 30 A Co 30ÄCO 30ÄCo 50ÄCu 50ACu 50ÄCu 

Layer 4 50ÄCu 50ÄCu 15ÄCu 4ÄCo 4ÄCO 4ACo 

Layer 5 50 Ä Permalloy 50 Ä Permalloy 50 Ä Permalloy 

Orientation parallel transverse parallel 

MR(%) 1.6 1.0- 2.9 3.0 2.1 2.6 

MEASUREMENTS AND ANALYSIS 

After sputtering, the samples were cut into 1.2 cm x 5.2 cm rectangles and four copper wires 
were attached with silver paint. Each sample was held in place on an aluminum bar inside the field 
coil by a layer of silicon vacuum grease. Samples were oriented with the long axis parallel to the 
coil. Resistance measurements were made at room temperature by using an HP 3457A digital 
voltmeter in the four terminal measurement mode. A magnetic field H of up to 55.7 kA/m (700 
Oe) was applied by a coil. The sample and coil were air cooled sufficiently to eliminate effects due 
to heating from the coil. To insure that the time dependence of the resistivity was not due to the 
measurement apparatus, the sample was replaced with a resistor. A second, larger resistor was 
added in parallel during the series of measurements to slightly change R. The resulting resistivity 
measurements showed a sharp step, without any indication of a time dependence. Two types of 
time-dependent measurements were made; details of which are given in the next two sections. 

Stepped Field Measurement 

This type of measurement more closely resembles the expected uses for these devices. In 
these measurements, the magnetic field was moved to 55.7 kA/m and the saturation resistance RP 

was measured. After this, H was stepped to -55.7 kA/m and stepped back to 55.7 kA/m in varying 
increments, depending on the sample. After each step, measurements were taken until the change 
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Trme(s) abs(ÄMR) 

Hg. 3. (a) MR response of Cu (50 Ä)/Co (30 Ä)/Cu (50 Ä)/Fe (30 Ä)/Si sandwich structure (Sample A) vs time. 
The field was incremented [400 A/m (5 Oe)] after the resistance stabilized at each field. The inset shows the 

aftereffect (b) Stabilization time vs absolute value of the time-dependent part of the change in MR for each step, 
also for Sample A. The straight line represents a linear fit to the data. 

in R was 0.002 Q, or less. Since the resistance of the samples was about 25 Q, this represents a 
precision of about one part in 1.2 x 104 in the MR. This is shown in Fig. 3(a) for Sample A; the 
steps were 400 A/m (5 Oe). The inset shows an expanded view of the time-dependent portion of 
the MR (curved region) between two field steps. The time-dependent portion of the MR is visible 
as the curved portion between the steps. This part can be fit rather well to Eq. 6, showing that the 
behavior is as expected. Unfortunately, the values of a and ß are not particularly illuminating. Of 
more practical interest is the time the MR takes to settle to its equilibrium value. This time 
depends upon the change in amplitude of the time-dependent part of the MR for each field step in 
a more or less linear fashion. Fig. 3(b) shows settling time vs the absolute value of the change, 
along with a linear fit to the data. Note that when the change in MR is largest, this sample can 
take up 30 s to stabilize. The curves in Fig. 3 (a) and (b) have the same shape for the other 
samples. Sample D, which has an oxide bias layer, required as much as 70 s for the longest step 
and 1000 s for the same measurement. Table II shows the values of the slope of the linear fit, 

uncertainties in the slope (o) and the correlation coefficient (r) for all of the samples. 

Table II Summary of the experimental results for the stepped field measurements. 

Sample A B C D E F 
Slope (sec) 25 300 26500 26 000 31800 34 300 25 300 

a (sec) 670 1000 1400 440 1000 800 
r 0.94 0.92 0.81 0.98 0.92 0.91 

Time Dependent Measurements 

In the second type of measurement, the field was first moved to 55.7 kA/m and Rp was 
determined. Then the field was moved to the desired value and R was measured at 0.5 s intervals 
for 75 s, giving a time history of the MR. This is shown in Fig. 4(a), along with the fit to a + 

ßln(r) for Sample A. In theory, the situation during these measurements could be complicated. If 
the measurement field was not large enough to move the Co spins, then only the Fe spins would 
be involved and the MR would increase as the angle between the Fe and Co spins increased. If the 
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field was larger, both the Co and Fe spins would move and there could be two sets of time 
constants involved. In practice, the time dependence of all the measurements fit Eq. 6 very well, 
so we cannot determine if more than one set of time constants is involved. The jagged line in Fig. 
4(a) shows the time dependence of the MR for Sample A where the measurement field is -10.3 
kA/m (-130 Oe), near the coercivity of Co. The smooth line is the fit to Eq. 6. Fig. 4(b) shows the 
values of a and ß for a series of measurements taken at different fields, along with the MR curve 
for comparison. The values of ß for all the samples show the same shape and almost the same 
amplitude. The values of a show similar shapes but vary in amplitude by a factor of about 3. 

Rdd(Oe) 
_        -250 -200 -150 

aooooi—.—i—.—i—.—i—■—i   -p 

-O.00O* 

-0.0008 

-O.0016i 20 40 
Time(s) 

Fig. 4. (a) Time dependent response of the magnetoresistance after moving from 55.7 kA/m to -10.3 kA/m (jagged 
line) for Cu (50 Ä)/Co (30 Ä)/Cu (50 Ä)ZFe (30 Ä)/Si sandwich structure (Sample A). Also shown is the fit to 
a + ßln(r) (smooth line), (b) Top, values of fit parameters a and ß; bottom, magnetoresistance as a function of 

field, also for Sample A. 

SUMMARY 

Measurements of the magnetoresistance of spin-valve structures show time-dependent effects 
consistent with the behavior of the magnetic aftereffect. Up to 70 s were needed to reach 
equilibrium for some of the spin-valve structures studied. This could have consequences for use of 
spin-valve structures for some types of devices, while other devices should not be affected. The 
effect seen here is probably due to domain wall motion. Thin film spin-valve read heads for disk 
drives are single domain devices with the magnetization changing by rotation. This type of device 
should not be affected. Devices which apply only large fields, which are able to overcome the 
energy barriers impeding domain wall motion, would also remain unaffected. Devices that require 
switching from one domain state to another at small to moderate fields would be susceptible to 
time dependent effects. 
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ABSTRACT 

We have studied the effect of an artificially intermixed region grown at the interfaces of Co/Cu spin 
valves with uncoupled layers. Two different structures are used: exchange-biased spin valves and 
engineered spin valves in which two layers are antiferromagnerically coupled and a third layer, on top of 
this system, is not coupled to the other two. It is shown that structural effects, induced by variation of the 
deposition parameters and by the intermixing can play an important role. Since the present study uses 
sputtered layers an intrinsic initial intermixing of 4-5Ä is already present. For both types of spin valves Gp, 
AG and AR/R all show a gradual decrease when the nominal thickness of the total intermixed region is 
enlarged from 0 to 36Ä. Also when the initial degree of intermixing is decreased by sputtering at higher Ar- 
pressure, Gp, AG and AR/R still show a gradual decrease as a function of intermixed layer thickness. 
Combined with the fact that there is no difference between an intermixed region of thickness t at one Co/Cu 
interface or intermixed regions of thickness til at two interfaces, this indicates that the electron scattering 
in the intermixed region is predominantly spin /«dependent, although this region preserves a magnetic 

moment. 

INTRODUCTION 

Apart from layer thicknesses and intrinsic material quantities, such as (spin dependent) conductivities of 
the layers, interface roughness is one of the parameters that determines the magnitude of the giant 
magnetoresistance (GMR). On the one hand it is known that dilute impurities in ferromagnetic materials 
such as Fe, Co and Ni can lead to spin dependent electron scattering and thus some intermixing at the 
interfaces can enhance the GMR. On the other hand, when the interfaces are too rough, the large amount of 
interface scattering will reduce the probability of electrons to cross the non-magnetic interlayer and 
therefore reduce the GMR. One could imagine that some optimum in the interface roughness exists as is 
reported for the Fe/Cr-system [1]. 

In the study of the effect of interface roughness on the GMR antiferromagnetic (AF) coupling between 
the magnetic layers can be a complicating factor. When, due to roughness, the strength of the AF coupling 
changes, this can influence the degree of antiparallel alignment, which will in turn also affect the GMR- 
effect. Therefore this kind of experiment should be performed preferably on decoupled magnetic layers. 

In this article we report on the effects of interface intermixing on the GMR in Co/Cu spin valves with 
uncoupled Co-layers. Two different structures are used: exchange-biased spin valves and spin valves in 
which one of the Co-layers of the Co/Cu spin valve is antiferromagnetically coupled to a third magnetic 
layer. Although the GMR can be influenced by roughness on a very small scale [2,3] and one would 
therefore like to start with perfectly flat interfaces, the present study uses sputtered samples in which an 
intrinsic intermixing of ca. 4-5Ä is artificially increased to 36Ä during the growth of the sample. Therefore 
the results of these samples will provide mainly information on the "bulk properties" of the intermixed 
regions. Currently measurements on MBE-grown samples with sharper interfaces are in progress. 

SAMPLE PREPARATION 

Two types of samples were used which we will refer to as type I and type II. The type I samples consist 
of a spin engineered structure of three magnetic layers: 100ÄCo(M,)/6ÄRu/25ÄCo(M2)/(40-f/2)ÄCu/rÄ 
CoCu/(100-t/2)ACo(M3), as is shown in Fig.lA for f=0. The 6Ä Ru-layer provides a strong AF-coupling 
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between Mi and M2 which causes an antiparallel alignment between M2 and the other Co-layers at small 
applied fields. The thickness of the Cu-Iayer is chosen such that this layer decouples M2 and M3. The 
samples are HV-magnetron sputter deposited on Si02 substrates at room temperature and an Ar-pressure 
of 7 mTorr. The intermixed region of CoCu at the Cu/M3 interface is introduced by alternately depositing 
lA Co and 1Ä Cu. The nominal thickness, /, of this intermixed region varies from 0 to 36Ä. In some cases 
this intermixed region was divided into two regions of thickness til, one at the M^Cu interface and one at 
the Cu/M3 interface. 

The type II samples are exchange biased spin valves which are DC magnetron sputtered on Si(100) 
substrates at room temperature. They consist of 30ÄTa/(100-//4)ÄCo/(f/2)ÄCoCu/(40-//2)ÄCu/(r/2)Ä 
CoCu/(50-//4)ÄCo/100ÄFeMn/30ÄTa. Again the thickness of the Cu spacer is such that the lOOA Co- 
layer is not coupled to the 50Ä Co-layer. The magnetization direction of the 50Ä Co-layer is pinned in a 
certain direction through direct exchange coupling to the antiferromagnetic FeMn-layer. In these samples 
the nominal thickness of the total intermixed CoCu-region, /, varies from 0 to 30Ä. The CoCu-regions in 
these samples were deposited by co-sputtering of Co and Cu. To vary the intrinsic initial intermixing two 
series were grown in which the Co/CoCu/Cu/CoCu/Co-stack was deposited at Ar-pressures of 5 and 10 
mTorr. All other layers are grown at an Ar-pressure of 5 mTorr. 

SAMPLE CHARACTERIZATION 

To characterize the samples magnetization measurements were performed. In Fig. 1A a typical 
magnetization loop is shown for the type I samples. As layer M3 is not coupled to the other magnetic 
layers, the magnetization of this layer will always point in the direction of the field. Layers Mi and M2 are 
coupled strongly antiferromagnetically and therefore at small fields (< Hi) the magnetization directions of 
these layers will align antiparallel with the magnetization direction of the thinner layer, M2, pointing 
opposite to the field direction. Note that now also the magnetization directions of layers M2 and M3 are 
aligned antiparallel although they are not coupled to each other. When the field is increased, the magnetiza- 
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Fig. 1: Typical M(H)-loops for A) type I samples and B) type 11 samples. The arrows indicate the 
magnetization directions of the Co-layers. 
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tion direction of layer M2 will gradually reverse to the field direction until saturation is reached at H=H2. 
In Fig. IB a typical magnetization loop of a type II sample is shown. In fact the measurement shows 

two hysteresis loops. One around H=0 T for the "free" Co-layer and one around the exchange biasing field 
H for the exchange-biased Co-layer. Between H=0 T and H=He a region exists of complete antiparallel 
alignment. 

The most essential feature of both systems is the possibility to create a transition between parallel and 
antiparallel alignment of the magnetization directions of two uncoupled Co-layers through the application 
of a magnetic field. Both systems show a clear plateau in the magnetization, the moment of which 
corresponds to the moment one would expect from antiparallel alignment of the magnetization directions. 
Also when the intermixed regions are present we observe full antiparallel alignment of the constituents of 
the spin valve. 

Now we would like to know the structure and magnetic behavior of the regions inserted at the 
interfaces. According to the bulk phase diagram of CoxCui.x [4], no thermodynamically stable solid 
solutions exist at any temperature in the composition range 0.05 < x < 0.88 due to immiscibility of the two 
components. However, it has been established that it is possible to produce a metastable CoxCui.x-alloy 
over the whole concentration range by coevaporation [5] and cosputtering [6]. Both Childress [6] and 
Kneller [5] have reported a reduction of the magnetic moment of Co-atoms when intermixed with Cu. For a 
metastable alloy Coo.sCuo.s cosputtered at 77K on glass or mica, Childress reports a saturation 
magnetization of« 125 emu/go compared with 175 emu/go for bulk fee Co. In our samples however we 
did not measure any reduction of magnetic moment as a function of intermixed region thickness. Also in a 
separate series of samples 200ARu/6*[(40-x)ÄCu/x*(lÄCo+lÄCu)/(25-x)ÄCo]/10ÄCu/30ÄRu with x up 
to 23 such that almost all the Co is intermixed with Cu, we did not observe any loss of magnetic moment. 
This could indicate the existence of Co-clusters in the intermixed regions and might be due to the fact that 
our samples were not sputtered at 77K but rather at room temperature, which causes a higher mobility of 
the atoms reaching the substrate. 

The initial, intrinsic intermixing was for some samples determined by quantitative fitting of low-angle 
X-ray spectra combined with X-ray fluorescence [7]. An initial intermixing of ca. 4 and 5Ä was found for 
the samples of type I and type II (5 mTorr) respectively. For the samples of type II sputtered at 10 mTorr 
we expect the initial intermixing to be less, in the order of one monolayer. To investigate the thickness of 
the artificially intermixed regions we used the same techniques. Here we described the intentionally 
introduced intermixing as an extra layer between Co and Cu that consists of a CoCu-älloy with a density 
averaged from that of Co and Cu. The measured results are in reasonable agreement with the nominal 
thicknesses of the intermixed regions, although the conservation of magnetic moment seems to indicate that 
the intermixing of Co and Cu is not extending downto an atomic scale. 

According to the X-ray measurements all samples 
are grown in the (11 l)-direction. However, rocking 

10Y „   ..„_,. .„ 1     curves indicate that especially the samples of type I 
have a rather poor texture. For all samples of type I 
the full width at half maximum (FWHM) of the 
rocking curves amounts ~ 13 . The FWHM of the 
rocking curves of the type II samples is shown in 
Fig. 2 as a function of the total intermixed thickness 
/. We will return to this point in the next section. 

8" 

a a 
■a 

x 
5 

10 mTorr samples 
5 mTorr samples 

5       10      15      20      25 

Intermixed thickness t(A) 

30 

Fig. 2: FWHM of the XRD-rocking curves versus 
total intermixed thickness t, for the type II spin 
valves. 
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RESULTS AND DISCUSSION 

In Fig. 3 a typical resistance versus field curve is shown for the type I and type II samples. The 
magnetoresistance was measured at room temperature in a standard four-probe set-up with the current and 
the field in the plane of the sample (HIS). In both measurements the resistance is low at saturation and 
there is a clear plateau where the magnetization directions are aligned antiparallel corresponding to a high 
resistance. As noted before, the samples of type I actually consist of two spin valves. However, the 
contribution to the GMR from the Co/Ru/Co-system, needed to obtain the antiparallel alignment, is 
negligible compared to the contribution of the Co/Cu/Co-part, which is shown in Fig. 3 A where the GMR 
of the system 200ÄRu/75ÄCo/6ARu/25ÄCo/150ÄCu/30ARu is reproduced. The peaks around H=0 T in 
the GMR of the type I samples are due to the magnetization reversal of all magnetic layers (see Fig. 1), 
which causes deviations of the perfect antiparallel alignment, and to the changing angles between the 
magnetization directions and the current (anisotropic magnetoresistance effect). 

0.07 

0.04 

0.03 

Co/Ru/Co/Cu/Co 

0? 0.02 - 
tz < 

0.01 - 

0.00 

-1.0       -0.5        0.0 0.5 1.0 -0.04     -0.02      0.00 

Field (T) Field (T) 
Fig. 3: Typical current in plane resistance versus field measurements measured at room 

temperature for A) type I spin valves and B) type II spin valves. 

In Fig. 4 we show the results for the sheet conductivity at parallel alignment Gp, the change of 
conductivity between parallel and antiparallel alignment, AG, and the GMR (=AG/Gap=AR/Rp). For large 
thicknesses of the intermixed regions all series of samples show a decrease in the G, AG and GMR. The 
decrease in conductivity is due to the fact that pure Co and pure Cu are substituted by a mixed region of 
Co and Cu with a higher resistivity. For these large thicknesses of the intermixed layer, the high resistivity 
of these layers reduces the flow of polarized electrons across the Cu-layer, resulting in a smaller value for 
AG. The quantity GMR can be simply deduced from G and AG. 

At small thicknesses the samples of type II, grown at 5 mTorr, show a remarkable increase in AG and 
GMR. It would be tempting to relate this behavior to a change in the spin dependent interface scattering. 
However, for these samples the FWHM of the rocking curves (Fig. 2) show an initial decrease and a 
saturation at about 10Ä. This could point at an increasing grain size or a smaller degree of misalignment at 
the grain boundaries which seems to be in agreement with the initial increase in conductivity observed in 
these samples. It is known from other experiments [8] that, for samples grown on a Ta buffer layer, a non- 
negligible part of the resistance is due to grain boundary scattering. In polycrystalline NigoFe2o-films it is 
found [8] that the effective value of a = XVA.

4,
 is smaller than the bulk value due to grain boundary 

scattering of mainly the spin-up electrons. Because of their larger (bulk) mean free path spin-up electrons 
are more sensitive to grain boundary scattering than spin-down electrons. Therefore, an increase in the 
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grain size or a reduction of the degree of misalignment near the grain boundaries can 1) decrease the 
scattering probability, leading to an increase in conductivity and 2) increase the spin dependence of the 
scattering, leading to a larger value of AG. This is just what is shown in Fig. 4 for the samples grown at 
5mTorr for small intermixing. Possible effects of the artificial intermixing on the (spin dependent) interface 
scattering, if present with the present degree of initial intermixing, are not discernible from these structural 
effects. 

The 10 mTorr samples of type II, that are expected to have a smaller degree of initial intermixing, and 
the samples of type I do not show large changes in structural quality when the artificial intermixed 
thickness is increased. In these samples (for type I also measured at T=10K) no dramatic changes are 
observed in G, AG and GMR when the thickness of the intermixed layers increases. They rather show a 
gradual decrease even when the thickness of the intermixed regions is comparable to the thickness of the 
other layers. Of course in this case it is difficult to think of this region as interface intermixing since the 
"interface" between Co and Cu has now become a layer of its own. 

0.28 

O 

0.24, 

0.20 

0.16 

0.12 

A) 

-1 interface intermixed 
- 2 interfaces intermixed 
- 5 mTorr 
-10 mTorr 

/ 

10     20     30     40 

CoCu-thickness f (A) 

0       10     20     30     40 

CoCu-thickness t (A) 

0       10     20     30     40 

CoCu-thickness t (A) 

Fig. 4: Gp (a), AG (b) and AR/RP (c) as a function of the total intermixed region thickness t.  The 
conductivity Gp of the type II samples is multiplied by a factor 3. 

The present results are in marked contrast with Suzuki [2] who has reported a sharp decrease in GMR 
from 27 to 4% when only cosputtering 1.5A Co and Cu at the interfaces of AF-coupled Co/Cu-multilayers. 
This difference could be explained either by a coupling effect in the samples of Suzuki, or to a different 
state of initial intermixing. 

A decrease of GMR in spin valves with uncoupled layers is also reported by Parkin [9]. In NiFe/Cu 
spin valves with thin Co-layers at the interfaces and Co/Cu spin valves with thin NiFe-layers inserted at the 
interfaces, the GMR decreases upon annealing. These results are different from results obtained in the 
Fe/Cr-system. The GMR-effect in Fe/Cr is often, by analogy with bulk alloys [10], ascribed to spin 
dependent scattering from Cr-atoms dissolved in the Fe-layers. As a consequence one could expect that the 
GMR increases with increasing intermixing. This seems not to be the case in Co/Cu spin valves (Fig. 4). 

For the Fe/Cr system it has been reported [11] that when ultrathin layers [0..4Ä] of V, Mn, Al, Ir and 
Ge are inserted at the Fe/Cr interfaces, it makes no difference whether a thickness t of these layers is 
inserted at alternate interfaces or a thickness //2 at each Fe/Cr-interface. What seems to be more important 
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than the number of interfaces, is the overall number of additional (spin dependent) scatterers per multilayer 
period. Also for the type I samples two different series samples were grown. In the first series there was 
only an intermixed region between the Cu-layer and the free Co-layer (M3). In the second series both 
interfaces of the Cu-layer were intermixed with Co. From Fig. 4 we can conclude that also in our Co/Cu 
spin valves there is no significant difference between an intermixed region of thickness t at one interface or 
intermixed regions of thickness t/2 at both interfaces. Both cases result in the same slope of Gp, AG and 
AR/R as a function of total intermixed thickness. The small difference in magnitude is already present in 
samples of the same composition (samples where fcoCu = 0) and is therefore ascribed to non-perfect 
reproducibility. 

This result, combined with the fact that the GMR decreases with increasing intermixing indicates that in 
the intermixed CoCu regions, at least for the thicknesses we have investigated here, the spin /'«dependent 
scattering is dominant over the spin dependent scattering. This conclusion seems to be in qualitative 
agreement with model calculations we performed recently with the well known Camley-Bamas model on a 
Co/Cu/Co-trilayer [7], 

CONCLUSIONS 

We have measured the effect of interface intermixing in Co/Cu spin valves with uncoupled Co-layers. 
In general a gradual, monotone decrease of G, AG and GMR is observed when the total nominal thickness 
of the intermixed region is increased from 0 to 36Ä, although it is shown that structural effects can play an 
important role. There is no significant difference between an intermixed region of thickness tk at one 
Co/Cu-interface or intermixed regions of thickness tllk at both Co/Cu-interfaces. These results indicate 
that spin /«dependent scattering dominates in the intermixed CoCu-regions. In the intermixed region no 
reduction of magnetic moment was observed. 
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IMPROVED THERMAL STABILITY OF GMR SPIN VALVE FILMS 

R. D. McMICHAEL, W. F. EGELHOFF, Jr. and MINH HA 
National Institute of Standards and Technology, Gaithersburg, MD 20899 

ABSTRACT 

In order to improve the thermal stability of magnetic multilayer "spin valve" structures, 
we have measured the magnetic and magnetoresistive properties of a number of samples with 
the general structure of NiO/Co/Cu/Co/Cu/Co/NiO as a function of annealing time at 250 °C. 
The magnetoresistance (MR) of the samples annealed in air decreases proportionally to the 
square root of the annealing time. For samples annealed in a vacuum, the decrease in 
magnetoresistance is reduced, but not eliminated. Magnetometry of a vacuum annealed 
NiO/Co/NiO sample shows a magnetization reduction and a coercivity increase which suggest 
oxidation of the NiO-biased "outer" Co layers of the spin valve structure. For increasing NiO- 
biased Co layer thickness, we show enhanced thermal stability and even increasing MR with 
annealing time for samples with the thickest outer Co layers. 

INTRODUCTION 

Spin valves1"3, which are based on the giant magnetoresistance effect, are rapidly finding 
applications in devices such as magnetic field sensors and read heads for high density magnetic 
recording. In recent work4, symmetric spin valves5"6 of the general structure 
NiO/Co/Cu/Co/Cu/Co/NiO were optimized for maximum MR as a function of the thicknesses 
of the Co and Cu layers. As-deposited MR values exceeding 21 % in fields less than 10 mT (100 
G) were obtained. In processing these films into devices, there is often a baking step where the 
temperature is raised to 240 °C for periods up to 24 hours. Therefore, it is important not only 
that the spin valve films should be able to endure the processing, but also that the films should 
be optimized to give the best performance after the anneal. 

The basic symmetric spin valve structure 
is shown in fig. 1. The structure consists of NK) 
three Co layers separated by two Cu layers, with 
an underlayer and an overlayer of 
antiferromagnetic NiO. Through an interfacial 
interaction between NiO and Co, the outer Co 
layers have a large coercivity, H°uter, typically 
on the order of 20-50 mT (200-500 G) and a NiQ 

smaller exchange bias field, which shifts the 
hysteresis loop Of the OUter films by 6-8 mT.    Fig. 1.  Schematic structure of NiO-biased symmetric 
The center Co layer has a much lower coercivity,   spin valve. 
JJ center  jiie sjgn wgi magnitude of the coupling 
between the Co layers through the Cu layers is characterized by a coupling field, Hex

center, and 
depends sensitively on the Cu layer thickness5, which is chosen to produce the minimum 
coupling between the Co layers. 

The MR response of a spin valve with the field and the current parallel and in the plane 
of the film is shown in fig. 2. The resistance of the film depends on the relative orientations 
of the magnetizations in the Co films, with the lowest resistance obtained when the 
magnetizations are parallel. In a negative saturating field, the magnetizations of the layers are 
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aligned in the field direction and 
the electrical resistance is low. 
As the field is increased through 
zero to Hj, a high resistance state 
is obtained as the center film 
remagnetizes to the positive 
direction, while the outer films 
remain essentially unchanged. As 
the field is further increased 
through H2, the outer Co films are 
remagnetized to the positive 
direction, and a low resistance 
state is obtained. The asymmetry 
in the MR response is due to the 
exchange biasing of the NiO/Co 
interfaces. 

The coercivity of the outer 
Co layers is determined primarily by coupling to the antiferromagnetic NiO.-An-energy-balance 
argument shows that since the Co film's interaction with the NiO is a surface phenomenon while 
its interaction with the applied field is a volume interaction (proportional to the thickness of the 
film), the coercivity of the Co film should vary inversely with the film thickness. 

-o.io 0.00      0.05      o.io 0.05 

MoH(T) 

Fig. 2 Magnetoresistance loop for an as-deposited symmetric spin valve 
(sample #2). The minor loop, where only the central film switches, is 
shown in the inset. 

K" 
K, NiO 

M0M/ 
(1) 

where KNi0 is an effective surface anisotropy due to the NiO layers, Ms is the saturation 
magnetization of Co and t is the thickness of the Co layer. 

In this paper we present results of a study to determine the mechanisms of thermal 
degradation in NiO biased symmetric spin valves. The results indicate that degradation of the 
outer Co layers is responsible for a large portion of the decrease of MR upon annealing which 
can be compensated by increasing the thickness of the outer Co layers. 

EXPERIMENTAL 

The substrates for these experiments were 3" Si wafers coated with -50 nm of 
polycrystalline NiO by reactive magnetron sputtering. The metallic Co and Cu layers were 
deposited by dc-magnetron sputtering in 2 mTorr Ar at a rate of -0.1 nm/s, and the top NiO 
layer was deposited by sputtering a Ni target with an 85/15 mixture of Ar/02. The base 
pressure of the deposition chamber is lxlO"8 Torr (~ 10"* Pa). 

A number of samples of the general structure given in fig. 1 were deposited with varying 
layer thicknesses which are presented in Table I. With the exception of sample #3 and sample 
#8, the primary difference between the samples is the thickness of the outer Co layers. 

Annealing of the samples was carried out either in air or under a vacuum in the 10"6 Torr 
(10~* Pa) range. All annealing was performed at 250 °C. To shorten the time required to cool 
the vacuum annealed samples, purified Ar was admitted to the furnace as a heat transfer agent. 

Magnetoresistance measurements were made using an AC four-point probe technique 
using spring-loaded pin contacts. Occasionally, when difficulty was encountered making contact 
through the top NiO layer, an AC current of 100 mA peak-to-peak was passed through each of 
the pins.   This procedure dramatically reduced the contact resistance from — lO6!} to ~ 10*0, 
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Layer 
Table I. 

thicknesses of the samp es. 

sample NiO 
(nm) 

Co 
(nm) 

Cu 
(nm) 

Co 
(nm) 

Cu 
(nm) 

Co 
(nm) 

NiO 
(nm) 

#1 50 2.5 1.8 5.1 1.8 2.5 50 

#2 50 2.8 1.9 4.0 1.9 2.8 50 

#3 50 2.8 1.9 * 1.9 2.8 50 

#4 50 3.2 2.0 4.0 2.0 3.2 50 

#5 50 4.2 2.1 4.0 2.1 4.2 50 

#6 50 5.0 1.8 4.0 1.8 5.0 50 

#7 50 7.5 2.0 4.1 2.0 7.5 50 

#8 50 - - 6.0 - - 50 

* 2.0 nm Co/ 2.5 nm Ni^Fe^/ 2.0 nm Co 

presumably by causing a dielectric breakdown of the NiO in a small area under the pin contact. 
Ferromagnetic resonance measurements were made in a 9.87 GHz (X-band) spectrometer with 
the field aligned in the plane of the sample. All measurements (MR, FMR, SQUID) were made 
at room temperature.  All listed annealing times are cumulative. 

RESULTS AND DISCUSSION 

Center Co Film 

Minor loops of the MR response were used to estimate the coercivity, Hc
center of the 

center film and the effective field of its interactions with the outer Co layers Haf
enIer. Using 

the fields where the MR reaches one half of its maximum value as estimates of the fields where 
the magnetization of the center film passes through zero, (the fields H1 and H1 in fig. 2) 

center       /Tr TTKII (2) 
(«1 

(Pi 

H[)I2 

H[)I2 

It 
i 

H^mer = {Hx + H[)I2 (3) 

H center and jj^enter ^ piotted in flg 3 ^ a functi0n of annealing time at 250 °C in air for 
sample #2. The interaction field, Hex

center was ferromagnetic in all samples in this study. 
Ferromagnetic resonance (FMR) spectra of spin valves were taken with the field aligned 

in the plane of the sample. In these spectra, only one resonance is observed, which is 
associated with the center Co film. The absence of a second (and third) resonance is attributed 
to a large inhomogeneous broadening and weakening of the resonances of the outer Co films due 
to their interaction with the NiO. FMR spectra were taken as a function of the orientation of 
the applied field in the plane of the films, and in-plane anisotropy fields, HK, were calculated 
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from the maximum and minimum resonance in-plane resonance fields, 

HK = OC " 0/2- (4) 

The FMR linewidth and the in-plane anisotropy field, HK are plotted in fig. 4. 
Figs. 3 and 5 show that while coercivity and FMR linewidth increase rapidly during the 

initial 15 minutes of annealing, the coupling field and the in-plane anisotropy field remain nearly 
constant. None of the measured properties of the center film vary dramatically after the first 
30 minutes of annealing. 

2.0 

o.o 

-•- Coercivity 

D    Coupling 

1 
x 

300 60       120      180      240 

Annealing Time (min) 

Fig. 3 Coercivity and coupling field of the center Co 
layer for sample #2 as a function of annealing time at 
250 °C in air. 

15 

10 

—0— Anisotropy 

-Q- line-width 

J_ J_ 
60       120     180     240 

Annealing Time (min) 

300 

Fig. 4. FMR linewidth, and anisotropy field of the 
center Co layer for sample #2 as a function of annealing 
time at 250 °C in air. 

Outer Co Film 

In order to isolate the 
effect of annealing on the outer Co 
films and their interaction with the 
NiO, we deposited a sample with 
the central Co film and Cu spacer 
films eliminated. The remaining 
structure is a Co film sandwiched 
between thick layers of NiO, 
which we annealed at 250 °C in 
vacuum. SQUID magnetometry 
measurements shown in fig. 5 
show that the moment per unit 
area of the as-deposited film is 
somewhat reduced from the 
nominal value for a 6.0 nm film 
with the magnetization of bulk Co. 
We expect that this is due, at least 

0.5 - _ 

i -0.5 

• —as-dep 
—15 min 
■■•■ 1 hour 

* — 6 hours 
—12 hours 

^4&£Z* 
/ ''/ // m 

•' /.;'' / /    /    : '   1 
*          S         •'    *   J                        Tl 

Nom. 6.0 nm Co-7 

-0.1 -0.05 0.05 0.1 
Applied field (T) 

Fig. 5 Room temperature hysteresis loops of a NiO/Co/NiO sandwich 
sample for several annealing times. Annealing was done under vacuum 
at 250 °C . 
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in part, by oxidation of up to 1.5 nm of the Co when O2 is admitted to the deposition chamber 
in preparation for reactive sputtering of the NiO. The SQUID measurements show that 
annealing in vacuum produces a further reduction in the remanence and saturation moment of 
the film as well as an increase in its coercivity. The observed increase in coercivity of the 
sample is greater than what would be expected from eq. 1 to arise via a reduction in moment 
per unit area of the sample, Mj, alone. The origin of the increased coercivity may lie in the 
formation of a thin layer of CoO or mixed Co^i^O oxide at the Co/NiO interfaces. It has 
been shown that existence of a thin (< 2.0 nm) layer of CoO (Tn = 293K) between permalloy 
and NiO does not reduce the exchange bias dramatically7, and studies of exchange biasing of 
permalloy films on CoxNii_xO have shown that the mixed oxide produces a greater effect than 
pure NiO8. 

Magnetoresistance 

* #1, 2.5 nm 
OB #2, 2.8 nm 
A A #3,   2.8 nm 

#4, 3.2 nm 
#5, 4.2 nm 

•   #6. 5.0 nm 
#7, 7.5 nm 

Magnetoresistance values 
plotted as a function of the square 
root of annealing time for anneals 
in air and in vacuum are shown in 
fig. 6. Comparing samples #1 and 
#2, annealed in air, it is clear that 
sample #2, which has slightly 
thicker outer Co layers, is more 
thermally stable. The fact that the 
MR values fall on a straight line 
when plotted vs. the square root of 
the annealing time was suggestive 
that diffusion of oxygen through 
the NiO is the mechanism by 
which the spin valve degrades. 
However, while switching to a 
vacuum anneal reduced the 
amount of MR degradation, the 
degradation was not eliminated. 
Increasing the outer Co layer thicknesses to 3.2 nm appeared to stabilize the MR value at about 
20% after an initial decrease. 

For the samples with thicker outer Co layers, the MR loops are more symmetric than the 
loop shown in fig. 2. In the as deposited state, samples #5 and tfl have symmetric MR loops 
with "shoulders" similar to the right side of fig. 2., but with reduced values of H2. These 
samples change very little during annealing, sample #5 showing a stable MR value and sample 
#7 showing a slightly increasing MR value. Sample #6 has an MR loop with cusps similar to 
the left side of fig. 2, and is sensitive to annealing. The cusps are seen when the outer layers 
begin to reverse before the center layer has completed its reversal. In this case, the high 
resistance state with complete antiparallel alignment of adjacent layers is not obtained, and the 
maximum observable MR value is sensitive to changes in coercivity of the outer films during 
annealing. Sample #6 shows a dramatically increasing MR with annealing time, reaching a 
maximum MR near 20 hours. 

0 12        3 4        5 6        7 

[Annealing time (h)] ' 

Fig. 6 Magnetoresistance of samples #l-#7 with the listed outer Co layer 
thicknesses as a function of annealing time at 250 °C. Dashed lines 
indicate annealing in air and solid lines indicate annealing in vacuum. 
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CONCLUSIONS 

The experimental results indicate that the thermal stability of the center Co layer differs 
strongly form that of the outer Co layers in a NiO-biased symmetric spin valve structure. The 
center layer experiences a rapid increase in coercivity and FMR linewidth in the first 15 minutes 
of annealing at 250 °C, but it is not strongly affected by further annealing. The in-plane 
anisotropy field and the coupling to the outer Co layers are only weakly affected by annealing. 

It seems clear from the difference between air annealed and vacuum annealed samples 
that oxidation of the top Co layer by oxygen which diffuses through the NiO is a major 
contributor to the degradation of spin valves annealed in air. Annealing in vacuum significantly 
reduces the degradation, but the reduced moment and increased coercivity of the NiO/Co/NiO 
sandwich sample suggest oxidation of outer Co layers even under vacuum. We speculate that 
oxidation of vacuum annealed samples might occur through diffusion of excess nonstoichiometric 
oxygen deposited in the NiO layers or by reduction of NiO into Ni. 

Using a spin-valve structure optimized for maximum MR in the as-deposited state as a 
baseline, increasing the thickness of the outer Co layers compensates for the oxidation that 
occurs during annealing. For maximum MR response after annealing at 250 °C for 20 hours, 
the optimum thickness for the outer Co layers was found to be about 3.2 nm. 
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IMPROVEMENT  OF GMR IN  NiFeCo/Cu   MULTILAYERS 
BY   A  LAYER - BY - LAYER  MAGNETIC   FIELD  SPUTTERING 

K.SAITO, Y. YANAGIDA*, Y. OBI, H. ITOHO* AND H. FUJIMORI 
IMR, Tohoku University, Sendai 980, Japan 
*Teikoku Tsushin Kogyo Co., Ltd., Kawasaki 211, Japan 

ABSTRACT 
NiFeCo/Cu multilayers fabricated by an improved magnetic field sputtering were investigated in 

order to achieve the soft GMR (giant magnetoresistance) with a high sensitivity at low magnetic 
fields. A magnetic field was applied to the film during sputter-deposition, and its field direction 
was changed alternately from layer to layer. Such an alternate field sputtering is called hereafter 
layer-by-layer magnetic field sputtering. The best GMR characteristics (large MR at low magnetic 
fields) were achieved when the angle between the directions of magnetic field applied to 
neighboring two magnetic layers was 90° . As one of the speculation, it has been considered 
that the result is attributed to the induced composite magnetic anisotropy which causes the 
magnetization to occur more dominantly by spin rotation than by domain wall movement. 

INTRODUCTION 
Giant magnetoresistance (GMR) multilayered thin films are now considered to be useful for 

various kinds of electric, magnetic and mechanical sensors, if one can improve the GMR so as to 
occur easily at low magnetic fields. The NiFeCo/Cu system has been anticipated to be the most 
suitable GMR multilayers [1,2]. Kanda et al. [3] and Jimbo et al. [4] have reported that the 
combination of elements of Ni, Fe and Co has opportunities to make both magnetocrystalline 
anisotropy and magnetostriction negligibly small and to induce a fairly large uniaxial magnetic 
anisotropy by magnetic field sputter-deposition, leading to a magnetically soft GMR in 
NiFeCo/Cu multilayers. However, the magnetic fields needed for exciting GMR are still large 
and a large hysteresis is observed in the MR vs. field curves. The bar-like 180° magnetic 
domains arising from the induced uniaxial magnetic anisotropy might be responsible for these 
disadvantages, particularly for the large hysteresis. 

In order to solve this problem, we have attempted to control the magnetic domain structure by 
using an improved sputtering technique. That is, during sputter-deposition for fabricating GMR 
multilayers (NiFeCo/Cu, for example), a magnetic field has been applied to magnetic layers by 
changing the field direction alternately from layer to layer. The angle between the field directions 
changed from a given layer to the nearest neighbor layer has been selected to be 0° ,45° and 
90° . In addition, we have also investigated the case that field is not applied. We have found that 
the MR vs. magnetic field curves are different in these four cases, and that the most prominent 
MR response with a considerably reduced hysteresis can be obtained in the case of the 90° 
alternate field sputtering. As one of the speculation, it may be considered that such an alternate 
magnetic field sputtering (layer-by-layer magnetic field sputtering, in another word) causes the 
multilayer to have a composite magnetic anisotropy consisting of the uniaxial magnetic 
anisotropies piled up spirally from layer to layer. This induced composite magnetic anisotropy 
may compete to the exchange coupling between magnetic layers and then affects to the 
domain structure, resulting in rotation of magnetization rather than domain wall movement. In 
the followings, the obtained MR behavior will be described in details. 
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EXPERIMENTAL 
An ion-beam sputtering apparatus with three gun-target systems was used for fabricating 

multilayer samples. The target materials used were Ni63Fei 2C025 alloy disk and Cu metal disk, 
both with 10 cm diameter. Glass thin plates were used for the substrates. The sputter-deposition 
was done at room temperature with Ar pressure of 3 - 8 mTorr, ion-beam acceleration voltage of 
about 1 kV and ion-beam current of about 60 mA. The deposition rates were about 1.0 A/sec for 
NiFeCo and about 1.7 A/sec for Cu, respectively. 

The compositions of die multilayers fabricated were [Ni63Fei2Co25(16Ä)/Cu(21Ä)]20 and 
[Ni63Fei2Co25(21Ä)/Cu(21Ä)]20 .The Cu layer thickness was 21 A. It corresponds to the 
second peak region in the oscillation curve of MR vs. Cu thickness, where considerably soft 
GMRs were confirmed to be obtained [2,3,5]. 

The multilayering of NiFeCo/Cu was made by applying a magnetic field (H') to NiFeCo 
magnetic layers during sputter-deposition. The direction of the field was changed for each 
magnetic layer as shown in Fig.l. The first magnetic layer was deposited under the magnetic 
field with a given direction and then the Cu layer was deposited. Next, the substrate was rotated 

by a certain angle (0) with respect to the first field direction and then the deposition was done for 
the second magnetic layer. Such depositions were continuously repeated for all the layers. We 
call this method "layer-by-layer magnetic field sputtering". In the present study, we examined 
four cases, i.e., the zero field sputtering and the layer-by-layer field sputterings with H'=200 Oe 
of 6=0° , 45° and 90° . These are denoted as H'=0, H'(0 ° ), H'(45° ) and H'(90° ), 
respectively, as shown in Fig.l. For generating H', a couple of small SmCo permanent 
magnets was set in the rotatable substrate holder. The direction of the coupled magnets 
with respect to the multilayer sample was automatically changed by using a stepping motor. 

->N (magnetic field) 

Fig.l. Schematic picture of the magnetic field 
sputter-deposition employed in the present 
study, a is the zero field sputtering, and b, c 
and d are the 0° , 45° and 90° layer-by- 
layer field sputtering, repectively. 

Fig.2. Definition of the MR 
properties; hysteresis, field width 
AH and sensitivity AMR/AH. 
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The structure of the fabricated multilayers was analyzed by an X-ray diffraction and a cross 
section TEM-image. The magnetization (M) vs. magnetic field (H) was measured by a SQUID 
magnetometer. The electrical resistivity p vs. H was measured by a four-terminal electric 

resistive method at room temperature, and then the magnetoresistance MR (=Ap/p) vs. H was 
obtained. For characterizing the properties of MR vs.H, we define 1) hysteresis for MR, 2) field 

width for MR (AH), 3) sensitivity for MR (AMR/AH), as shown in Fig.2. 

RESULTS  AND  DISCUSSION 
1) Structure of multilayer 

Figure 3 shows the examples of the X-ray profiles of [Ni63Fei2Co25(16Ä)/Cu(21Ä)]20 
multilayer samples. As clearly seen, the diffraction peak around 2 6 = 44 degree for fee (111) is 
stronger than another peak around 50 degree for fee (200), which indicates that the obtained 
NiFeCo/Cu multilayers have a <111> textile structure oriented normal to film plane. Figure 4 
shows a cross-section TEM profile for the sample of H'(90° ), which exhibits a clear layered 
structure with fairly flat layer boundaries. 
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Fig.3. X-ray profiles for the [Ni63Fei2Co25 
(16Ä)/Cu(21 Ä)]20 multilayers fabricated by 
three different field sputterings. (See text for 
the notation of the samples). 

80 

Fig.4. Cross section TEM profile for a [Ni63Fei2Co25(16Ä)/Cu(21Ä)]20 
multilayer fabricated by the 90° layer-by-layer field sputtering. 
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2) Magnetoresistance and Magnetization 

In Fig.5, p and MR for the H'=0, H'(0° ), H'(45" ) and H'(90° ) multilayers with the same 
composition in Fig.3 are shown as a function of magnetic field, H. For the H'(0° ) multilayer, 
two curves measured along the two principal axes of easy magnetization and hard magnetization 
are shown. The other cases are represented with one curve, because they are nearly isotropic. As 
seen in Fig.5, appreciable hysteresis is observed for all the MR vs. H curves, excepting for the 

H'(90° ) multilayer. It should also be noted that the field width for MR, AH, is smallest and 

thus AMR/AH is largest for H'(90° ); AMR/AH at around H=20 Oe is 0.12%, 0.21%, 0.12% 
and 0.23% for H'=0, H'(0° ), H'(45° ) and H'(90° ), respectively. In the case of the 

H'(90° ) [Ni63Fei2Co25(21Ä)/Cu(21Ä)]20 multilayer, much enhanced AMR/AH of about 

0.35% at 20 Oe was obtained. The absolute values of AMR are 6% at 20 Oe and 10% at 100 Oe, 
as shown in Fig.6 . These magnitudes are similar to those of the soft GMR multilayers reported 
previously [3, 4]. But, the MR hysteresis is much reduced in the present H'(90° ) multilayer, 

thus, the layer-by-layer field sputtering with 6=90° permits us to obtain soft GMR multilayers. 
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Fig.5. MR vs. H curves for [Ni63Fei2Co25(16Ä)/Cu(21Ä)]20 multilayers fabricated 
by four different field sputterings. (See text for the notation of the samples). 

In order to understand the reason of this effect, we have investigated the magnetization behavior 
for the present multilayer samples. The magnetization curves obtained are shown in Fig.7, where 
two curves corresponding to easy magnetization and hard magnetization are shown for all 
samples of H'=0, H'(0° ), H'(45° ) and H'(90° ). The magnetization for H'(0° ) is strongly 
anisotropic, while the magnetizations for H'=0, H'(45° ) and H'(90° ) are nearly isotropic. 
However, the appreciable hysteresis can be seen in all cases, although it is significantly reduced 
in the case of H'(90). The slight difference between two magnetization curves, which can 
be seen even in the case of H'=0, seems to be due to somewhat geometrical asymmetry of 
the  sputtering   apparatus.   On  the  contrary,   the  anisotropic  magnetization  for   H'(0°  ) 
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is obviously due to an induced composite mag- 
netic anisotropy with a uniaxial symmetry in the 
whole multilayer sample, which has been caused 
by the parallel layer-by-layer field sputtering. And 
hence, the large hysteresis for H'(0° ) maybe 
attributed to bar-like 180° magnetic domains 
associated with the uniaxial anisotropy. The value 
of the anisotropy energy (Ku) estimated from the 
two magnetization curves for H'(0" ) is about 3.5 
xlO3 erg/cc. On the other hand, the isotropic mag- 
netization for H' (90° )is thought to be attributed 
to a cross-induced composite magnetic anisotropy 
caused by the 90° layer-by-layer field sputtering. 
Therefore, the magnetization by spin rotation 
becomes dominant and hence the hysteresis can be 
reduced. However, the directions of the uniaxial 
anisotropies induced in magnetic layers seem to be 
not completely crossed each other as shown in 
Fig.l for H'(90), because the antiferromagnetic 
exchange  coupling energy (Ex) estimated from 
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Fig.6.       MR  vs.   H   curve   of 
a [Ni63Fei2Co25(21Ä)/Cu(21Ä)]20 
multilayer fabricated by the 90° layer- 
by-layer field sputtering. 
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Fig.7. M vs. H curves for [Ni63Fei2Co25(16Ä)/Cu(21 A)]20 multilayers fabricated 
by four different field sputterings. (See text for the notation of the samples). 
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the saturation field for magnetization (Hs) shown in Fig.7 is about -4 xlO4 erg/cc being much 
larger than Ku of about 3.5 xlO3 erg/cc estimated above. Nevertheless, the H'(90° ) multilayer 
is most isotropic and exhibits the smallest hysteresis. This fact suggests that somewhat 
competition between Ex and cross-induced Ku can cause the magnetization to occur by spin 
rotation dominantly rather than by the domain wall movement. This speculation, however, is not 
based on clear evidence. 
From the above mentioned experimental results, it may be concluded that the [Ni63Fei 2Co25(21 

A)/Cu(2lA)]20 multilayer fabricated by the 90° layer-by-layer magnetic field sputtering is 
noteworthy from the point of view of the magnetically soft GMR characteristics. 
Particularly, the hysteresis can be significantly reduced by this method. However, the 
presently obtained AMR/AH value of about 0.35% in the region of H=20 Oe (see Fig.6) is still 
not large enough for various sensors. ( Recently, Kondo et al. [6] have reported AMR/A 
H=0.5% in the region of H=30 Oe in [Ni24Fe3iCo45(15Ä)/Cu(23Ä)]30 multilayer ). For 
improving the AMR/AH value further, we need to reduce AH value. Application of the layer- 
by-layer magnetic field sputtering method to GMR multilayers with a weak interlayer exchange 
coupling may be one of the possible way in obtaining further advanced soft GMR multilayers. 

SUMMARY 
We have investigated on the improvement of soft GMR in NiFeCo/Cu multilayers by using a 

new magnetic field sputtering method, namely, layer-by-layer magnetic field sputter-deposition. 
The results are summarized as follows: 

1) The MR vs. H curves of the [Ni63Fei2Co25(16Ä)/Cu(21Ä)]20 multilayers behave 
differently among the cases of zero field sputtering (H'=0) and layer-by-layer field sputterings 
of H'(0° ), H'(45° )andH'(90° ). The most prominent soft GMR can be obtained from 
the H'(90° ) layer-by-layer field sputtering. 

2) The typical soft GMR properties of AMR/AH=0.35% in the region of H=20 Oe and of a 
small hysteresis have been obtained in the [Ni63Fei2Co25(21Ä)/Cu(21Ä)]20 multilayer 
fabricated by the 90°  layer-by-layer field sputtering. 

3) As a possible mechanism, the followings may be speculated. The 90° layer-by-layer field 
sputtering makes a cross-induced composite magnetic anisotropy, and then this anisotropy 
competes to the antiferromagnetic exchange coupling between magnetic layers. Consequently, 
the magnetization occurs mainly by spin rotation rather than the domain wall movement, resulting 
in the good soft GMR, particularly in the small hysteresis. 
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(100) EPITAXIAL AND (111) POLYCRYSTALLINE SPIN VALVE 
HETEROSTRUCTURES ON SI (100): MAGNETOTRANSPORT AND THE 

IMPORTANCE OF INTERFACE MIXING IN ION BEAM SPUTTERING 

Hyun S. Joo, Imran Hashing and Hany A. Atwater 
Thomas J. Watson Laboratory of Applied Physics 
California Institute of Technology, Pasadena, CA 91125 

ABSTRACT 

We have investigated magnetoresistance properties of (100) epitaxial, (111) textured and 
polycrystalline spin valve heterostructures of the form NisoFe2o/Cu/Ni8oFe2o/Fe5oMn5o on 
(100) Si substrates by ultra high vacuum (UHV) ion beam sputtering at room temperature. 
Magnetoresistance was measured as a function of Cu interlayer thickness (ti) with 10 Ä < t-, < 
100 Ä and the maximum was found at 20 Ä in the case of (100) epitaxial spin valves. Highly 
(111) textured spin valves with heterostructure configurations similar to the (100) spin valves 
were found to have a slightly lower magnetoresistance than the (100) heterostructures, but the 
functional dependence of the magnetoresistance on u was very similar. 

Interface mixing during the sputtering process by energetic neutral bombardment was 
found to significantly affect the magnetoresistance. Samples were made under various 
sputtering conditions (gas pressure, ion beam energy, target and substrate configuration) that 
could enhance or suppress high energy neutral bombardment of the growing film surface. 
Samples made under the conditions that suppressed neutral bombardment showed higher 
magnetoresistance and more abrupt interfaces as confirmed by small angle X-ray diffraction 
analysis of interface mixing by energetic neutral bombardment during sputter deposition. 

INTRODUCTION 

Many investigators have reported magnetotransport properties related to crystalline texture 
and interface roughness in sputtered or molecular beam epitaxy (MBE) grown magnetic 
multilayers such as Fe/Cr, Co/Cr, Co/Cu and Fe/Cu.1"3 In investigations of spin valve 
heterostructures, the effects of (111) and random polycrystalline film texture4 and 
interdiffusion induced by post-deposition annealing have been reported.5 The dependence of 
magnetoresistance on interface mixing and orientation of multilayers is not clearly 
understood, but previous work indicated that magnetoresistance is sensitive to the method of 
film deposition. For example, MBE-grown Co/Cu epitaxial films showed lower 
magnetoresistance than sputtered polycrystalline samples, even though they had been expected 
to have unmixed sharp interfaces and well controlled crystalline orientations.1 

In order to understand the effects of interface mixing and interface orientation in 
NiFe/Cu/NiFe/FeMn spin valves, we have grown (100) epitaxial, (111) highly textured and 
polycrystalline spin valve structures by UHV ion beam sputtering with different seed layers, 
and measured their magnetotransport properties as a function of Cu interlayer thickness. In 

* present address : Applied Materials, Santa Clara, CA 95054 
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addition, energetic neutral bombardment was found to significantly affect the extent of 
interface mixing during sputtering. 

EXPERIMENTAL DETAILS 

Samples were prepared at room temperature by UHV ion beam sputtering at a base 
pressure lower than 2xl0"9 Torr. Samples discussed here have the structures of 150 Ä 
Fe5oMn5o/50 Ä Ni80Fe2o/ h A Cu/50 Ä Ni8oFe2o/seed layerlSi(lOO). 50 Ä (100) epitaxial Cu 
layers and 1000 Ä SiO2/50 A Cu, 1000 Ä Si02 layers were used for (100) epitaxial and 
polycrystalline samples respectively. For (111) textured samples, seed layers were not used 
and multilayers were grown directly on (100) Si wafers. An in-plane 450 Oe magnetic field 
was applied during growth by a permanent magnet. The deposition rate was 0.3-0.4 A/sec, as 
calibrated by Rutherford backscattering (RBS). Epitaxial (100) samples have been 
successfully grown on 50 Ä (100) epitaxial Cu seed layers.6 Epitaxial (100) Cu seed layers 
were grown on hydrogen terminated Si (100) wafers.7 Si wafers were cleaned with a solution 
of NH40H:H202:H20 = 1:1:3 and dipped into 50:1 HF solution for 1 minute for hydrogen 
termination. (Ill) highly textured samples were be grown directly on hydrogen terminated 
(100) Si wafers. Polycrystalline samples were grown on 1000 Ä Si02 and 50 Ä Cu/1000 Ä 
Si02. 

The crystalline orientation of each layer was characterized by in situ Reflection High 
Energy Electron Diffraction (RHEED). X-ray diffraction was also used to confirm the textures 
of samples in large sample areas. 

During sputtering, the Ar gas pressure, the ion beam voltage and the ion source-target- 
substrate angle were varied to enhance or to suppress interface mixing by energetic neutral 
bombardment. Multilayers of [20 Ä Cu/20 Ä Pd]is deposited under identical sputtering 
conditions and seed layers to those of spin valve heterostructures were used for small angle X- 
ray diffraction to survey the relative roughness of spin valve heterostructures. Cu/Pd 
multilayers were chosen because Pd has a better X-ray contrast relative to Cu than does NiFe 
and Pd (100) can be grown epitaxially on Cu (100).8 

Resistance measurements were performed using a four point probe DC method. All 
resistance data in this article was measured at room temperature. A DC magnetic field was 
applied horizontally to the samples and parallel to the current, and varied from 100 to -100 Oe 
by means of a Helmholtz coil. 

RESULT AND DISCUSSION 

Magnetoresistance (MR) was measured as a function of Cu interlayer thickness, t\, with 10 
Ä < t\ < 100 Ä and the maximum was found at t\ = 20 Ä for both (100) epitaxial and (111) 
textured films. For fj < 20 Ä, the MR decreased very quickly with thickness (Fig. 1). At t-, = 10 
Ä, the spin valve effect vanished, possibly because of the ferromagnetic coupling of the free 
and pinned NiFe layers. Figure 2 shows the interlayer interaction field H, (defined as H at 
Pi(#) = 0.5*(pmax-pmin) as a function of the Cu interlayer thickness h. H\ drops very quickly 
below ?j = 20 Ä similar to MR. Above t\ = 50 Ä, H\ approches 0 Oe and does not exceed 0 Oe 
up to ?j = 100 Ä. 

The MR of highly (111) textured films with layer structures identical to (100) films was 
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found to be slightly lower than the (100) films, but exhibited a very similar functional 
dependence on t,. The sample grown directly on SiC>2 showed very small MR (= 0.1%) and 
spin valves grown on randomly oriented polycrystalline Cu seed layer structures identical to 
(100) epitaxial heterostructures did not show spin valve effects. 

These results suggest that the crystallographic texture itself does not dominate spin valve 
effects in the NiFe/Cu/NiFe/FeMn heterostructures, although it can affect exchange bias 
between the FeMn and the top NiFe film. 

2.5 
•    (100)Epitaxia!Rlm 
V    (111 (Textured Rim 

^-  2.0 -     4^ 

re
si

st
an

ce
 

ö
  
  
  

en
 

_ • 

M
ag

ne
to

 
o

 

• 

• 
0.0 

i I          I          I          I 
0       20      40       60       80     100 

Cu Interlayer Thickness, ^ (A) 

Fig. 1. Magnetoresistance as a function of Cu interlayer thickness, deposited at an ion 
beam voltage of 500V and 8X10"4 Torr Ar pressure for the ion source-target-substrate 
angle that inhibits substrate irradiation by high energy neutral species. 
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In ion beam sputtering, energetic neutral bombardment of the growing film surface can be 
controlled by varying the ion beam voltage, Ar gas pressure and the ion source-target-sample 
angle, while this cannot be done easily with DC or RF sputtering ,or MBE. In spin valve 
magnetic multilayers, we found that interface mixing by energetic neutral bombardment of 
growing heterostructures during ion beam sputtering significantly affected the MR. Samples 
deposited with higher ion energies (higher ion beam voltage and lower argon gas pressure) 
had high resistance and low MR. Figure 3 illustrates the variation of the MR and the 
resistance of samples deposited at various ion beam voltages. High energy neutral irradiation 
of growing film surfaces enhanced interface atomic mixing. The films grown with high energy 
neutral irradiation had high resistance and low MR due to interface mixing. 

To minimize interface mixing by high energy bombardment, we located substrates off-axis 
with respect to the high energy neutral flux from the sputtering target. With this configuration, 
the MR was dramatically increased. A doubling of the maximum MR from 1.2 % to 2.45 % 
was observed when the target was oriented so as to suppress bombardment of the growing 
heterostructure by high energy neutrals. To measure the change in interface mixing, small 
angle X-ray diffraction experiments were carried out. We used [20 A Cu/20 A Pd]i5 

multilayer samples deposited under identical sputtering conditions as the NiFe/Cu/NiFe/FeMn 
heterostructures. Diffraction data indicated higher intensity first-order satellite peaks from the 
samples grown at the off-axis position than for those grown under conditions which enhanced 
irradiation (Fig. 4). 
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Fig. 4. Small angle X-ray diffraction data of [20 A Cu/20 Ä Pd]i5 multilayers 
deposited at an ion beam voltage of 500V, 8x10"* Torr Ar gas pressure for the 
substrate position that (a) suppressed irradiation and (b) enhanced irradiation. 

CONCLUSION 

We found that interface mixing by energetic neutral bombardment during deposition 
significantly affected magnetotransport properties of NiFe/Cu/NiFe/FeMn heterostructures 
whereas the interface crystallographic orientation alone did not significantly affect spin valve 
heterostructures. Spin valves with different texture showed similar functional trends with Cu 
interlayer thickness. Polycrystalline heterostructures without strong preferred orientations did 
not show spin valve behavior, possibly due to rough interfaces or small exchange bias fields. 
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GIANT MAGNETORESISTANCE IN HYBRID MAGNETIC NANOSTRUCTURES 
INCLUDING BOTH LAYERS AND CLUSTERS. 
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ABSTRACT 

Early experiments to define oscillations in the CIP magnetoresistance (CIP-MR) of 
Ag/Co analogous to those for tcu < 5nm in Cu/Co were unsuccessful. The MR in this region 
was very small. Later experiments by Araki using thin (0.6nm ) Co layers produced much 
larger MRs and lead us to look at the MRs of similar samples more closely. We conclude that 
the large MR of such samples is associated with the discontinuous nature of the Co layers. 
The object of the present paper is to combine the high MR associated with the thin Co layers 
with the field dependence governed by the magnetization reversal in thick, and magnetically 
soft permalloy (Py) layers. We have measured the CIP-MR of sputtered samples of the 
[Co(0.4nm)/Ag(tAg)/Py(tpy)/Ag(tAg)]xl5 system with tAg ranging from 1.05 to 4nm and with 
tpy = 2 or 4nm. We obtain MRs at 4.2K as large as 35% in less than 1 OOe with slopes as high 
as 5%/Oe. With CPP measurements slopes as high as 10%/Oe have been obtained. Squid 
magnetometer measurements indicate that, as the temperature increases, there is a crossover to 
superparamagnetic behaviour and a resulting gross deterioration of the MR slopes at room 
temperature. Efforts to increase the room temperature sensitivity are described. Detailed 
measurements of the CPP-MR of the [Co(0.4nm)/Ag(4nm)/Py(tpy)/Ag(4nm)]x20 series of 
multilayers are consistent with a two spin band model modified to take account of the 
granular nature of the Co. 

INTRODUCTION 

To define the terms H0, Hp and Hsat we show in Fig. 1 a typical plot of 
magnetoresistance (MR) versus magnetic field for a Ag(l .8nm)/Co(0.4nm) sample. We 
define MR(H) as 

MR(H) = {R(H) -R(Hsat)}/R(Hsat) (1) 
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Figure 1. Magnetoresistance plotted against magnetic field for a [Ag(1.8nm)/Co(0.4nm)]x60 
sample. The + represents the MR(H0) point. Hp and Hsat are defined by this figure. 

MR(H0) and MR(Hp) will be the MRs for H = H0 and H = Hp. In this paper we are 
primarily concerned with standard CIP-MR measurements in which the measuring current is 
in the plane of the layers. However we will look at some CPP-MR measurements with the 
measuring current perpendicular to the planes. 

Early attempts to see the oscillations of MR as a function of t^g, the thickness of the Ag 
layers, analogous to those seen in the Cu/Co system '>2 failed. Most of our work on the 
Ag/Co3 system was then pursued on samples with t^g > 5nm which showed a substantial 
MR. More recently, Araki et al.4 reported a large and oscillating MR in evaporated Ag/Co 
multilayers with very thin Co layers, tQ0 = 0.6nm. This lead us to look more closely at the 
Ag/Co system in the region of very thin Co thicknesses for sputtered systems5. The 
properties of this system lead us to conjecture whether a hybrid (taken to mean a multilayer 
with more than one magnetic component) system making use of the high MR and coercive 
field of the Ag/thin Co system and the low coercive field of the permalloy might lead to a very 
sensitive sensor for magnetic fields. In this paper we give the results of our research on both 
the Ag/thin Co system, the hybrid Ag/thin Co/Ag/Py system6, (Py ~ permalloy, in our case 
Ni84Fei6), and some similar multilayers with Cu substituting for Ag. 

In section 2 we give some of the experimental details followed by our results for the 
Ag/thin Co system, and the hybrid system in sections 3 and 4 respectively. In section 5 we 
briefly mention some of our work on CPP-MR. 
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2. EXPERIMENTAL 

Sample Preparation and Measurement 

Our samples were sputtered onto Si(100) substrates at ~0°C, using argon sputtering 
pressure of 2.5mTorr and deposition rates ~ 0.8nm/s. Further details are given elsewhere7. 
CIP-MR measurements on the Ag/Co samples were made at MSU, at a variety of 
temperatures, using conventional 4-terminal methods, on samples mounted on a probe that 
was inserted into the magnet of a Quantum Designs MPMS magnetometer. The direction of 
the field was always parallel to the current. The M-H measurements were made on the same 
instrument. The CIP-MRs of the hybrids were mostly measured at Orsay, but all the CPP-MR 
and some of the CIP-MR measurements were made at MSU. The design of the CPP-MR 
samples and a description of CPP-MR is given elsewhere7. 

Nuclear magnetic resonance studies on similar samples made at MSU have been 
performed by van Alphen et al.8 in Eindhoven. 

3. RESULTS. Ag/THINCo 

4      6      8     10    12 
Ag thickness (nm) 

14    16 

Figure 2 The CIP-MR plotted against Ag thickness for several Co thicknesses. 
Inset: Results of Araki et al4. 
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In Fig. 2, we show the MR% plotted as a function of t^g for tc0 = 0.4, 0.6, and 1.5nm. 
Araki's results for evaporated samples at 77K are shown in the inset. In both cases two MR 
peaks are observed, but the disagreement in position indicates that the results are strongly 
dependent on the mode of preparation. The salient points are a strong peak at t^g- 1.4nm, 
followed by a minimum and a slow rise to a maximum between t^g =3.5 and 4.5 nm 
depending on the Co thickness. Only MR(Hp) values are plotted in Fig. 2. For all our 
measurements with t^g > 6nm, MR(H0) > MR(Hp). The reverse is true for t AO < 5nm. 

Between 1 and 5nm the MR for Ag(tAg)/Co(0.4nm) is substantially larger than that for 
Cu(tcu)/Co(0.4nm) (Fig.3). For these two systems, the graph indicates that there is a large 
difference between the periods of oscillation with non-magnetic (N) metal thickness, which 
would not be expected if the oscillations rose entirely from the oscillatory exchange 
interaction between the Co layers9. In a previous publication5 we conclude that in the Co/Ag 
system there are two possible processes at work. First, since discontinuities occur in the Co, it 
is possible that the system takes on certain aspects of a granular system. Second, in samples 
with thicker Co layers, substantial ferromagnetic bridging occurs in the Ag/Co system for t^g 
< 5nm. Discontinuities in the Co layers localize the lateral spread of ferromagnetic bridging, 
so that the contribution from layering increases in the thin Co/Ag system. It is difficult to 
rigorously separate these two mechanisms. To support the granular picture we have recently 
measured both the CIP and CPP-MR of the Co(0.4nm)/Ag(1.5nm) sample, corresponding to 
the first peak, and find these to be approximately the same. For a granular effect we expect 
the MR to be isotropic, i.e. the CIP-MR and CPP-MR should be the same10'1', whereas they 
should be significantly different if they are produced by the layer mechanism. 
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Fig. 3. Comparison of the CIP-MR for Cu/Co and Ag/Co samples with the same tCo 
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On the basis of the discontinuous layer picture, one can argue that the first peak arises 
from the exchange interaction associated with layering. It occurs at a larger nominal tAg than 
would be anticipated, because, in a discontinuous layer, tc0 may locally be appreciably greater 
than the nominal value, which implies that the local distance between layers may be 
considerably smaller than the nominal value. 

The system we are studying is 
thus very similar to the Py/Ag 
system (Py=permalloy) investigated 
by Hylton et al.12, but whereas they 
obtained discontinuous layers by 
annealing we produce them by using 
thin layers of Co. 

A concommitant property is that 
the coercive force becomes very 
large as indicated in Fig4(a). The 
high field (-2500 Oe) needed to 
saturate the magnetization of the Co 
clusters reflects the slow alignment 
associated with these discontinuous 
layers. This is one of the essential 
properties we use when we come to 
consider the hybrid structures. Fig. 
4(b) indicates this coercive force has 
disappeared at room temperature. 

Plots  of magnetization  versus 
temperature,   like  those   shown  in 
Fig.5 for a Cu/Co sample, indicate 
the onset of superparamagnetism at 
blocking temperatures (Tb)-IOOK or 
less for the Ag/Co system, and these 
temperatures   correspond   with   the 
disappearance of the high coercive 
fields.   Such behaviour is typical of 
materials  with  magnetic   granules. 
From the frequency dependence of 
the blocking temperature, an estimate 
of the size of the granules can be 
made5.  For a Ag(3.5nm)/Co(0.2nm) 
sample we estimate that the radius of 
a spherical granule is ~ 2nm.   Van 
Alphen et al.8 have performed NMR 
measurements on samples prepared 
in our laboratory.    They found a 
volume contribution to the NMR in 
samples with tCo <lnm for which no 
volume contribution would be expected. 
Their conclusion was that the growth of 
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Figure 4. Hysteresis curves for several 
Ag/Co samples 
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sputtered Ag/Co multilayers starts with a three dimensional island growth of Co. For tc0 > 
~lnm continuous Co layers are formed. For tc0 < lnm the layers are discontinuous and the 
large MR is associated with this discontinuous nature. 

4. RESULTS. HYBRID SYSTEMS. 

In these systems we seek to combine the advantages of discontinuous Co layers with a 
large coercive force with thick Py layers with high permeability and low coercivity. Data for 
the CIP-MR have already been published6'13. We will therefore concentrate on more recent 
results on CPP-MR. 

(Co4Ä/Ag40Ä/NiFe 100Ä/Ag40Ä)x20 
60,  . .—i . , , , —,60 

-4-2      0        2        4 
H(kOe) 

0 20 
H(0e) 

Figure 6. (a) Variation of AR (A=sample area) with H. (b) is the central part of (a) magnified. 

In Fig.6 we show AR, the cross-sectional area of the sample times its CPP resistance 
measured at 4.2K versus the applied field. This can be understood in terms of Fig. 7 which 
gives the magnetization of a sample, and a schematic representation of the magnetization of 
the Co and the Py layers. The Co and Py plots indicate the large difference in coercive fields 
for these layers. The dark arrows indicate the directions of the magnetizations in the Co and 
Py layers. Initially we start from the high positive field situation. Decreasing the field results 
in a sharp decrease in magnetization of the sample in the vicinity of the Py coercive field. At 
that stage the magnetizations of Co and Py layers are antiparallel which is the condition for 
the high resistance observed in Fig.6(a). Thereafter the magnetization of the Co layers slowly 
reverses resulting in a decrease in resistance until the magnetizations become parallel again at 
high negative magnetic fields. The MR of this sample is -62%, but more importantly almost 
all the change in resistance occurs in a field of less than lOOe, as shown in Fig. 6(b). This 
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Figure 7. Schematic representation of the magnetizations associated with a hybrid 
sample. Darkened arrows represent the directions of the Py (NiFe) and Co layers. 

corresponds to a sensitivity of ~10MR%/Oe. One reason for the large effects at low fields is 
that the volume of Co is so small that the dipolar field, which it produces, has very little effect 
on the coercive properties of the Py. Measurements of the coupling field have been made 
through the study of minor hysteresis loops13. Coupling fields as low as 4 Oe have been 
measured for a sample with tAg = tpy = 4nm, and tQ0 = 0.4nm. The Py is very effectively 
decoupled from the hard Co layers, and consequently retains its low coercive force. 

The properties of these hybrid systems are well suited for application as a read head for 
extracting information from magnetic media. Unfortunately, the sensitivity decreases 
dramatically in going to room temperature. The reason is linked to the reduction of the Co 
coercive field as the temperature increases from 4.2K (Fig.4(a)) to 300K (Fig. 4(b)). 

The critical quantity as far as the size of the blocking temperature is concerned is the 
product kV where k is the anisotropy energy per unit volume and V is the volume of the 
granule. To obtain higher blocking temperatures and hence extend the temperature range of 
high sensitivity, one might try to increase the volume of the granules or increase the 
anisotropy. We have performed preliminary experiments in both these directions. 

The blocking temperature (Tb) graph in Fig.5 is for a sample with Cu rather than Ag as 
the N metal. This graph shows that granules also exist in the Cu/Co system. Generally 
speaking higher Tys are observed for Cu/Co, which implies that larger magnetic granules 
exist in this system. In Fig.8 we show the variation of Tb as a function of tCo for the Ag/Co 
and Cu/Co systems. Whereas Tb saturates at -100K for the Ag based hybrids, for the Cu 
based hybrids, it continues to rise as tc0 increases until Tb becomes close to 300K for tCo ~ 
1.6nm. In Fig. 9 we show the sensitivity S, defined with units MR%/Oersted, and MR% as a 
function of tCo for both hybrids of the form [Co(tco)/N(4nm)/Py(4nm)/N(4nm)]xl0 at 4.2 
and 300K respectively. At both temperatures, S for the Ag hybrid peaks at tc0~°-8nrn> but il 

is an order of magnitude smaller at 300K. At 300K the MR for the Cu based hybrid ]s 
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considerably larger than that for the Ag hybrid, but S is only nominally larger, despite the 
larger value of Tb. 

We remark here that the large difference in coercive fields of the thin Co and the thicker 
Py layers makes this system an excellent one for studying the dependence of MR on the angle 
between magnetizations of the two magnetic layers. This has been treated elsewhere13. 

5.TWO SPIN CHANNEL MODEL 

The theory of the CPP magnetoresistance has been well established14 for multilayers in 
which there is only one magnetic metal, and for which the spin diffusion length is much larger 
than the bilayer thickness. It has been used in the analysis of CPP measurements on several 
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Figure 10. (a) AR=sample area x resistance plotted against tc0 for the series 
[(Co(0.4nm)/Ag(4nm)/ Py(tpy)/Ag(4nm)]x20.     The lines are the calculated values 

assuming granule thicknesses indicated, (b) A similar plot of AAR = AR(Hp)-AR(Hs) vs tCo. 
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systems15 to determine, the important parameters <xF = ppj/ppf and the analogous aF/N = 

R-F/N4/R-F/NT which describe the spin dependent scattering in the bulk F-resistivity and in the 
F/N interface resistance respectively. 

For a hybrid system it is much more difficult to extract these parameters, and it is more 
satisfactory to calculate the resistance for a model system and compare it with the 
experimental results. Besides earlier CPP-MR measurements we have performed on the 
[Co/Cu/Py/Cu] system with thicker Co layers16 , we have also studied the 
[Co(0.4nm)/Ag(4nm)/Py(tpy)/Ag(4nm)]x20 series (Fig. 10). 

In the model we adopt, we assume that the long spin diffusion length limit is appropriate 
as has been demonstrated for the Ag/Co system17. We consider two channels of spin up and 
spin down electrons. We add the resistances of N and F metals, and of the N/F interfaces in 
series for each channel. We then add the resistances of the two channels in parallel. We have 
assumed the ac0 value derived from measurements on the Ag/Co and Cu/Co systems. Since 
we have not performed detailed measurements on the Ag/Py system we have had to assume 
that PvAg/Py ~ R-Cu/Py which we know from measurements on the Cu/Py system. To take 
into account the granular nature of the Co we imagine the Co layer to be made up of clumps 
of thickness fand make an appropriate correction to the layer area to keep the total volume of 
Co constant. In Fig. 10(a) we show AR(HS), the measured CPP resistance times A, the 
sample area, vs tpv for the parallel configuration when H > the saturation field, and AR(Hp) 
for the true antiparallel configuration occurring immediately after the Py has flipped its 
magnetization (Fig.7). The lines represent the values calculated, as indicated above, for 
several assumed values of clump thickness. In Fig. 10(b) we plot the difference of the ARs for 
the two configurations, which tends to reduce systematic errors common to both F and AF 
configurations. There is a considerable amount of scatter which seems to be typical of data 
for multilayers containing-Py. However the data fit the general form of the predicted values 
and in particular there is good correspondence for a clump thickness ~ 6nm. 

6. CONCLUSIONS 

Decreasing the thickness of the Co layer in Ag/Co multilayers has a dramatic effect on 
the magnitude of the Magnetoresistance. This is ascribed to the localization of the effects of 
ferromagnetic bridging between the Co layers due to discontinuities in the Co layer, and to the 
formation of Co granules. At low temperatures the thin Co samples have high coercive fields 
which can be used to give a very sensitive dependence of resistance on magnetic field in 
hybrid systems containing permalloy with its low coercive field. The hybrid systems are also 
ideal for studying the relationship between MR and the angle between the magnetization of 
consecutive ferromagnetic layers. Unfortunately, the high sensitivities do not extend to room 
temperature. This is because the high coercive field of the Co layers is lost when at the 
blocking temperature, T], the system becomes superparamagnetic and the coercive field 
becomes very small. Efforts have been made to raise TD by varying the Co thickness in an 
effort to increase the size of the granules. This has not proved useful as far as the Ag based 
hybrids are concerned, but T{, for the Cu based hybrid has been increased to ~ 300K. 
However the best sensitivity at 300K is still limited to ~ 0.5MR%/Oersted. 
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A series of CPP measurements is consistent with a model in which the Co layers 
nominally 0.4nm thick, consist of Co clumps ~0.6nm thick. 
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COLOSSAL MAGNETORESISTANCE IN THICK La0.7Ca0.3MnO3 FILMS 

RANDOLPH E. TREECE.t P. DORSEY, M. RUBINSTEIN, J. M. BYERS, J. S. HORWITZ, 
E. DONOVAN, AND D. B. CHRISEY 
Naval Research Laboratory, Washington, DC 20375. 

ABSTRACT 

Thick films (0.6 and 2.0 |im) of the colossal magnetoresistance (CMR) material, 
Lao.7Cao.3Mn03 (LCMO), have been grown by pulsed laser deposition (PLD). The films were 
grown from single-phase LCMO targets in 100 mTorr O2 pressures and the material deposited on 
(100) LaA103 substrates at deposition temperatures of 800°C. The deposited films were 
characterized by X-ray diffraction (XRD), magnetic field-dependent resistivity, and Rutherford 
backscattering spectroscopy (RBS). The LCMO films were shown by XRD to adopt an 
orthorhombic structure. Brief post-deposition annealing led to -50,000% and -12,000% MR 
effect in the 0.6 um and 2.0 pm films, respectively. 

INTRODUCTION 

The magnetoresistive (MR) properties of the substituted lanthanum manganates 
(La3+)x(M2+)i-xMn03, where M2+=alkaline earth metal, recently have been rediscovered and 
greatly magnified by the deposition of these compounds in thin film form. The magnetoresistance 
ratio is defined as AR/RH = (Rff - Ro)'RH»where RH is the resistance in an applied magnetic field 
and Ro is the resistance in zero field. Thin films (1000 Ä<thickness<5000 Ä) of (La,M)Mn03 
were coined as giantmagnetoresistive (GMR) when MR values as high as 150 % were observed in 
as-deposited materials.1-2 When epitaxial thin films (thickness=1000 Ä) of these materials were 
briefly annealed at high temperatures, the MR values exceeded 100,000 % and led to the term 
colossal magnetoresistance (CMR).3-4 

The observation of an increase in magnetoresistance ratios by several orders of magnitude 
in the epitaxial thin films led researchers to consider what differences in the films could have led to 
such large increases in MR. The -1000 Ä films that displayed ~102 MR were deposited as 
polycrystalline with a non-cubic structure type and were not annealed after deposition1-2 while the 
films displaying >105 MR were grown as epitaxial, cubic materials and were annealed after 
deposition.3-4-5 The fact that the CMR films grew as cubic, epitaxial films led investigators to 
propose that strain in the films could be key to observations of large magnetoresistance. In order 
to determine if epitaxial growth was required for >102 MR effect, we sought to investigate 
oriented, thick films. In short, we describe here that we have found >ldfi MR effect in thick, non- 
cubic, oriented thin films of Lao.7Cao.3Mn03 (LCMO). 

EXPERIMENTAL PROCEDURE 

The LCMO films were grown by pulsed laser deposition (PLD) in a high vacuum chamber 
equipped with a turbomolecular and a cryopump. A pulsed KrF excimer laser beam (248 nm, 30 
ns FWHM) operating at 10 Hz was focused with a 50 cm focal length lens at 45° onto a dithering 
and rotating (30 RPM) LCMO target prepared from the metal oxides using conventional ceramic 
techniques. The ambient O2 input pressure was regulated to a dynamic equilibrium (-10 seem) by 
a solenoid-activated leak valve controlled by a capacitance manometer with the chamber under 
gated or throttled pumping. The substrates were washed with ethanol, attached to the substrate 
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heater with silver paste and maintained ~6 cm from the target. The laser fluence was 1-2 J/cm2. 
The film compositions and thicknesses were determined by Rutherford Backscattering 
Spectroscopy (RBS) with 6 MeV He2+. X-Ray diffraction patterns were collected using a rotating 
anode source and a conventional 0-29 geometry and indexed using a least squares fit of the data. 
The rocking curve widths, T (FWHM), for a particular reflection was measured by fixing 26 at the 
peak maximum and scanning through 8. The resistivities were measured by four-point method in 
a superconducting magnet where the temperature (T) and applied field (H) could be controlled. 

RESULTS AND DISCUSSION 

Structural characterization 

LCMO films were grown by PLD on (100) LaA103 at substrate deposition temperatures of 
800°C and O2 pressures of 100 mTorr. The composition of the deposited films was found to be 
Lao.7Cao.3MnC>3 and thicknesses were determined to be 0.6 (Xm and 2.0 \im. The structure and 
magnetoresistive properties of the LCMO films were characterized before and after annealing in air. 
The structures of the LCMO films were determined using XRD. Representative XRD patterns of 
the 2.0 |im films before and after annealing are shown in Figure 1. The as-deposited films and the 
annealed films, with the annealing times andtemperatures, are indicated in the figure along with the 
Miller indices. 
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Figure 1. Representative XRD patterns of the 2.0 pm as-deposited and annealed films, 
with the annealing times and temperatures indicated along with the Miller indices. 
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The as-deposited and 0.5 hr annealed films were indexed as orthorhombic, isostructural with 
LaMnC>3.6 The films annealed for 2 and 48 hrs were indexed as perovskite (cubic). The as- 
deposited films were highly oriented with crystallites growing in one of two orientations. The 
(220) and (004) peaks had rocking curve widths of T=0.15° (FWHM) and T=0.42° (FWHM), 
respectively. This is consistent with crystallites growing with either c-axis perpendicular or c-axis 
parallel to the substrate surface. 

Annealing had two primary effects on the structures of the deposited LCMO films. The 
first effect is that the LCMO material underwent a structural transition from orthorhombic to cubic 
symmetry. This transition is evident from the disappearance of the (110) and (220) reflections. 
The annealed films retained a strong (001) orientation. The rocking curve width of the (004) peak 
for the film annealed to 900°C for 48 hrs was r=0.56" (FWHM). The second effect is that the c- 
axis expanded from 7.784 Ä in the as-deposited film to 8.113 Ä in the 48 hr annealed film. 

Structural phase transitions in ceramic samples of (La3+,M2+)Mn03 materials have been 
documented previously.7 Since LaMnC>3 is orthorhombic and CaMnC>3 is cubic, the solid solution 
undergoes a orthorhombic-to-cubic phase transition as Ca2+ is substituted for La3+ in 
LaxCai.xMn03. The primary effect of substituting the Ca2+ for the La3+ is to oxidize Mn3+ to 
Mn4+ resulting in a mixed valence (Mn3+/Mn4+) material. However, the calcium content is not the 
only factor determining the oxidation state of the Mn ions. It has been shown that based on the 
annealing conditions, the Mn3+/Mn4+ ratio can be manipulated tremendously. For instance, in 
LaMn03 all of the manganese should be in the Mn3+ oxidation state, but when annealed in pure O2 
for short times the Mn3* can be oxidized to up to 35% Mn4*.7 The structural phase, orthorhombic 
or cubic, has been shown to depend soley on Mn^/Mn4* ratio, as represented in Figure 2.7 This 
figure, compiled from data tabulated in Ref. 7, plots lattice parameters versus %Mn4+. The 
orthorhombic-to-cubic phase transition in LaxCai-xMn03 occurs at a Mn4+ content =27%. Since 
the metal ratios in our samples do not change from Lao.7Cao.3Mn03 on annealing, the likely reason 
our films go from orthorhombic to cubic is due to oxidation of some of the Mn3+ to Mn4* so that 
the total Mn4+ content of the films exceeds 27%. 

Magnetoresistive characterization 

The MR properties of the LCMO films were characterized before and after annealing. A 
data set for a 2.0 um film annealed at 900°C for 0.5 hr is presented in Figure 3. The MR ratio 
(ARIRH %) is plotted against applied field (Oe) for runs at different sample temperatures. The 
peak MR for this 2.0 p.m film was -12,000 % at a temperature of 100 K. The sharpness of the 
peak in ARIRH % is shown by the drop in MR by an order of magnitude with the application of 
just 10,000 Oe (1 Tesla). Assuming that the shape of the %MR versus field peak is symmetric 
about the AR/R axis, the full width at half maximum (FWHM) of the peak measured at 100 K 
would be 4,000 Oe. The figure of merit for magnetoresistive materials is %MR/Oe (FWHM). For 
the 2.0 urn material, this value is 3.0 % MR/Oe (=11,200 %/4,000 Oe) The maximum MR value 
observed for the 0.6 |im film was 50,000 % measured at 77 K. While the maximum MR value 
was -4 times larger for the thinner film, the width of the MR peak also was larger. The %MR/Oe 
value for the 0.6 ytm film was found to be 1.7. 

Plots of the maximum MR ratios versus measurement temperature for LCMO films 
annealed under different conditions are presented in Figure 4, where the inset shows the full peak 
of the CMR material. The peak in the MR ratio versus temperature data for each film is indicated 
with an arrow. The MR ratio maxima were at 30 K, 100 K, 150 K and 200 K for the films as- 
deposited and annealed at 900"C for 0.5 hr, 2 hrs and 48 hrs, respectively. The movement of the 
peak in MR ratio maxima follows the movement of the maximum in resistance versus temperature 
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Figure 2. Plot of lattice parameters versus %Mn4+ in LaxCai.xMn03. The orthorhombic-to- 
cubic phase transition occurs at a Mn4+ content =27%. 
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Figure 4. The maximum MR ratios versus measurement temperature for LCMO films 
annealed in air at 900 °C for different duration's. 

(R(T)) and has been observed in other CMR systems. When MR ratios >104 % are observed, the 
peak in the R(T) curve occurs at temperatures well below the Curie temperature of the bulk 
ceramic. Likewise, when the peak in the R(T) curve is close to the Curie temperature, MR ratios 
are < 103 %. 

The effect of thickness on MR properties is not clearly understood, but the films described 
here add more information. Figure 5 plots the log MR % versus sample thickness for the present 
materials, as well as, some films and bulk samples described in the literature. The MR decreases 
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Figure 5. Plot of the log MR % versus sample thickness for the present materials (b), as well as, 
some films (a [Ref. 3], c [Ref. 1]) and bulk samples (d [Ref. 4]) described in the literature. 
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as thickness increases, but the reduction in MR is less than an order of magnitude for a film 20x 
thicker than the epitaxial one shown in the figure. The thin polycrystalline film has an MR value 
similar to that of the bulk (thickness is plotted as < 4 um for comparison purposes only). 

CONCLUSIONS 

This paper described the growth and characterization of films of Lao.7Cao.3Mn03. A 0.6 
Um film grown at 650 °C and annealed at 900 °C for three hours displayed - 50,000% MR effect, 
while a 2.0 urn film grown at 800 "C and annealed at 900 °C for 0.5 hours showed -12,000 % 
MR effect. The films displayed >104 MR effect and were shown to be thick (> 5000 A), highly 
oriented (but not epitaxial), and orthorhombic (not cubic). This is in contrast to the films 
previously described in the literature that displayed CMR (> 102 MR effect). The early CMR films 
were thin (-1000 Ä), epitaxial and cubic. The present results suggest that thin, epitaxial materials 
are not a prerequisite to CMR. 
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ABSTRACT 

Epitaxial NdojSnuMnCb.« and Lao.67Bao.33Mn03-s thin films with large magnetoresistance ratios 
have been prepared by pulsed laser deposition. Huge negative magnetoresistance ratios of-AR/RH 

> lxlO6 % were obtained at 60 K and a magnetic field of 8 T in a Ndo.7Sr0.3Mn03-5 film. The 
influence of sample preparation conditions on the resistivity behavior of these films has been 
studied. Results suggest that oxygen stoichiometry and diffusion are important factors in causing 
the behavior observed in doped manganese oxide films. 

INTRODUCTION 

Recently, a large negative magnetoresistance (MR) effect was reported in doped manganese 
oxide, (Re,B)Mn03 thin films, where Re is a trivalent rare earth element such as La, Nd and Pr 
and B represents a divalent element such as Sr, Ba, Ca and Pb.1"6 The largest reported values of 
magnetoresistance ratio, -AR/RH in the doped manganese oxide films are obtained in Nd-Sr-Mn-0 
film (>106 % at 60 K and 8 T)6 and La-Ca-Mn-0 film (>105 % at 70 K and 6 T)3'4. The La-Ba- 
Mn-0 thin films gave a - AR/RH value of -150 % at room temperature.1 

From technological point of view, it is desired to prepare films with large GMR. It is also 
necessary to know the effects of heat-treatments in obtaining large GMR. In this paper, we report 
the influence of film preparation on the properties of epitaxial Ndo.7Sro.3MnOz (NSMO) and 
Lao.67Bao.33Mn03.6 (LBMO) thin films. Huge negative magnetoresistance changes of -AR/RH > 
lxlO6 % were obtained at 60 K and a magnetic field of 8 T in a Ndo.7Sr0.3Mn03^ film. 

EXPERIMENT 

Doped manganese oxide films with thickness of 200-300 nm were grown on (100) LaA103 

single crystal substrates by pulsed laser deposition. Ceramic targets with nominal composition of 
Ndo.7Sro.3Mn03 and Lao.67Bao.33Mn03 was prepared by standard solid state reaction from metallic 
oxides and carbonates at 1300°C to 1450°C. During the deposiion a 200-300 mTorr N20 
atmosphere was used. The as-grown films were directly cooled down to room temperature in 400 
Torr oxygen after deposition. Fig. 1 shows (a) X-ray diffraction patterns of <j> scan for the (112) 
peak of a NSMO film and (b) Rutherford random backscattering and ion channeling spectra (3 
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MeV He+ ) for an as-grown NSMO film. The results of X-ray diffraction and ion channeling 
indicated a perfect epitaxial crystalline structure. 

A standard four-probe method was used to measure the dc resistivity of the samples. The 
magnetoresistance measurements were performed in a superconducting magnet with the applied 
magnetic field parallel to the film surface and the current direction. 

Mapnetoresistivtv Behavior of NSMO and LBMO Films 

The magnetoresistance ratio is defined here as -AR/RH = -(RH-RO)/RH, where R« is the 
resistance in an applied magnetic field of H and Ro is the resistance at zero field. Fig. 2 shows 
temperature dependencies of resistivity with and without magnetic field for (a) an as-grown 
NSMO film and (b) a post-annealed LBMO film. Under our deposition conditions the films show 

resistivity maxima, PMAX, at a peak temperature, Tp. Below the peak temperatures, the resistivity 
of the as-grown films exhibits dR/dT > 0, a metallic temperature dependence behavior. 

As can be seen in Fig. 2, the resistivity maximum of the LBMO film (PMAX = 1.46 D-cm at 
100 K) is much lower than that of the NSMO film (PMAX = 16.6 Qcm at 110 K). In an applied 
magnetic field the resistivity is repressed. Below the peak temperature large negative MR effect 
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Fig.     2    Resistivity 
versus 
temperature for 
(a) an as-grown 
NSMO film in 
zero field and a 
magnetic field of 
5 T and (b) a 
post-anealed 
LBMO film in 
zero field and 
magnetic field of 
8T. 
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was observed in these doped manganese oxide thin films. In a magnetic field of 5 T a maximum 
MR ratio of 3230 % was observed at 95 K for this as-grown NSMO film. A maximum MR ratio 
of 9100 % was observed at 85 K for this LBMO film in a magnetic field of 8 T. 

Influence of Substrate Temperature 

The temperature dependence of the resistivity for four as-grown NSMO thin films is shown in 
Fig. 3 (a). These films were deposited at 615, 710, 730 and 815 °C respectively. It is clear that the 
film deposited at 615 °C had the lowest resistivity maximum of PMAX = 3.5 Qcm at a highest peak 
temperature of TP ~ 175 K. By increasing the deposition temperature, the peak temperature shifts 

to a lower temperature and PMAX increases. The film deposited at 815 °C had a highest PMAX = 
61.2 Qcm at TP = 95 K. In an applied magnetic field, large MR ratios were observed in the as- 
grown films. In a magnetic field of 8 T for the film deposited at 815 K the giant 
magnetoresistance ratio of -AR/RH=8 T is over 7000 % at 60 K and for the film deposited at 615 K 

the -AR/RH-8 T is about 3 500 % at 165 K. 
The influence of increasing the deposition temperature on the resistivity behavior of epitaxial 

LBMO films is similar to that observed in NSMO films except that the resistivity of epitaxial 
LBMO films is lower. Fig. 3 (b) shows the resistivity versus temperature of three as-grown 
LBMO thin films, which were deposited at 640 °C, 700°C and 760 °C. The PMAX and the TP were 
0.013 fi-cm at 320 K, 0.22 Qcm at 170 K and 1.97 Qcm at 70 K, respectively. A large MR ratio 
of 6500 % is observed at -50 K for the film deposited at 760 °C in a magnetic field of 8 T. 
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Annealing Effect 

The temperature dependence of the resistivity for the NSMO film deposited at 815 °C before 
and after several annealing steps are shown in Fig. 4. The heat-treatment process is annealing in 
02 atmosphere at 900 °C for 1 hr and subsequent annealing for 2 hr and 3 hr. The actual annealing 
times were 1, 3 and 6 hours respectively. The annealing treatment lowers the resistivity maximum 
from PMAX = 61.2 D-cm (before annealing) to PMAX =2.42 Q-cm (after an one hour annealing) and 
then to PMAX =0.526 fi-cm (after a three hour annealing) and finally to PMAX =0.386 Q-cm (after a 
six hour annealing). After heat treatments the TP was raised from about 95 K (before annealing) 
to about 195 K (after 3 and 6 hr annealing). It can be seen that with increasing annealing time the 
increase of TP seems to saturate to about 195 K. 
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A significant change of the resistivity below the Tp can also be observed, for example from 
13.0 ficm at 35 K (before annealing) to about 0.004 fi-cm at 130K (after a three hour 
annealing). After annealing the resistivity in low temperature region dropped more quickly than 
before. 

Large Giant Maenetoresistance Ratio 

Since the resistivity properties of the doped manganese oxide films were influenced by the 
substrate temperature and the annealing procedure, the MR ratios were affected by the sample 
preparation also. If a suitable-annealing procedure can only reduce the RH and keep the Ro still at 
a high value, a large MR ratio will be expected. Normally, a heat treatment can effectively reduce 
the resistivity in the temperature range below Tp as well as RH. At the beginning of a heat 
treatment, the RH is reduced first. Therefore, the MR ratio would probably increase after a short- 
time annealing. However, prolonged annealing will cause the Ro to decrease substantially as 
shown  in  Fig. 4   and hence the MR ratio decreases.   From our results, a film with good 
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crystalline structure and high resistivity maximum is needed to have a large MR ratio. It appears 
that a way to get large magnetoresistance is to prepare films with perfect structure and proper 
composition by adjusting the deposition temperature with or without a heat-treatment. 

The largest MR ratio we obtained was in a NSMO film after annealing at 900 °C for 30 
minutes. Fig. 5 (a) shows the resistivity versus temperature for this film, in which the -AR/RH 

excesses 106 % at 60 K and in a magnetic field of 8 T. The R/RH=8 T versus temperature at 60 K is 
shown in Fig. 5 (b) for this film. 

DISCUSSION 

Two processes, deposition at a high temperature and annealing at a high temperature have 
opposite influences on the resistivity behavior of NSMO and LBMO films. A higher deposition 
temperature under a fixed gas pressure results in a larger resistivity maximum at a lower Tp. 
Annealing at 900 °C in oxygen atmosphere reduces the resistivity maximum and moves the TP to a 
higher temperature. The opposite effects can hardly be explained by film-substrate chemical 
reactions, lose of cation elements or structure variation, as in such cases a similar effect was 
expected for the two processes. 

The opposite effects of sample preparation on the resistivity behavior of the NSMO and 
LBMO thin films can possibly be understood by considering the variation of the oxygen content 
during deposition and subsequent heat-treatment. It was proposed that in doped (La,A)-Mn-0 
(A=Ba, Ca, Sr) compounds the mixed Mn37Mn4* valence gives rise to both, ferromagnetism and 
metallic behavior.7,8 The mixed Mn37Mn4+ ratio can be changed by changing the doping level and 
by varying the oxygen content. Due to the thermodynamics, during the deposition a high 
deposition temperature under our deposition pressure may result in more oxygen deficiency. An 
annealing process can refill oxygen into oxygen-deficient films. The effect of oxygen deficiency on 
MR behavior has also been observed in La-Ba-Mn-0 bulk samples,9 which is similar to that of 
increasing the deposition temperature in the film preparation. 

In addition to the oxygen content, the heat treatment can affect the defect and vacancy motion 
and recombination which can also have an effect on the resistivity and the GMR ratio. A small 
composition change during the depositon also can not be totally ruled out, especially at high 
deposition temperature. In our experiments, after a long-time annealing the TP of the films 
saturated to slightly different values, which implies that the microstructure, defect density or 
composition of the films may be slightly different in different films. 

CONCLUSION 

Epitaxial Ndo.7Sro.3Mn03-5 and Lao.67Bao.33Mn03.s thin films with large magnetoresistance ratios 
have been prepared by pulsed laser deposition. Huge negative magnetoresistance changes of - 
AR/RH> lxl06% were obtained at 60 K and a magnetic field of 8 T in a Ndo.7Sro.3Mn03^ film. 
Ndo.7Sr0.3Mn03^ and La.67Ba.33Mn03.6 thin films show a maximum in resistivity as a function of 
temperature. Two processes, deposition at a high temperature and annealing at a high temperature 
have opposite effects on the resistivity behavior. Higher substrate temperature results in a larger 
resistivity maximum at a lower temperature. However, annealing in oxygen atmosphere reduces 
the magnitude of the resistivity maximum and moves it to a higher temperature. Our results 
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suggest that oxygen stoichiometry and diffusion are important factors in causing the behavior 
observed in doped manganese oxide films. 
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ABSTRACT 

We have calculated the electronic structure, total energy, magnetic moments and electri- 
cal resistivities of LaMn03 and La.67Ca.33Mn03 using mean field band theory. The magnetic 
and structural properties seem to be in good agreement with experiment. The calculations 
predict that La^Ca^MnOs is metallic for the majority spins and semiconducting for the 
minority spins. 

Introduction 

The recent observations^, 2, 3] of a very large negative magnetoresistance effect in per- 
ovskite compounds of composition Laj-xAxMnOs where A is an alkaline earth element have 
elicited considerable interest because of possible magnetic sensor applications and because 
of their possible similarity to materials which show giant magnetoresistance (GMR). In con- 
trast to GMR materials which have a large magnetoresistance because of their inhomogeneous 
structure, the magnetoresistance of these manganite materials seems to be a property of the 
homogeneous, bulk material and to be associated with a ferromagnetic phase transition. The 
details of the transport and magnetic properties, however, vary dramatically from sample 
to sample and depend on the oxygen content and annealing history of the sample. Recently 
Hundley et al[3] have observed that the resistivities of their samples are a simple exponential 
function of the magnetization. 

In this paper we present calculations of the mean field electronic structure of La 67Ca.33Mn03 
and LaMn03. The calculations are performed within the local spin density approximation to 
density functional theory implemented using the Layer Korringa Kohn Rostoker technique[4]. 
The atomic potentials were assumed to be spherically symmetric about each nucleus. Space 
filling spheres were used with the radii chosen proportional to the ionic radii. The coherent 
potential approximation[5] was used to treat the disorder associated with the calcium substi- 
tution for the lanthanum. We also report on some preliminary calculations of the electrical 
resistivity arising from the substitutional disorder. 

Electronic Structure of LaMn03 

The calculated density of states of nonmagnetic LaMn03 in the cubic perovskite structure 
is shown in Figure 1. The primary features in the density of states are a large complex 
of oxygen-p states centered near 0.2 Hartree, and a large peak consisting of manganese-d 
states with a cusp that lies exactly at the Fermi energy. These manganese-«/ states have an 
admixture of oxygen-p. The lanthanum-/ states lie about 2 eV above Ep. 

Because of the large number of manganese-J states at the Fermi energy, it is not sur- 
prising that this electronic structure is unstable against spin polarization. We find that the 
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Figure 1: Calculated density of states for non-magnetic LaMnOß. 

ferromagnetic phase and the anti-ferromagnetic (layered A-type using the nomenclature of 
[6]) phases are lower in energy than the non-magnetic phase by 50 and 43 mHartrees respec- 
tively. Figure 2 shows the calculated density of states for the ferromagnetic phase of the 
cubic perovskite structure. For clarity we have omitted the lanthanum / states which still 
lie 2 eV above the Fermi Energy. The interesting feature of this density of states is that the 
states at the Fermi energy consist entirely of hybridized manganese-tf and oxygen-p of major- 
ity spin only. Thus ferromagnetic LaMn03 in the cubic perovskite phase is predicted to be 
a ferromagnetic "half-metal". It is metallic for the majority spins and semi-conducting for 
the minority spins. The spin polarization of the hybridized manganese-tf oxygen-p complex 
is sufficient to move the minority bands above the Fermi energy. There is a much smaller 
but still perceptible spin polarization of the oxygen-p complex centered near 0.2 Ha. The 
calculated magnetic moment is 3.9/JB per manganese atom. 

It is known that the stable phase of LaMnC>3 is not the cubic one, but the Pnma 
structure^] obtained by rotating and distorting the oxygen octahedra. Pickett and Singh[8] 
have shown that the local spin density approximation correctly yields an anti-ferromagnetic 
insulator as the ground state when this distortion of the structure is included. 

Electronic Structure of La.67Ca.33Mn03 

Most of the recent interest in these materials has centered on the the compounds which 
are alloyed with alkaline earth elements. It is these that show the extraordinary magnetore- 
sistance'. In order to investigate these materials we used the coherent potential approximation 
to treat the disorder associated with calcium substituting for lanthanum. Figure 3 shows the 
calculated electronic structure of ferromagnetic La.67Ca.33Mn03. Our calculations correctly 
predicted that the ferromagnetic phase is stable with respect to the anti-ferromagnetic phase. 
The calculated energy difference was 6 mHa per formula unit. Our calculated moment per 
manganese atom was 3.31/iß, in good agreement with the experimental value of 3.4[6]. 

The major changes in the density of states from Figure 2 are that the Fermi energy has 
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Figure 2:  Calculated density of states for ferromagnetic LaMn03.  The lanthanum states 

have been omitted for clarity. 
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moved lower relative to the sharp peak in the density of states associated with the majority 
spin manganese-d states and that calcium states of both minority and majority spins are 
found at the Fermi energy. Although the oxygen states have been omitted for clarity they 
still hybridize strongly with the manganese-«* states. There is also a larger region of little or 
no manganese majority electron density just above Ej?. 

The smooth and featureless form of the calcium density of states indicates that these 
states are highly localized and that La.67Caj3Mn03 should behave as a half metal. Calcula- 
tions of the electrical resistivity due to substitutions] disorder at zero K yielded 6/ificm for 
the majority spin channel and essentially an essentially infinite resistivity for the minority 
spin channel. We also investigated the contributions to the conductivity through evaluation 
of the Kubo formula and found that the current was associated with the manganese and 
oxygen atoms. 

Conclusions 

Mean field electronic structure theory gives a surprisingly good description of the struc- 
tural and magnetic properties of the Lai_xA*Mn03 compounds. Their spectacular mag- 
netotransport properties remain somewhat mysterious. We speculate, however, that they 
will eventually be understood in terms of the half-metallic band structure predicted by 
electronic structure calculations. The resistivity calculations described here only included 
substitutional disorder. It is likely, if indeed these systems are half-metals, that spin-disorder 
will give a much larger contribution to the electrical resistivity. The large variation in the 
transport and magnetotransport properties from sample to sample leads one to believe that 
these materials may not be completely homogeneous magnetically and that they may be 
similar to the GMR materials after all. 

We speculate that the rise in electrical resistivity below the critical temperature may be 
explained in terms of spin disorder scattering which should be extremely large in a half- 
metal. The activated transport at high temperatures might arise from anti-ferromagnetic 
short-range order above the Curie temperature. 
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ABSTRACT 

A practical atom specific surface magnetometry can be based on the measure of magnetic 
dichroism in the angular distribution of core photoelectrons using linearly polarized syn- 
chrotron radiation. The magnetic dichroism effect on the photoemission intensity of 3p core 
levels of the ferromagnetic transition elements is as large as 46% in the case of Fe(100). The 
most efficient scheme for measuring the magnetic dichroism in photoemission requires two 
mirror experiments in chiral geometry, i.e. only two times more experiments than standard 
core level photoemission for surface chemical analysis. We describe the dichroism magne- 
tometry and show examples for Fe, Co, Ni and Cr surfaces and interfaces, including the 
measurement of the temperature dependence of the Fe(100) surface magnetization and of 
the effect of S-segregation on the surface magnetic moment of iron. 

INTRODUCTION 

The understanding of the magnetic properties of surfaces and low dimensional solids 
requires accurate measurements of all the structural, chemical, and magnetic parameters of 
the surface atoms. 

The field of surface magnetism has been opened when the measurement of the magnetiza- 
tion of surface and near-surface atoms became practical by the application of spin-polarimetry 
to the photoelectrons and secondary electrons ejected from surfaces.1 The measure of spin 
polarization (SP) of secondaries is intrinsically surface sensitive due to the short escape depth 
for low energy photoelectrons in ferromagnets, and can be understood semi-quantitatively, 
but gives an average magnetization values, i.e. does not resolve contributions from individual 
atomic species constituting the magnetic surface. On the other hand the basic surface science 
spectroscopies, Auger electron spectroscopy and photoelectron spectroscopy, which allow a 
full chemical characterization and sensitivity to local order in the diffraction of the ejected 
electrons, are not directly sensitive to magnetism. To gain magnetic sensitivity AES and 
PES have been measured in the spin-resolved mode, i.e. by measuring the number of Auger 
electrons or core photoelectrons with their spins aligned or counteraligned to a macroscopic 
magnetization direction.2"* These are close to ideal tools for surface magnetism, but suffer 
for a great technical handicap: the low efficiency of spin-detection which is only some 10-3 

and severely reduces the applications of these techniques. An alternative is to exploit the 
fact that polarized atoms, like the atoms in a magnetically ordered ferromagnetic material, 
can be recognized by their directional anisotropies in the photoionization matrix elements. 

Angular photoemission experiments on core levels about the magnetization direction (vec- 
tor) show dichroism and therefore allow to probe magnetism in a highly efficient way. A large 
magnetic dichroism effect is shown in figure 1 for the Fe 3p core levels from Fe(100). The 
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dichroism is obtained as the differences of two photoelectron spectra of the exchange split- 
ted Fe 3p magnetic sublevels, measured in the mirror chiral geometries which are shown in 
the inset of the figure 1, using linearly polarized synchrotron radiation at soft X-ray ener- 
gies. This effect was observed first by Roth and coworkers.5 The special case of magnetic 
dichroism in photoemission which is measured as a difference in the angular distribution of 
photoelectrons between two mirror experiments, is called linear magnetic dichroism in the 
angular distribution of photoelectrons (LMDAD).7-11 We show below that a practical surface 
magnetometry can be based on the LMDAD effect, combining all the power of photoelectron 
spectroscopy with magnetometric information at a total cost of doubling the experimental 
effort of a standard core level photoemission surface analysis. 
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Fig.l: Fe 3p photoemission mirror experiments done in the chiral geometries shown at the top, 
and the LMDAD dichroism curve for Fe(100). The dichroism is fitted by a sextuplet of magnetic 
sublevels which are weighted by the angular matrix elements.[ref. 8] The extrema of the LMDAD 
curwe coincide with the mj=+-3/2 sublevels. 

PRINCIPLES 

In a core level photoemission experiment of a ferromagnetic material the photoexcited 
core hole state of total angular momentum J is split by the spin orbit and exchange interac- 
tions with the spin polarized valence electrons into sublevels with a given projection rrij on 
the magnetic quantization axis. Exchange dominates over orbital interaction and J = L + S 
is not a good quantum number so that the ordering of the rrij sublevels is different with 
respect to the Zeeman effect. By disregarding altogether the manybody processes involved 
in the photoemission from atoms and from solids, as well as the possible splitting of the high 
energy final states, one expects each rrij sublevel to contribute intensity with a character- 
istic angular distribution.12 Within this one-electron atomic picture the intensity and the 
angular distribution of the photoemission spectrum is completely determined by the core 
hole multiplet. The angular dependence of photoionization of a particular rrij core sublevel 
can be measured if the energy splitting of the core hole is at least of comparable size with 
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respect to the intrinsic width of the core hole. The relative variations of lineshape measured 
in the mirror experiments of figure 1 represent the relative variations of intensity from a 
grid of effective iru sublevels for the Fe 3p core hole.8'11 The experimental variations can be 

12 13 10 compared with calculated photoionization cross sections.   ■   ■ 

LMDAD experiments on Fe, Co, Ni and Cr 3p photoemission. 

The experimental LMDAD spectra for the ferromagnetic transition metals and for chromium 
(layered antiferromagnet) measured at 150 K are collected in figure 2. The top curves in each 
panel represent the as measured spectra at the indicated photon energies. Up full triangles 
indicate the spectra measured with the external magnetic field direction in the up-vertical 
direction, and open down-oriented triangle indicate the experimental points measured after 
reversal of the surface magnetization, by the external field directed in the down-vertical di- 
rection. The chiral geometry is the same for all the experiments but the angular acceptance 
of the analyzer is different in the case of Fe at 170 eV. The second panel represents the 
spectra after background substraction (integral background plus exponential decay of sec- 
ondaries). This procedure allows to estimate the amount of photoemission intensity at final 
state energies lower than the main 3p peak, i.e. the deviation from the simple one-electron 
reference model.11 Finally the bottom panels show the experimental difference curves i.e. 
the LMDAD spectra. The photoemission magnetic asymmetry is defined as A = £ ~ f^, 
where Iup (äcmn) are the photoelectron spectral intensities obtained with the magnetization in 
the upward (up) or downward (down) directions. 
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Fig.2: 3p LMDAD spectra of Fe, Co, and N polycrystalline layers, and of the Cr(lOO) surface. 

The maximum LMDAD asymmetry was 46% of the Fe 3p intensity (corresponding to a 
22% variation of the total photoemission including background) measured at liOK and for 
hv = 120eV for a clean Fe(100) surface. 
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The three ferromagnetic 3d metals all show similar dichroism curves under the main 
peak, with the magnitude of the asymmetry scaling with the element and with the photon 
energy. The LMDAD asymmetry result are related to the magnetic moment of the metals, 
but in a complex way. By inspecting the spectra one finds that the photoemission intensity 
is basically all concentrated under the main peak in the case of Fe 3p, but it shows tails and 
well resolved satellites in the cases of Co and Ni. This is a consequence of the increasing 
correlation of the d-bands with d-filling, which implies a higher probability of multiplet final 
state configurations. The Ni 3p peak and satellites correspond to 3p5d10, 3p5d9 and 3p5d8 

final state configurations respectively. The photoemission intensity of the satellites amounts 
to 20% of the total intensity in nickel. Since every configuration is different, it will display in 
principle a different magnetic dichroism. Such result was previously suggested by a circular 
dichroism experiment on Ni.14 In the 4th panel we see the Cr 3p photoemission spectra from 
an epitaxial overlayer on Fe(100). The ferromagnetic order of the Cr surface can be seen 
by the presence of a LMDAD curve. Its orientation with respect to the substrate Fe can 
be directly observed from the sign of the LMDAD curve (reversed in this case indicating 
antiferromagnetic coupling of the Cr surface to the substrate). 

LMDAD as a Kerr-like diagnostic tool 

A direct application of LMDAD is to probe the magnetic order at surfaces in a similar 
qualitative way as the magneto-optic Kerr effect probes the bulk magnetic order, but with 
the important advantage of chemical sensitivity. 
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Fig.3: Magnetic hysteresis loop measured with 
LMDAD on Fe(100). 

Fig.4:  LMDAD spectra for the Cr/Fe(100) 
interface and Fe/Cr/Fe(100) trilayer. 

Figure 3 shows the LMDAD spectra at two stages during the growth of a Fe/Cr/Fe trilayer 
structure. The top panel shows that the ferromagnetic order of the Fe(100) substrate is not 
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disturbed by the epitaxial growth of 3 ML of Cr. The Cr 3p also shows LMDAD indicating 
ferromagnetic order in plane. Cr is known to grow along the [100] direction as a layered 
antiferromagnet,15 the measured Cr 3p LMDAD is due to the uncompensated signal from 
the surface layer. The lower panel shows the completion of the trilayer structure by epitaxial 
overgrowth of Fe on a 5 ML thick Cr interlayer. The LMDAD signal shows that the top 
Fe film is antiferromagnetically coupled to the substrate iron across the 5 monolayers of 
chromium. 

The LMDAD asymmetry can be measured at the optimum final state energy (i.e. where 
the asymmetry is maximum) while varying the external magnetic field to obtain magnetic 
hysteresis curves for the selected atoms. A LMDAD magnetic hysteresis curve for Fe(100) is 
shown in figure 3. There is a practical limitation of photoemission hysteresis curves which is 
due to the quite small value of external field that can be present during the photoemission 
measurement. 
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aturein the near Tc region.. 

Testing the Temperature Dependence of LMDAD in The Spin Wave Regime and 
Near Tcurie- 

The temperature dependence of the surface magnetization in the spin wave regime has 
been measured for Fe-Ni-B and for Fe layers and interfaces in SP experiments. The results 
indicate that the exchange interaction within the surface and along a path perpendicular 
to the surface are different from the bulk exchange, and can be obtained by fitting model 
calculations to the slope of the MS(T) curve. 

A crucial test for the LMDAD photoemission magnetometry is the dependence of the 
LMDAD asymmetry on temperature for a clean Fe(100) surface, and to compare the results 
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with spin polarization (SP) measurements. The temperature dependent results of the Fe 
3p LMDAD asymmetry, SP of the secondary electrons as measured with a 100KV Mott- 
scattering experiment, and of bulk magnetization sensitive Kerr rotation data are shown in 
figures 4 and 5.16 

For T < ATc , the thermal decrease of the relative surface magnetization AMs(T)/Mj(0) 
of atomically clean Fe(lOO) is consistently measured by LMDAD and by SP. The results are 
described by the law M(T)/M(0) = 1 - kCT3'2 of spin-wave theory.17 The Kerr data mea- 
sure the bulk thermal decrease of relative magnetization with fc = 1 which determines the 
bulk constant C. A surface enhancement factor k ~ 2.5 is obtained by fitting the LMDAD 
and SP data to the T3^2 law: it represents the reduction of the exchange interaction of the 
Fe(100) surface atoms along a path perpendicular to the surface.18 In the critical region 
(figure 3) the Kerr-rotation and LMDAD signals vanish with, respectively, bulk and surface 
critical exponents according to MB « (1 - T/TCB)ßB and Ms oc (1 - T/TCB)0S-19 The Fe 
3p LMDAD results for Fe(100) are described by a surface critical exponent ßs = 0.81 ± 0.01, 
to be compared with ßs = 0.38 ± 0.01 from Kerr rotation. The LMDAD results agree with 
previous SP measurements of energy selected secondary electrons on Fe (110) ,20 and with 
spin-dependent elastic electron scattering results for Ni(100) and Ni(llO) surfaces,21 and are 
consistent with a ferromagnetic surface weakly coupled to the bulk. These results provide di- 
rect experimental proofs that the measure of photoemission magnetic dichroism gives directly 
the order parameter of magnetization for the Fe surface atoms < Ms >. 

Fe 3p Fine Structure: Exchange and Spin-Orbit Parameters, Magneto chemical 
Shifts 

From the fine structure of the 3p core levels one can evaluate the exchange splitting of the 
core hole. The width of the J = 3/2 multiplet is found here to be 1.06 ± .026^ for Fe 3p. The 
spin orbit splitting of the 3p core holes in Fe is known from silicide data22 to be 1.05 ± .05eV 
. The splitting between adjacent rrij sublevels corresponds to a value of exchange field of 3.5 
107Gauss for the 3p core hole in &cc-Fe. This analysis is rather direct in the case of Fe 3p 
since the extrema of the asymmetry curve coincide with the nij = ±3/2 sublevels, which are 
pure spin-orbit states and display the largest magnetic asymmetry. The "width" of the Fe 
3p dichroism spectrum is therefore a direct measure of the atomic exchange interaction for 
the 3p core hole. 

The atomic exchange depends upon the details of the spin-polarized electron states of 
the valence band which is determined by crystal structure and chemistry at the surface. We 
compare in figure 6 the 3p dichroism spectra of clean Fe(100) and S segregated Fe(100). 
Sulfur segregation occurs at temperatures higher then 500 C and saturates when an ordered 
c(2x2) superstructure is completed (clearly observed in LEED) for annealing above 600 C.23 

The 3p LMDAD dichroism spectra of Fe(100) and c(2x2)S/Fe(100) at 300K are shown in 
figure 4. The narrowing of the Fe 3p dichroism spectrum for the sulfurated surface shows 
that the nij = ±3/2 splitting is reduced to .99 ± .OleV. This indicates the at the magnetic 
moment of the Fe atoms bonded to the S is reduced by a large amount. The photoemission 
measurement averages the information of the top three layers of material , so if the reduction 
of magnetic moment is only occurring at Fe surface sites, this reduction is of the order 
of 20%. From the inspection of the magnetization dependent spectra one observes a clear 
"magnetochemical shift" of the peak dominated by the (minority spin) nij = +3/2 sublevel 
when sulfur is present at the surface. The reduced magnetic moment of the Fe(100) surface 
and subsurface atoms when S atoms occupy the fourfold surface sites corresponding to the 
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c(2x2) superstructure can be attributed to hybridization of the Fe 3d bands with the S sp 
valence electrons.24 This fact has implications on the valence configuration of the c(2x2) S 
atoms. In figure 7 we show the LMDAD spectra for the S 2p core level for the segregated 
c(2x2)S surface of Fe(100): the presence of dichroism shows that bonding with Fe implies a 
transfer of magnetic moment on the sulfur. The mj = ±3/2 splitting of the S 2p 3/2 peak 
is .45 ± .OSeK 
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Fig.8: S 2p LMDAD spectra measured. The 
dichroism indicated that a magnetic moment 
is present on the S atoms. 

A large magnetochemical shift can be measured in chromium at the interface with iron. 
The first epitaxial layer of Cr on Fe(100) is ferromagnetically ordered and antiferromagnet- 
ically coupled to the iron substrate. The LMDAD spectrum measured at 150 K for one 
monolayer (identical spectra were measured for half monolayer) of Cr on Fe(100) is shown 
in figure 8 and compared with the LMDAD spectrum measured from the surface of a thicker 
epitaxial layer. The width of the interface LMDAD spectrum is 30% larger then the width 
of the Cr(100) surface LMDAD for the epitaxial (100) film. The relationship between the 
magnetic splitting of the Cr 3p core level in the two cases, shows the relative values of the 
magnetic moment of chromium atoms at the interface with iron, or at the Cr(100) surface. 

CONCLUSIONS AND OUTLOOK 

LMDAD in chiral photoemission experiments on I > 0 initial states is a large effect. 
The measure of LMDAD on core levels is a diagnostic of ferromagnetic order which cost 
only a double effort with respect to the standard photoemission lineshape inspection. It 
is clear that photoemission magnetic dichroism provides a powerful magnetometer.   The 
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measure of the order parameter < M > is directly obtained from the asymmetry. Relative 
changes in the magnetic moment as a function of the atomic environment can be obtained 
from the LMDAD spectral widths. All the advantages of surface sensitivity and chemical 
sensitivity of the photoemission technique are transferred to the dichroism magnetometry. 
The surface analysis of ferromagnetic alloys, heterostructures, impurity terminated surfaces 
can be done with the full power of core level spectroscopy and magnetic order sensitivity. 
The fact that only two times more measurements are needed in photoemission LMDAD 
experiments with respect to standard photoemission, implies that the technique does not 
suffer for the intensity limitations which severely affects spin-resolved photoemission and 
even circular polarization dichroism photoemission measurements.25'26 This implies that all 
the high resolution implementation of the photoemission technique made possible by new 
linearly polarized synchrotron radiation sources can be extended to LMDAD-magnetometry, 
including high energy resolution, lateral resolution, time resolution. 

71 72 73 74 
Photoelectron Kinetic Energy (eV) 

Fig.9: Cr 3p LMDAD for interface Cr atoms on Fe(100), and for the surface of an epitaxial 
Cr(100) film. 
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THE CONNECTION OF SUM RULE AND BRANCHING RATIO ANALYSES OF 
MAGNETIC X-RAY CIRCULAR DlCHROISM IN 3d SYSTEMS 
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In the recent past, Carra, et al.1-3 derived a sum rule for electric dipole transitions in a single 

ion model that could be used to extract an elementally-specific spin-magnetic-moment (HSPIN) 

from magnetic x-ray circular dichroism (MXCD) spectra. Earlier, we proposed the utilization 

of a branching ratio analysis4 for the determination of (ISPIN. based upon a simplified one- 

electron, atomic picture which assumed complete orbital quenching. Here, it will be shown 

that these two approaches are essentially related in the case of 3d ferromagnetic materials. 

Both methods are based upon a comparison of the integrated intensity in the L3(J=3/2) white 

line peak versus the sum of the intensities in the L3(J=3/2) and L2(J=l/2) peaks, after 

background removal. An error estimate will also be presented. A more complete description 

of our work is under preparation5. 

Consider Equations 1 and 2, taken from references 1,2, and 3. 

Jr+J-dm(ii+-n-)       ll(l + l) + 2-c(c + l),L . m 

Hi + \\   2   cfc + n j.+dco^+-n )-—J_dffl(|i  -n J(<+l)-2-c(ctl),    , ,    j V 1      c     j V   
3c(4* + 2-n)     VZ/      ^'AZ/ J        d«o(ji++ jT + Ji° 

-\   c + 1, .-aw\\>.  -n  | 
[2] 

For the case of 3d magnetic materials and using the 2p -» 3d transition, £ = 2 and c = 1. The 

number of 3d electrons (holes) is n (10-n). In our notation: 

I3/2 = I j+dco ^+>r3/2 = J j+<to (J.-.IJ-/2 = J -do) ti+ and % =J j-dco |x". 

Switching to our notation and using |i° = l/2(u.+ + |j.-) as in Reference 2, a combination and 

rearrangement of Equations 1 and 2 gives us Equation 3, shown below. 
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[ltn - h/2 
2(Sz)+3(Lz) = 6(10-n) ■ J        . 

1*3/2+ il/2+13/2 + 1l/2j 
[3] 

Here, we have also taken the liberty of dropping (Tz> as done previously in References 1,2, 

and 3. Again, Equation 3 is merely a restatement of the sum rules of Carra, et al., using our 

notation and explicitly showing the spin moment UlsPIN = 2(Sz)j and orbital moment 

UIQRB 
= (LZ)) • The super script SR stands for sum rule. 

Now consider the branching ratio (BR) analysis previously proposed in Reference 3. 

BR   _4(10-n) 
^SPIN-—5  

*hv 

BR"---BRLIN 

BRLIN 

4(10-n) 

Phv 

BR+-BR- 

ER"^ BR" 
[4] 

Here, we use BR+ + BR- = 2 BRLIN- Again LIN, +, and - denote polarization: linear, left 

circular, and right circular. (Br+~ = BR+ or BR-, with a sign change in Phv-) Phv is the 

circular polarization (+1 for left, 0 for linear, and -1 for right circular). (Note: If Phv = 0, then 

BR+ = BR- = BRLIN and this equation is meaningless.) For the remainder of this work, IPhvl = 

1, to be consistent with Carra, et al. As noted earlier4: 

BR = I3/2/(l3/2+Il/2) [5] 

The BR has the advantage of being internally normalized for each spectrum: Cross 

normalization between spectra is not required. By doing a series expansion of Equation 5 and 

rearranging, we can get Equation 6. (This requires dropping terms of 1% magnitude or 

smaller.) 

4(10 -n)r + 

„BR   _   ——W2'13'2 

HSPIN=  
'ft 3/2+1l/2- 3/2 + Il/2 

-3(LZ) [61 

here, 

a = - 
I3/2 + I 3/2 

13/2+Il/2 + I3/2+Il/2 
= -(BR

+
+BR~)= BRLIN [7] 
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thus, 

„SR       „BR   _{,    4Y [I3/2-I3/2] 
WäPIN " P-SPIN -1 6 - - 1(10 - n)r+ . 

V      ay [l3/2+Il/2 + I3/2 + Il/ 
[8] 

1/2 I 

In a single electron picture with complete orbital quenching and a statistical branching ratio for 

linear polarization (BRLIN = 2/3), a = 2/3 and HJPIN = nfpiN- Now, it is well known5"7 that 

BRTJN* 2/3, with the causes including (Lz) * 0, band dispersion and multi-electronic effects7. 

However, for the 3d magnetic materials, (Lz)/<Sz) is often quite small (References 1-3) and the 

BRLIN value and a are close to 2/3. The deviation of a from 2/3 is a measure of the error. To 

be more specific, we can apply Equation 9. 

% error = 
„SR      „BR 
M-SPIN - HSPIN 

„SR 
HSPIN a     A     2SZ 

[9] 

Using the values from Reference 1, l+3(Lz)/2(S2> < 1.25. As an example, consider 

Fe/Cu(001), where a = 0.73 and <Lz>/(Sz> = 0.1: Here the % error would be 10%. For Ni and 

Co the error would probably be higher: To be conservative, a value 20% can be used as a rule 

of thumb. 

Thus the approximate analysis procedure using branching ratios, based upon an atomic, single- 
electron picture and assuming strong orbital quenching, can give the same value of y-SPIN as the 

sum rule approach, to within 20% or better. This can be done without explicit knowledge of 

(Lz) and without cross-normalization between spectra. Furthermore, the BR approach permits 

a proper correction for non-ideal (IPhVl<100%) polarization. Finally, it is necessary to note that 

both of these models are grounded in localized atomic or ionic pictures. Band dispersion and 

multi-electronic effects ultimately must be included for a full analysis7. 
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SOFT X-RAY OPTICAL ROTATION 
AS ELEMENT-SPECIFIC MAGNETO-OPTICAL PROBE 
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ABSTRACT 

Continuously tunable multilayer linear polarizers extend magneto-optical rotation 
techniques into the extreme ultraviolet and soft x-ray regions. Resonant magneto-optical rotation 
is large at the Fe L23 edges. Magneto-optical Kerr rotation can be either bulk or surface sensitive 
depending on incidence angle. A SMOKE hysteresis loop measured from the Fe in an Fe/Cr 
multilayer reveals high sensitivity and a complex magnetic response of Fe. 

INTRODUCTION 

Several different element specific extreme ultraviolet and soft x-ray spectroscopic 
techniques have been developed recently as probes of magnetic materials. Large resonant 
magneto-optical effects are associated with the 3p and 2p levels of, e.g., Fe, Co and Ni (ranging in 
photon energy from 50 to 900 eV) because of the strong dipole transition matrix elements 
coupling these states directly and exclusively to the 3d states responsible for magnetism. 
Magnetic circular dichroism (MCD) using total electron yield and requiring a large degree of 
circular polarization has revealed large signals at the L2i3 edges of these elements1"3 and has 
provided a means of distinguishing orbital and spin contributions to magnetism.4.5 MCD with 
fluorescence detection has been used to measure hysteresis loops of different elements in 
multicomponent samples.6 Intensity measurements of Kerr effects (no polarization analysis) at 
the Co L23 edges have shown large signals in transverse and longitudinal geometries using linear 
and circular polarization, respectively.7-8 Photoemission spectroscopy techniques are sensitive to 
magnetic properties, both through spin-resolved measurements of the emitted electrons9 and 
through dichroism in the angular distribution of photo-electrons emitted from a remnantly 
magnetized sample in certain geometries.10 

We report on the development and use of linear polarizers to extend into the soft x-ray 
magneto-optical rotation techniques common in the IR, visible and UV ranges. A previous study 
demonstrates that soft x-ray Faraday rotation can be larger in the soft x-ray than at these longer 
wavelengths.11 Here we present the first measurement of the magneto-optical Kerr effect 
(MOKE) in the soft x-ray and demonstrate its application in measuring hysteresis loops. Like the 
above techniques, x-ray MOKE is element specific and offers the ability to study element-resolved 
contributions to the net magnetic properties of homogeneous or heterogeneous multicomponent 
materials. In the x-ray range, MOKE can be either bulk or surface sensitive depending on the 
incidence angle. 
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BACKGROUND 

Magneto-optical effects result from differential interaction of the net electron angular 
momentum with circular components of light and manifest themselves through various 
measurement channels. Since light is equivalently decomposed into orthogonal circular or linear 
components, linearly polarized light is equivalent to the coherent superposition of equal amounts 
of left (1) and right (r) circularly polarized light. The propagation of these different components is 
described by a refractive index which in the x-ray range is expressed as n(X) = 1 - S(X) - iß(X) 
were 5(k) and ß(X,) are related through a Kramers-Kronig dispersion relation. Magnetic circular 
dichroism, ßi - ßr, can be measured directly if circular polarization is available, or indirectly 
through the ellipticity induced in an initially linearly polarized beam, if linearly polarizing optical 
elements are available. Magnetic circular birefringence, 8j - 8r, does not produce directly 
observable effects using circularly polarized light, but rotates the plane of polarization of initially 
linearly polarized light. Linear polarizers can easily measure this rotation, yielding commonly 
used magneto-optical probes in the IR, visible and UV. 

The extension of magneto-optical rotation techniques into the soft x-ray thus requires high 
quality linear polarizers, which are obtained in the form of multilayer interference structures 
designed to position the first order Bragg interference peak at 45° (the Brewster angle in the x-ray 
region). Figure 1 shows the calculated ratio of the s to p component reflectances at this condition 
for multilayers of different constitution. Generally the extinction ratio is quite high, and increases 
with hv. The extinction ratio is relatively insensitive to multilayer imperfections, and can be 
increased beyond those values in the figure by multiple reflections or by working closer to the 
precise Brewster angle, which deviates significantly from 45° at lower energies.12 Peak 
reflectance for the s-component is expected to range from roughly 0.5 at 50 eV to 0.01 at 700 eV 
for the materials designated in the figure. Continuously tunable linear polarizers are obtained by 
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Figure 1.   Calculated extinction ratios of s to p component peak reflectances for a series of 
multilayers designed to position the first order Bragg peak at 45°.   These different materials 
combinations as noted are typical of those used in practice at these energies. Calculations assume 
ideal structures. 
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laterally grading the multilayer period and translating the optic along the gradient to shift the 45° 
Bragg peak spectral position according to X = 2dsin(45°). Such continuously tunable polarizers 
have been incorporated into a spectro-polarimeter13 which was used in the measurements 
reported here. 

Faraday rotation on transmission through an Fe/Cr multilayer across the Fe L-2 3 edges was 
measured using this spectro-polarimeter as reported in ref. 11. Here we note that the specific 
rotation values observed at the L3 resonance are larger than for Fe in the infrared, visible, 
ultraviolet, and hard x-ray regions. Such large rotation is consistent with the large MCD 
measured at the 2p edges of Fe, Co and Ni,1-3 and implies that soft x-ray magneto-optical 
rotation studies can generally be expected to yield useful element-resolved effects. 

SOFT X-RAY MAGNETO-OPTICAL KERR ROTATION 

Kerr magneto-optical rotation (on reflection) is perhaps of greater value than Faraday 
rotation for materials studies in the soft x-ray, since ultrathin transmission samples are generally 
less available than reflection samples. In the soft x-ray range the magneto-optical Kerr effect can 
be either bulk sensitive or surface sensitive depending on the incidence angle and photon energy 
as indicated in Figure 2. Figure 2 (a) and (b) show calculated reflectance and penetration depth (s 
component) for Fe at two energies just below and above the L3 (2p3/2) and L2 (2pj/2) edges, 
respectively. Calculations use optical constants of ref. 14. For incidence angles below the critical 
angle for total external reflection the penetration depth is limited to several nm. At greater angles 
the penetration depth is proportional to the angle, with proportionality constant dependent on ß. 
Figure 2 (c) and (d) show similar calculations with hv below and above the Fe M2 3 (3p) edge at 
52.7 eV, revealing similar trends in depth sensitivities. At these lower photon energies absorption 
is a more significant limit to penetration depth above the critical angle, which occurs at 
significantly higher angles. These calculations demonstrate that it is generally possible to obtain 
surface or bulk sensitivity in MOKE measurements across a broad energy range by tuning the 
incidence angle with respect to the critical angle for total external reflection. Thus magnetic 
properties of buried interfaces or layers can be studied. 

Our first measurement of Kerr rotation used a surface sensitive longitudinal geometry to 
measure hysteresis loops from Fe in an Fe/Cr multilayer. The multilayer consisted of 40 periods 
of Fe (20 Ä) and Cr (19 Ä) magnetron sputter deposited onto a Si wafer. Cr was the top layer. 
This structure is consistent with ferromagnetically coupled Fe layers. ^ with a 1° incidence angle 
only the top one or possibly two Fe layers contribute to the measured signal (see Fig. 2(b)). 
Measurements were made using bending magnet beamline 6.3.2 at the Advanced Light Source at 
LBL. A vertical aperture selected an incident beam having 0.99 degree of linear polarization as 
determined from measurements with the spectro-polarimeter. The sample was mounted with its 
surface on the axis of a solenoidal electromagnet, both of which were positioned to reflect the 
beam with a 1° incidence angle into the polarimeter, which was aligned to accept the reflected 
beam. Based on prior Faraday rotation measurements we tuned the incident energy and the 
polarizer to the low energy inflection point of the Fe L3 white line (706.5 eV) where magneto- 
optical rotation associated with Fe is maximum.11 Measurements of SMOKE (surface MOKE) 
hysteresis loops were made with the polarizer at several different azimuthal angles with respect to 
the crossed position. Figure 3 shows the hysteresis loop measured at an azimuth 30° from the 
crossed position and averaged over roughly 1.5 seconds of measurement per point. 
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Figure 2. (a) and (b) show, respectively, reflectivity and penetration depth (s component) 
calculated for an ideal Fe surface at two energies just above and below the Fe L2;3 edges as 
noted, (c) and (d) show similar calculated data with photon energies on either side of the Fe 
M2 3 edge. Surface or bulk sensitivity can be obtained with the incidence angle below or above 
the critical angle for total external reflection, respectively. 

Several features of this soft x-ray SMOKE hysteresis loop are noteworthy. First, it 
represents the magnetic response of only the Fe atoms in the Fe/Cr multilayer sample, because of 
the resonant nature of soft x-ray magneto-optical effects. Second, its shape contains a 
ferromagnetic component and an apparent paramagnetic or antiferromagnetic contribution 
represented by the sloping data beyond saturation of the ferromagnetic loop. Similarly shaped 
bulk hysteresis loops for Fe/Cr multilayers coupled antiferromagnetically have been observed,16 

and were interpreted to result from a residual ferromagnetic component in samples having an odd 
number of Fe layers. The sample we studied is thought to be ferromagnetically coupled. Since 
our measurement is primarily sensitive to just the top Fe layer, the origin of the shape of the the 
hysteresis loop in Fig. 3 may or may not be similar to that in this previous work, which is also 
sensitive to any magnetic response of the Cr in the samples. Further investigations will include 
measurements at both Fe and Cr L3 edges of samples with differing layer thicknesses using 
different penetration depths and higher applied fields. Third, the resonant rotation is large. The 
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Figure 3. Longitudinal SMOKE hysteresis loop from an Fe/Cr multilayer reveals the magnetic 
response of just the Fe in the sample to include a ferromagnetic loop and an apparent 
paramagnetic component. 

remnant magnetization corresponds to a Kerr rotation angle jump of 0.6°. If we assume that this 
ferromagnetic component results from the uppermost 20 A thick Fe layer and that the Fe is pure 
ferromagnetic bec, then this corresponds to roughly 0.06° or 1 mrad rotation per monolayer of Fe 
atoms, which is comparable to the noise level in the data in Figure 3. With improvements to 
increase the signal-to-noise ratio beyond that in this first measurement, this large soft x-ray 
resonant magneto-optical response will yield monolayer sensitivity. 

SUMMARY 

Multilayer optical elements extend magneto-optical rotation techniques into the extreme 
ultraviolet and soft x-ray range. These techniques will be useful over at least the 50 - 900 eV 
range including the 3p and 2p levels of most 3d transition metal as well as 4p levels of rare earth 
elements of interest in magnetism. Both Faraday and Kerr rotation have been observed at the Fe 
L2 3 edges, where they yield large effects compared to other spectral regions. Soft x-ray MOKE 
can be either bulk or surface sensitive depending on incidence angle, and the measurement of 
hysteresis loops is easily accomplished. An initial measurement of the hysteresis loop from just 
the Fe in an Fe/Cr multilayer reveals a complex magnetic response of the Fe in the sample which 
is under further investigation. Thus soft x-ray optical rotation techniques using optics to measure 
rotation of linear polarization are clearly useful to obtain element-specific information from 
complex homogeneous or heterogeneous magnetic samples, and as such are applicable to a wide 
variety of materials of fundamental and practical interest. 
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Osaka 560, Japan 

ABSTRACT 

197Au Mössbauer measurements have been performed for Au/Fe, Au/Co and Au/Ni magnetic 
multilayers. 197Au Mössbauer spectra observed from multilayers consist of at least 4 
components having different magnitude of hyperfine fields and isomer shift values those depend 
on the local environments of the Au probe-atoms in multilayers. Rather large electron spin 
polarization at Au atoms has been observed in the interface with adjacent ferromagnetic layers, but 
nearly no magnetic hyperfine field has been observed to the interior of Au layer. It implies that 
the largest hyperfine field observed is not due to the conduction-electron polarization but induced 
by the hybridization in the interface with ferromagnetic layer. 

INTRODUCTION 

Artificial multilayered films are prepared by alternately depositing two elements using the 
vacuum deposition or sputtering techniques. A modulation in composition is constructed along 
the direction normal to the film plane. The structure and physical properties of such films have 
been expected unique because these films do not exist in nature. Many researchers have been 
devoted to investigate the physical property of artificial multilayered films [ 1]. To understand the 
microscopic properties, especially magnetic properties of the multilayers, various investigations 
using nuclear methods like Mössbauer spectroscopy and nuclear magnetic resonance technique 
have been reported [1, 2]. In applications of Mössbauer spectroscopy, the most common isotope 
57Fe was usually used as a probe atom for multilayers. Other isotopes like 119Sn and 197Au are 
also quite useful as probe atoms for multilayers constructed by two alternated layers of non- 
magnetic and magnetic one, because these non-magnetic elements might make it possible to search 
the magnetic properties of conduction electrons in the multilayers. Anyhow the results from the 
microscopic methods like Mössbauer spectroscopy may offer a new sight to elucidate the physical 
properties of multilayers. 

For Au/Ni multilayer, the enhancement of the elastic modulus so called "supermodulus" effect 
has been reported and a recent X-ray diffraction study using an external pressure has supported 
the existence of supermodulus effect in Au(l nm)/Ni(l nm) multilayer [3]. In previous 
investigation, we performed 197Au Mössbauer measurements for Au(l nm)/Ni(l nm) multilayer 
and determined the recoilless-fraction of 197Au Mössbauer resonance in order to clarify its 
supermodulus effect [2]. Results obtained from 197Au Mössbauer measurements show the larger 
recoilless-fraction and the higher Debye temperature of Au comparing to the bulk Au metal 
supporting the existence of the supermodulus effect in this multilayer. 
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In the present investigation, at first the 197Au Mössbauer measurements have been performed 
for the Au-Ni, Au-Co and Au-Fe alloy specimens those were prepared by melt. Subsequently 
we performed the measurements for Au/Ni, Au/Co and Au/Fe multilayers in order to clarify the 
magnetic properties of Au spacer layers sandwiched by ferromagnetic Ni, Co and Fe layers. 
Ferromagnetic Fe, Co and Ni layers are 0.8 nm, 2 nm and 2 nm in thickness for each multilayer 
and thickness of the Au layers varies from 0.5 to 3 nm. 197Au Mössbauer spectra observed 
from multilayers consist of at least 4 components having different magnitude of hyperfine fields 
and isomer shift values that depend on the local environments of the Au probe-atoms in 
multilayers. Rather large electron spin polarization at Au atoms has been observed in the 
interface with adjacent ferromagnetic layers, but nearly no magnetic hyperfine field has been 
observed to the interior of Au layer. Magnitude of the largest magnetic hyperfine field has been 
determined to be 115 T, 69 T and 23 T in the interfaces of Au(l nm)/Fe(0.8 nm), Au(l nm)/Co(2 
nm) and Au(l nm)/Ni(2 nm) multilayers, respectively. It implies that the largest hyperfine field 
observed is not due to the conduction-electron polarization but induced by the hybridization in the 
interface with ferromagnetic layer. 

EXPERIMENTAL 

The multilayers used for the present investigation are prepared by the electron-beam 
evaporation technique in an ultrahigh vacuum chamber. Thicknesses of the Au/Ni, Au/Co and 
Au/Fe multilayers, number of stacked layers and the Ag buffer and overlayer are as follows; 

Au(0.5 nm)[Ni(2 nm)/Au(0.5 nm)]59, 
Au(l nm)[Ni(2 nm)/Au(l nm)]29, 
Au(2 nm)[Ni<2 nm)/Au(2 nm)]14, 
Ag(100 nm)[Au(0.5 nm)/Co(2 nm)]100Ag(5 nm), 
Ag(100 nm)[Au(l nm)/Co(2 nm)]70Ag(5 nm), 
Ag(100 nm)[Au(2 nm)/Co(2 nm)]40Ag(5 nm), 
Ag(100 nm)[Au(0.5 nm)/Fe(0.8 nm)]12oAg(5 nm), 
Ag(100 nm)[Au(l nm)/Fe(0.8 nm)]60Ag(5 nm), 
Ag(100 nm)[Au(2 nm)/Fe(0.8 nm)]50Ag(5 nm) and 
Ag(100 nm)[Au(3 nm)/Fe(0.8 nm)l30Ag(5 nm). 

Schematic drawing of the Au/Co multilayers is shown in Fig. 1. These multilayer specimens 
have been used for the 197Au Mössbauer measurements. 57Fe Mössbauer measurements have 
been also performed for Au/Fe multilayers using same specimens as 197Au Mössbauer 
measurements. Structural analysis of the Au/Ni superlattice has been performed using X-ray 
diffraction technique and the direct observation of cross sectional view by a high resolution 
transmission electron microscope [4L_    Lattice relationships have been determined as 

(lll)Ni//(lll)Au and [220]NI//[220]AU between Au and Ni layers and 
(110)Fe//(l 1 l)Ni-between Au and body-centered cubic Fe layers. Structural analysis of Au/Co 
multilayers have not yet been completed. 

For 197Au Mössbauer measurements, 197Pt gamma-ray source was prepared by the reaction of 
196Pt(n,y)197Pt in Pt metal foil using Kyoto University Reactor (KUR). Superlattice specimens 
were used as gamma-ray absorbers in a transmission geometry. Source and absorber were 
cooled by a closed cycle refrigerator and usual measurements were performed at 16 K and UK. 
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Fig. 1 Schematic Drawing of 
Au/Co multilayers stacked on 
Kapton film with Ag buffer and 
cover layers. 
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Fig. 2. Typical 197Au Mössbauer spectra obtained 
from Au-Ni alloys at 16 K.   Specimens were 
annealed and quenched from 1173 K. 
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Fig. 3. Typical 197Au Mössbauer spectra 
obtained from Au-Co alloys at 11 K. 
Specimens were annealed and quenched 
from 1253 K. 
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Transmission 57Fe Mössbauer measurements have been performed by a combination of 57Co in 
Rh source and absorber specimen.   Conventional velocity transducer operated by a constant 
acceleration mode and data acquisition system using personal computer have been used in time 
mode for Mössbauer measurements.   Isomer shift values are relative to 197Au in Au metal at 16 
K and 57Fe in a-Fe at 300 K.   Velocity scale is calibrated using a spectrum of cc-Fe at 300 K. 

RESULTS AND DISCUSSION 

197AII Mössbauer effects of Au-Ni. Au-Co and Au-Fe alloys 

In order to determine precisely the 197Au Mössbauer parameters in ferromagnetic Ni, Co and 
Fe and also in ferromagnetic alloys, Au-Ni, Au-Co and Au-Fe alloy specimens having various 
compositions were prepared from the melts and 197Au Mössbauer measurements have been 
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Fig. 4. Typical 197Au Mössbauer spectra obtained from Au-Fe alloys at 11 K. 
Solid lines in the spectra shown in right are the results from least-square fits 
using a distribution of the Hi and IS for Au-50 at.%Fe and single sets of the 

hyperfine interaction parameters for Au-95%Fe and Au-99%Fe. 
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performed for these alloy specimens. For Au-Ni alloys whose Ni concentrations are from 10 % 
to 99 %, the specimens were annealed at 1173 K for 24 hours in vacuum and then quenched into 
water in order to get random solid solutions, because the Au-Ni alloy system decomposed into 2 
phases of Au-rich and Ni-rich phases at low temperature. For Au-Co alloys, the specimen 
compositions are 10 %, 20 %, 98.6 % and 99.3 % Co in Au because of the limited solid 
solubility of each elements. Au-Co alloy specimens were annealed at 1253 K and then quenched 
into water. For Au-Fe alloys, specimen composition was ranged from 1 % to 50 % Fe and two 
Fe-rich specimens of Au-95 % and 99 % Fe were prepared from the melts. These specimens 
were annealed at 1173 K and then quenched into water to get random solid solutions. 197Au 
Mössbauer measurements have been performed by a combination of absorber specimen and a 
gamma-ray source of 197Pt in Pt metal. 

Figure 2 shows typical 197Au Mössbauer spectra obtained from Au-Ni alloys as a function of 
Ni concentration. At the top of the figure, spectrum obtained from pure Au metal foil is shown 
and used as a reference spectrum. As an increase of the Ni concentration, the center of the 
gravity of the spectrum shifts toward the positive velocity side indicating an increase of the isomer 
shift (IS) values. The spectrum obtained from the specimen whose Ni concentration exceeds 40 
% became to be broad and magnetic. The spectra from the specimens whose Ni concentrations 
are above 90 % are magnetically split doublets. Hyperfine magnetic field (Hi) and isomer shift 
(IS) value of Au in Ni-1 % Au have been determined to be 29 T and 5.0 mm/s relative to Au at 16 
K. IS value is relative to pure Au metal at 11 K. Relationships between IS value and Ni 
concentration (Ni%) have been determined as follows; 

IS = (0.046 ± 0.001)»Ni% - (0.02 ± 0.02) for 0 < Ni% < 40 , 
IS = (0.052 ± 0.001)«Ni% - (0.24 ± 0.09) for 40 < Ni% < 100. 

Above relation shows clearly the linear dependence of the charge density at 197 Au nucleus on the 
concentration of the alloy. Linear relationship between Hi and Ni% also determined from the 
spectra obtained for the specimen whose Ni concentration is above 60 %. 

Figure 3 shows typical 197Au Mössbauer spectra obtained from various Au-Co alloys. Hi and 
IS values of Au in Co-0.7 % Au have been determined to be 86 T and 5.5 mm/s at 11 K. Figure 
4 shows typical 197Au Mössbauer spectra obtained from Au-Fe alloys. In Au-Fe alloy system, 
the Fe atom has local magnetic moment even in dilute alloy concentration range and for Au-20 % 
Fe alloy specimen the !97Au Mössbauer spectrum shows the existence of rather large hyperfine 
magnetic fields. Hi and IS values at 197Au nucleus in Fe-1 % Au are 126 T and 5.8 mm/s at 11 
K. IS value is relative to pure Au metal at 11 K. From the above measurements for the alloy 
systems, we can determined the relation between IS, Hi and alloy concentration for each alloy 

Table I. Hyperfine magnetic fields (Hi) and Isomer shifts (IS) at 197Au nucleus 
in ferromagnetic Ni, Co and Fe matrixes. IS is relative to pure Au at each temperature. 

Ni-1 at.%Au 5.0 
Co-0.7 at.%Au 5.5 
Fe-1 at.%Au 5.8 

IS,    mm/s Hi,    T Temperature,   K 
29 16 
86 11 
126 11 
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Systems.   Table I shows the hyperfine magnetic fields Hi and isomer shift IS values for the 
isolated Au impurities in ferromagnetic Ni, Co and Fe. 

197Au Mössbauer effects of Au/Ni. Au/Co and Au/Fe multilayers 

Figure 5 shows typical 197Au Mössbauer spectra obtained from Au/Ni multilayers with a 
spectrum of pure Au metal. The !97Au Mössbauer spectra in Fig. 5 have been obtained from the 
specimens that were stacks of about 150 layers of the [Au(2 nm)/Ni(2 nm)]]4/Au(2 nm), [Au(l 
nm)/Ni(2 nm)]29/Au(l nm) and [Au(0.5 nm)/Ni(2 nm)]s9/Au(0.5 nm) multilayers corresponding 
to about 8.7 mgAu/cm2 (4.5 mm in thickness). In Fig. 5 the dots show the experimental results 
at 16 K and solid lines are results from the least-square fit using several Lorentz functions. 
Dotted lines in the spectra are the partial components of the spectra. Three spectra for multilayers 
show rather broad absorption lines indicating non-symmetrical lineshape that suggests the 
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Fig. 5 Typical !97Au Mössbauer spectra at 16 K 
obtained from Au/Ni multilayers with a spectrum 
of pure Au 

Fig. 6 Typical 197Au Mössbauer spectra 
at 11 K obtained from Au/Co multilayers. 
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existence of the components at positive velocity side, that is, positive isomer shift values. These 
spectra can be decomposed mainly into two components. One component is a rather sharp single 
line having a zero isomer shift. This component is due to the Au atoms having an identical 
electronic and magnetic environment to pure Au bulk metal. The other components show rather 
broad and complicated components having positive isomer shift (IS) values. Since their 
broadness and intensity depend on the thickness of the Au layers, the components observed at 
positive velocity side are due to the Au atoms whose electronic states are perturbed by the 
existence of the ferromagnetic Ni'layers. Thickness of the Au layer in Au(l nm)/Ni(2 nm) is 
correspond to 4 layers of (111) Au plane and all of 12 nearest neighbor sites of Au atoms at 
interior two layer could be occupied by Au atoms when the interface between Au and Ni layer is 
perfectly flat. From the area ratio between perturbed and non-perturbed components in spectra 
the region perturbed by the Ni layer is determined to be about one Au layer from interface 
assuming all of the Au atoms have an identical Debye-Waller factor in multilayer, which means 
two Au layers are affected at both sides by Ni layers. As shown in the lowest part of Fig. 5, the 
spectrum for Au(0.5 nm)/Ni(2 nm) multilayer that corresponds to only two Au layers is entirely 
perturbed one and shows the correctness of the above interpretation. To analyze the spectra for 
Au/Ni multilayers, four different models are adopted. First one is two-components model 
mentioned above. The second and third models are to analyze a spectrum using discrete 
components as 4 and 8 subspectra having different isomer shifts and magnetic hyperfine 
interactions. Fourth model is to analyze the spectrum using a continuous distribution of isomer 
shift (IS) and magnetic hyperfine field (Hi) values. Dotted lines in Fig. 5 are the partial 
components obtained by the analysis using a model of 4 discrete components. The component 
having the largest positive isomer shift has the isomer shift of 3.61 mm/s and the hyperfine 
magnetic field of 23 T at 16 K. This component might correspond to the Au atoms that occupy 
the interface sites and associated with Ni atoms being perturbed most strongly. Existence of the 
magnetic components in 197Au Mössbauer spectrum of multilayers directly indicates the existence 
of the spin-polarized electrons at Au atoms associated with the ferromagnetic Ni layer. 

Figure 6 shows typical 197Au Mössbauer spectra obtained from Au(2 nm)/Co(2 nm), Au(l 
nm)/Co(2 nm) and Au(0.5 nm)/Co(2 nm) multilayers at 11 K. Dotted lines are the partial 
components obtained by the analysis using a model of 4 discrete components. As shown in Fig. 
5, the intensities of the components having larger IS values increase as an decrease of the 
thickness of the Au layer. Similarly to the case of Au/Ni multilayers, the components having 
positive IS values correspond to the Au atoms which locate at or near interface and perturbed 
strongly with the ferromagnetic Co layer. The magnitude of the hyperfine magnetic fields Hi of 
these components for Au/Co multilayers are larger than the case of Au/Ni. 

Figure 7 shows typical 197Au Mössbauer spectra obtained from Au/Fe multilayers. As shown 
in Fig. 7, components having rather large hyperfine magnetic fields have been observed 
superimposed to the single non-magnetic component having a zero IS value. Magnitude of the 
largest hyperfine magnetic field was determined to be 115 T from the spectrum of Au(l 
nm)/Fe(0.8 nm) and the component having the largest Hi corresponds to the Au at or near 
interface with ferromagnetic Fe layer. Single non-magnetic component having a zero IS value 
corresponds to the Au whose electronic state is identical to the pure Au metal and associates to the 
interior atoms in the Au layer which may have no-influence from the ferromagnetic Fe layers. 
Distribution of the hyperfine magnetic fields at 197Au nucleus has been observed for Au(0.5 
nm)/Fe(0.8 nm) multilayer, which might be interpreted by the atomic mixing between Au and Fe 
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Fig. 7 Typical 197Au Mössbauer spectra at 11 K 
obtained from Au/Fe multilayers. 

Fig. 8 Schematic representation of the 
magnetic perturbations of the Au spacer 

layer sandwiched by ferromagnetic layers 
for the case of Au/Ni multilayers. 

at the interface. Using same Au/Fe multilayer specimens, we measured 57Fe Mössbauer 
spectrum at 300 K and observed well-defined magnetically split sextet suggesting no-appreciable 
atom-mixing at the interface. The above results suggest that the largest hyperfine magnetic field 
observed is not due to the conduction-electron polarization but induced by the hybridization at the 
interface with ferromagnetic Fe layer. Magnitude of the largest hyperfine magnetic fields has 
been determined 69 T and 23 T in the interfaces of Au(l nm)/Co(2 nm) and Au(l nm)/Ni(2 nm) 
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multilayers, respectively.   Schematic representation of the magnetic perturbations for the Au 
spacer layer sandwiched by ferromagnetic layers is shown in Fig. 8 for the case of Au/Ni 
multilayers. 

SUMMARY 

Using 197Au Mössbauer spectroscopy, magnetic properties of Au spacer layers sandwiched by 
the ferromagnetic Ni, Co and Fe layers have been investigated. Mössbauer spectra obtained from 
magnetic multilayer specimens consist of at least two components. One is a non-magnetic 
component having same isomer shift value as bulk Au. The other components are magnetically 
split components having the positive isomer shift values. From the above results, we interpreted 
that the magnetically split components are due to the Au atoms those are strongly perturbed at/near 
interface by the ferromagnetic layer. Origin of the hyperfine magnetic field is due to the direct 
hybridization with ferromagnetic 3d electrons. Contribution of the conduction electron 
polarization to the hyperfine magnetic field at 197Au nucleus is small. 
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A NEW MAGNETOOPTICAL EFFECT 
DISCOVERED ON MAGNETIC MULTILAYERS 

THE MAGNETOREFRACTIVE EFFECT 

J. C. JACQUET AND T. VALET 
THOMSON CSF, Laboratoire Central de Recherches, Domaine de Corbeville, 91 404 Orsay 
Cedex, France 

ABSTRACT 

We show theoretically that the change in the magnetization structure of magnetic metallic 
multilayers under the application of a magnetic field shall be generally associated with a 
significant change of the refractive index. This constitutes a new magnetooptical effect: the 
magnetorefractive effect. 

Optical transmission measurements under an applied magnetic field through 
[NigoFe2o/Cu/Co/Cu] multilayers, in the light wavelength region between 2 |J.m and 20 Jim, 
clearly demonstrate the existence of the predicted effect and are found in reasonnable agreement 
with the theoretical calculations. 

INTRODUCTION 

Metallic magnetic multilayers have been a subject of great interest in the last few years, since 
they exhibit unique physical properties : giant magnetoresistance [1,2], oscillatory interlayer 
exchange coupling [3], giant magnetothermal conductivity and giant magnetothermopower [4]. 
Their optical and magnetooptical properties at visible wavelengths have been also investigated, 
mainly in connection with magnetic data-storage applications. At such wavelengths the interband 
contribution to the optical constants is very significant. Thus, considering interband optical 
properties as resulting from a weighted average over all the electronic transitions between initial 
and final states, one expects some influence of the artificial layering on the optical and 
magnetooptical constants through quantum size effects. Reports of oscillations of the saturation 
Kerr rotation with the interlayer thickness in Fe/Cu/Fe [5], Fe/Au/Fe and Fe/Ag/Fe [6] 
sandwiches, due to the appearance of quantum well states, are among the recent demonstrations 
of such quantum size effects. 

Here we will be interested in a totally different kind of size effects appearing in the optical 
properties of metallic surfaces, thin films and multilayers, when either the skin depth ( SD, the 
decay length of the optical electric field in the metal), or the layer thicknesses, become of the 
order of the conduction electron mean free path (MFP). These are quasiclassical effects, related 
to the non locality of the intraband optical conductivity on length scales shorter than the MFP. 
The anomalous skin effect, which was thoroughly analyzed by Reuter and Sondheimer [7], is a 
prototype of this second kind of size effects. When considering the specific case of an optical 
wave incident on a metallic multilayer, even in the normal skin effect regime MFP « SD, it is 
clear that the non locality cannot be neglected if the layer thicknesses are shorter than the MFP. 
This leads to effective optical constants for the multilayer which depend in an intricate way upon 
the thicknesses and material parameters characterizing the stacking [8]. It is clear also that such 
effects show up more clearly at infrared wavelengths, where the main contribution to the optical 
constants comes from the intraband conduction electron response (Drude). 

In the present paper we report on the extension of these concepts to the case of magnetic 
metallic multilayers made of transition or noble metals, which means to take into account properly 
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spin dependent scatterings and two spin channel conduction [9] in the calculation of the optical 
constants. We show that the non locality of the electron response to an external electric field, 
which is responsible for the giant magnetoresistance (GMR) under static conditions [1,10-11], 
shall lead at optical frequencies to a dependence of the dielectric constant upon the relative 
orientation of the layer magnetizations. This constitutes a new magnetooptical effect, that we 
propose to name the magnetorefractive effect. Extensive experimental confirmations of this 
prediction are given, based on optical transmission measurements under an applied magnetic field 
through [NigoFe2o/Cu/Co/Cu] multilayers. Finally these experimental results are confronted with 
a theoretical calculation of the optical properties, relying on numerical integration of the 
Boltzmann-Maxwell coupled system of equations, and we found a reasonable agreement between 
the calculated and measured quantities. 

THE     PHYSICS     OF     OPTICAL     CONDUCTIVITY     IN    MAGNETIC 
MULTILAYERS - THE MAGNETOREFRACTIVE EFFECT 

All along this paper we will describe the intraband dynamic of the conduction electrons of 
metallic multilayers submitted to an harmonic electromagnetic field according to the semi-classical 
linearized Boltzmann equation. This basically means that our description is valid if the involved 
length scales remain larger than kF> = 1 Ä, and the frequency smaller than EF/1I = 1015 Hz, 
where kp and Ep are typical values of respectively the Fermi wavevector and energy of the 
considered metals. The latter restriction is reinforced by the obvious neglect of the interband 
transitions in such semi-classical description, which further limit the spectral domain of validity 
of our approach. Owing to the known results on the onset wavelength of interband transitions in 
transition metals [12], it means that we are dealing with infrared light above 5 |J.m of wavelength. 
Furthermore, we will make the extra assumptions that the electronic structure of all the metal of 
interest is well approximated by the same spin degenerated parabolic conduction band ( no 
potential step at the metal-metal interfaces), and that one can define isotropic relaxation times in 
the bulk of the layers and specular transmission coefficients at the interfaces to take into account 
the scattering processes. 

In this section, we will first briefly review the problem of optical wave propagation in an 
homogeneous metal, putting the emphasis on the non locality of the optical conductivity, in order 
to clarify the role of the various length scales which will be involved in the more complex case of 
metallic multilayers. Secondly, to obtain a physical insight into the kind of original optical 
properties one can expect from magnetic metallic multilayers, we will derive explicit expressions 
of the "effective" optical constants for a magnetic bimetallic multilayer, in what was called in the 
context of GMR theory the "self-averaging" limit ( SAL) [13]. This will allow us to show that 
the optical constants of magnetic multilayers shall depend upon their magnetization arrangement. 
This can be considered as a new magnetooptical effect. Finally, we will discuss the general 
features of the effect out of the SAL, and we will compare this new effect to the well known first 
order ( Kerr-Faraday effects) and second order (Cotton-Mouton or Voigt effect) magnetooptical 
effects. We will also make some predictions on the kind of experiments suitable to observe the 
effect. 

Non local optical conductivity and transverse wave propagation in an homogeneous metal 

Here we consider an homogeneous infinite metal characterized by an effective mass m, a 
Fermi velocity vp, an electron density n, and an isotropic relaxation time x at the Fermi energy; 
and we are looking for monochromatic transverse plane wave solutions of the Boltzmann- 
Maxwell coupled system of equations, propagating in the z direction and polarized along the x 
direction. Assuming a common time dependence ei« for all the fields of interest, the Maxwell 
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equations reduce to the scalar wave equation : 

d2E ■> 
—f + estK5Ex = icouoJx(z) (1) 
dz2 

where est is the residual dielectric constant which takes care of the displacement current, atomic 
polarization, virtual interband transitions, etc, and will be assumed independent of the frequency 
in the spectral domain of interest from here on [13]; KQ = {(ale) is the vacuum wavevector, \LQ the 
vacuum magnetic permeability, and jx the current density. At the same time, the linearized 
Boltzmann equation reduces to : 

i   ■ \      dg       af° l + ia>)g + vz| = qvx^Ex(z) (2) 

where we have obviously neglected the Laplace force due to the oscillating magnetic field of the 
wave; q, v and e stand respectively for the charge, velocity and energy of the electrons. In 
Eq.(2), we have also implicitly split the conduction electron velocity distribution function f(v,z) 
in the usual manner : f(v,z) = fO(e) + g(v,z); with g(v,z), the departure from the equilibrium 
Fermi-Dirac distribution fO(e), assumed to be linear in E^. The needed link between Eqs (1) and 
(2) is provided by the expression of the current density as a function of g(v,z): 

jx(z) = -q(m-)3|d3v vxg(v,z) (3) 

By using standard mathematical techniques, one can cast the sytem of Eqs (l)-(3) into an integro- 
differential equation in the field Ex [7,13]: 

est KQ Ex = i co no I dz' CTX,X(Cü;Z-Z') EX(Z') (4) 
d2Ex 

where o"x,x(co;z-z') is the two-point transverse conductivity at angular frequency CO, which relates 
the current at z to the electric field at z' [7,13]: 

ax,x(co;z-z') = 12o |Ei j(1+icox)Ml. EiI(1+i((>T)IM j 

än(u)=| 

(5) 

with Ein(u) =1    ds - 

where Co = (n q2/m) T, is the usual bulk static conductivity and A = vpT. the bulk MFP. 
The expression (5) of Gx,x(co;z-z') allows to identify the relevant length scales of the 

problem. When cox « 1, i.e. the quasi-static regime where the conductivity is limited by the 
collisions, the argument of the exponential integrals reduces to Iz-z'IA. which is real. The two 
point conductivity is a positive real and decreases monotonously on the length scale of the MFP. 
When cox > 1, one enters gradually into the collisionless regime where the conductivity becomes 
independent of the relaxation time, the argument of the exponential integrals [1 A, + i (co/vp)] |z-z'l 
is complex. The two point conductivity is complex and its real and imaginary parts oscillate on 
the length scale of co xfk = (vp/co) which is smaller than the MFP, with envelopes still decaying 
on the length scale of the MFP. 
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Let us assume for the moment that the electric field varies on a length scale much larger than 
the MFP. Following the above analysis of the range of cx,x(co;z-z'), it is clear that in this case we 
can sort Ex(z') from the integral in the right hand side of Eq.(4), recovering the more classical 
wave equation for a conductive medium with a local conductivity : 

d2Ex , /      • o(co) 
dz2 + (£st-ig£)KgEx = 0 (6) 

as one can easily demonstrate by integration of 0XjX(co;z-z') over z'. In Eq.(6), 
cr(co) = <V(1 + i co t) is the local conductivity at angular frequency co, and e0 the vacuum 
dielectric permitivity. The general solution of Eq.(6) is then obtained by elementary calculus as a 
linear combination of upward A(.> e-0'8 + 2 i TIA)Z and downward Aw e+O'S + 2' */*•)* travelling 
waves, with: 

2 

I 
«-i=^0 = L-mUQ (7) 

where 5 is the SD, X the wavelength ( WL ) in the metal, and n = n - i k the complex optical 
index. 

We can now specify the domain of validity of Eq.(6) as the frequency domain for which both 
the SD and the WL in the metal are much larger than the MFP. If one of these conditions fails, 
one enters the so-called anomalous skin effect regime, and we shall go back to Eq.(4) to describe 
the propagation of transverse electromagnetic waves in the metal of interest. As one can see on 
Fig. 1, these conditions are well satisfied in the near to mid-infrared regions at room temperature 
for transition metals like Ni with quite short mean free path. However, for noble metals of 
reasonnable purity, like Cu with p = 3 ullcm, one has SD = MFP in the whole spectral domain 
of interest. 

Effective optical constants of a magnetic metallic multilayers in the "self-averaging" limit - The 
magnetorefractive effect 

In the case of a periodic metallic multilayer, the actual expression of the two-point 
conductivity will be quite cumbersome and much more difficult to obtain than Eq.(5), because we 
loose the translationnal invariance in the direction of the lamination, and a new length scale enters 
the problem : L, the length scale of inhomogeneity, i.e. the period of the multilayer. However, 
we will still be able to derive simple and compact expressions in a certain limit, the SAL, which 
is reached when the range of o(co;z,z') as a function of lz-z'l is much larger than L. In this limit 
one can define an average scattering rate 1/ISAL according to the Matthiessen's rule [16] which is 
simply the spatial average of the scattering rates over a period, as it has been demonstrated at zero 
frequency in Ref. 11 : 

"«■-£(& (S) 
/period 

Then, we can define an average two-point optical conductivity oSAL(C0;z-z'), which is a 
scalar independent of the direction of propagation and of the polarization because the 
translationnal invariance has been restored by averaging. It will be simply given by Eq.(5), but 
with x replaced by TSAL, A by A SAL = vF ^SAL and 0O by O°SAL = (n q2/m*) TSAL- The 
consistency of this approximation is insured if the actual length scales upon which 
aSAL(co;z-z') varies, ASAL and (vF/co) as it has been shown in the proceeding sub-section, 
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according to Eoq.(7), for Ni and Cu at room temperature. We used est = 5.5, AM = 60 A and 

Acu = 300 Ä, assuming for both metals p A = 1000 nflcm.A and vF = 106 m.s-i [15]. 

are effectively much larger than L. The appearance of the extra condition L «(vF/co), on the top 
of L « ASAL already present at zero frequency [11], marks the difference between the static 
and dynamic conductivity behaviours. Within the SAL, we can also define the wavelength and 
skin depth for light propagation, as well as an effective index of refraction, respectively A-SAL» 

5SAL, and SSAL- This is achieved by using Eq.(7), whith a(co) replaced by OSALC«») : 

<*SAL(CO) = 
o§ SAL 

1 + iCOTsAL 
(9) 

In order to decide if one shall use Eq.(5) or Eq.(6) to describe light propagation in the 
multilayer, it is clear that one has to compare A-SAL» 8SAL and ASAL- Due to the usual strong 
scattering at the interface in metallic multilayer, ASAL is generally significantly shorter than the 
MFP of the consuming metals. For this reason, the anomalous skin effect regime ASAL ^ °SAL 
will be hardly reached at room temperature in the spectral domain of interest. From here on, we 
will thus assume that it is not the case. Consequently, we will further discuss the optical 
properties of multilayers as those of effective homogeneous metals of refractive index SSAL- At 
first sight this implies a local relationship between the electric field and the induced current, 
nevertheless the underlying non locality of the conductivity remains a deciding factor through the 
spatial average of Eq.(8). 

For a magnetic metallic multilayer, all the above results are still valid providing that the spin 
is taken into account properly. For colinear magnetization arrangements, where one can define 
unambiguously a unique spin quantization axis along the common magnetization direction, this 
simply means to treat the electrons with (+) and (-) spin as two independent channels carrying the 
current in parallel (if one neglects the spin-mixing scatterrings) [9]. Thus, combining Eq.(7) and 
Eq.(9), we obtain for the effective refractive index ASAL and the corresponding dielectric constant 

ESAL: 

nSAL=e2sA] = i 

eoffl 

CTSAL,-i °°SAL, 

1 + i CO tSAL,+      1 + i CO fSAL,- 
(10) 
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In order to be more specific, we consider now the simple case of a bimetallic magnetic 
multilayer, constituted of alternating ferromagnetic ( F) and normal ( N ) metal layers of equal 
thicknesses t. Let us assume that within a slab of thickness ASAL, there is on average a proportion 
P+= (1 + p)/2 of F layers with "up" magnetization along the z axis chosen as the spin 
quantization axis, and P. = (1 - p)/2 of F layers with "down" magnetization. One can easily show 
that in the SAL where the number ASAI/(2 t) of F layers in the slab is large, p is within a good 
approximation equal to M/Ms; where M is the macroscopic magnetization of the multilayer, and 
Ms the saturation value of M when all the magnetizations are aligned. Obviously, in the F layers, 
we have to allow for spin dependent scatterings [9], and thus we define two different 
relaxation times xT(F) = i:(F)/(l+ß) and T#) = T(F)/(l-ß), respectively for the majority (T) and 
minority (1) spin electrons, where we have introduced the bulk scattering spin assymetry 
coefficient ß. Conversely in the N layers, a single relaxation time f" characterizes the scatterings 
regardless the spin orientation. Moreover, we also allow for spin dependent scatterings at the F^ 
interfaces [10-11], pictured as very thin slabs of interdiffused material [17], by introducing angle 
and spin dependent specular transmission coefficients Ts(cos6) given by [18]: 

Ts(cos 6) = exp( ^ ) = (l-D°)-^ (H) 
cos 6 AjjS 

where s stands for (t) or (I) spin, t; and Ai|S are respectively the thickness and MFP for spin s of 
the interfacial layer, and 6 is the angle between the electron velocity and the interface normal 
[19]. To be consistent with the SAL, we assume that the scattering probabilities when crossing 
the interfaces at normal incidence D0S are not too large, leading to : 

D°T(i) = D(l+(-)Y)=-iL- (12) 
Ai,T(4.) 

Where we have introduced ythe spin assymetry coefficient for interfacial scatterings. Applying 
Eq. (8) independently for spin (+) and spin (-), we obtain for TSAL,± the very simple expression : 

!      =l±ßsAL(M/MS) 
TSAL,± tSAL 

where the effective relaxation time and spin assymetry coefficient, respectively TSAL and ßsAL> 
are given by: 

_J_ = 1(JL + JL + 22ED) (i4.a) 

i-+2Y^D 
ßsAL = -j^-j ^— (14.b) 

T0F)     x<N) t 

Finally, Eq.(13) together with Eq.(10) give for the effective dielectric constant £SAL(<ö) of the 
considered magnetic multilayer: 

ECAI -E    ^    iPTSAi.     fi   , ßJAL(MMs)
2 \ ESAL-Est r 7-T- —     I   +  (15) 

CO2   1+10) TSAL   \ (l + iö)xSAL)2.ß|AL(MMsW 
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In Eq.(15) we introduce the plasmon frequency o»p = [n q2/(e0 m)]i«, m order to show more 
clearly the similarity with the standard Drude formula of metal dielectric constant. 

One can easily see that Eq.( 15) predicts a dependence of the effective dielectric constant of 
magnetic multilayers upon their magnetic state through the factor (M/Ms)2, which have to be 
considered as measuring the degree of alignement of neighbouring layer magnetizations This 
dependence which can be considered as a magnetooptical effect, because of the possibility to 
influence the relative orientation of the magnetizations by applying an external magnetic field, is 
described here for the first time and we propose to name it the magnetorefractive effect. It appears 
because of the two spin channel conduction in ferromagnetic metals, and of the existence of spin 
dependent scatterings, combined with the possibility to change the magnetization structure on a 
length scale smaller than the range of the non local conductivity. As a matter of fact, if one puts 
ßs^ = 0 into Eq.(15) ( no spin dependent scattering on average), the effect disapears and one 
simply recovers a Drude dielectric constant. 

In order to obtain a better understating of the practical consequences of Eq.(15), we will 
consider the case of a [F(5 Ä)/N(5 Ä)]20 multilayer whith the following set of parameters : 
p A = 1630 n0.cm.Ä, vF = 106 m.s-i, T(F) = T<N) = 10-14 s, ß = 0.5 D = 0.05 y = 0.5 i.e. 
equal spin dependence of the scattering in the bulk and at the interfaces. And we wü assume tha 
we can put the multilayer into two extreme magnetic configurations : the parallel (P) one wrni ail 
the magnetizations aligned ( M = Ms), and the antiparallel one with the magnetizations 
alternatively up and down along a common direction ( M = 0 ). Using Eqs (12)-(15), one can 
easily compute the SAL dielectric constant in the (P) and (AP) configurations. We can derive 
from this ( using for instance a standard interference matrix method [19] ) the intensity 
transmission and reflection coefficient at normal incidence as a function of the wavelength, 
T(P.AP)(k) and R(P.AP)(X), assuming a self supported film in air. One can see on.Fig.2 the relative 
change in the transmission and reflection coefficients, respectively defined as AI7T = (1 ^-innr 

and AR/R = (RAP-Rp)/Rp, as functions of X. ..*..,., 
As one can see, the magnetorefractive effect shall manifest itself as a significant dependence 

at infrared wavelengths of the transmission and reflection coefficients of magnetic multilayers 
upon their magnetization arrangements, but which should be independent of the polarization ot 
the incident light beam. Moreover, we predict a smooth and slowly oscillatory wavelength 
dependence characteristic of a relaxation intraband effect, in strong contrast with the usual 
resonant behaviour of magnetooptical effects with strong interband contributions. 
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Fig 2 (a) AT7T and (b) AR/R at normal incidence in air, as functions of W) the wavelength in 
vacuum for a [F(5 A)/N(5 Ä)]2o multilayer whith the following set of parameters :est=l, 

p A =' 163otin.cm.Ä,vF= 106 m.s-i,T(R = ^N)= 10-14 s,ß = 0.5,D = 0.05,j=0.5. 
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The effect out of the SAL - Comparison between the magnetorefractive effect and the first and 
second order magnetooptical effects 

Out of othe SAL which will be hardly satisfied in practice ( because one has certainly 
ASAL S 50 A in most of the cases and vp/co = 50 Ä at 10 Jim of wavelength for vF = 106 m.s-i), 
it is clear that Eq.(15) is no longer valid. In fact, it will no longer be possible to derive an explicit 
expression of the effective dielectric constant, and one will loose the equivalence between the 
field in plane (the plane of lamination) and field out of plane. This -latter point is well known for 
transport properties at zero frequency, where it was shown that the GMR in the so-called CPP 
(current perpendicular to the plane) [20] geometry scale with the spin diffusion length lSf [21] 
instead of the MFP for the CIP ( current in plane) geometry. However, as long as the scale of 
inhomogeneity will remain of the order of the range of the non local conductivity, the 
magnetorefractive effect will remain non zero. Consequently,we can guess a general 
phenomenological expression of the dielectric constant tensor for a magnetic multilayer at 
infrared wavelength even out of the SAL: 

£ = 

e,i + Sei,[((M/Ms)2 

0 

0 

0 

eii + öei,[((M/Ms)2^] 

0 

0 

0 

ej. + OEl((M/Ms)2)J / 

(16) 

where we put the z axis perpendicular to the plane of lamination. &£|| and 8ex are complex 
numbers, which will decrease more or less exponentially respectively with t/A for the field in 
plane and t/lsf for the field out of plane. Their functionnal dependence upon <(M/Ms)2>nrj_, the 
spatial average of (M/Ms)2 over the relevant length scales for either field in plane or out of plane, 
shall not be considered as rigourous. However it rightly indicates the fact that the dielectric 
constant tensor depends upon the relative orientation of neighbouring magnetizations, but does 
not depend on the relative orientation between the electric field (the polarization direction ) and 
the magnetization. 

If one considers now the dielectric tensor in case of a magnetized isotropic medium when 
taking into account the first order and second order magnetooptical contributions, respectively 
8e0) and 5e<2), we have [22] (with I the unit tensor): 

E = e I + 5e (i) 
/       0 -iMz/Ms    i My/Ms 

i Mz/Ms 0 -i Mx/Ms 
0 

+ 5E 
.(2) 

i My/Ms    i Mx/Ms 

'(Mi + My-)/M! 0 0 

o       (M|+M|)/M|       o 

o (Mx + M2)^!/ 

(17) 

It is clear in Eq.(17) that the dielectric constant depends now on the relative orientation between 
the electric field (the polarization direction ) and the magnetization. As it is well known, the first 
and second order magnetooptical effects can be viewed respectively as a magnetically induced 
circular and linear birefringence (and dichroi'sm) [22]. 

These profound differences in the symmetry of the effects, which shows that the 
magnetorefractive effect has no connection with the classical magnetooptical effects, is in fact a 
phenomenological counterpart of their totally different microscopic origins. The classical 
magnetooptical effects in magnetic materials are closely linked to the spin-orbit coupling [23], 
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who couples the velocity ( direction of the current, field ) and spin ( magnetization direction ) 
degrees of freedom. On an other hand, the spin dependent scatterings and two spin channel 
conduction mechanisms which are at the origin of the magnetorefractive effect, does not induce 
any of such coupling on average. One recovers here at optical frequencies the differences existing 
between the classical magnetoresistive effects in magnetic metals (extraordinary Hall effect and 
anisotropic magnetoresistance ) and the GMR. In some sense, one can say that the 
magnetorefractive effect is related to the GMR in the same way as the intraband part of the Kerr- 
Faraday effect is linked with the extraordinary Hall effect [23]. 

OPTICAL   TRANSMISSION   MEASUREMENTS    UNDER   AN   APPLIED 
MAGNETIC FIELD THROUGH   [Ni80Fe2o/Cu/Co/Cu] MULTILAYERS 

In order to test the existence of the predicted magnetorefractive effect, we performed optical 
transmission measurements at normal incidence under an applied magnetic field through a series 
of multilayers with the following structure : [50 Ä Ni8oFe2o/tCu Cu/20 Ä Co/tCu Cu]x3 , with 
tCu ranging from 7 Ä to 36 Ä. The multilayers were deposited by RF diode sputtering on 200 
|im thick high resistivity ( 300 £l.cm) Si(100) substrates polished on the two sides, with a 50 A 
Fe buffer layer. One can find elsewhere detailed results on the structural, magnetic and DC 
transport properties of these samples [24]. 

We performed two different kinds of measurements. First, we measured the transmission 
spectra at fixed magnetic field with a fourier transform infrared spectrometer Perkin Elmer 1760, 
used at 64 cm-1 of spectral resolution. We accumulated typically few thousand scans to obtain a 
good signal over noise ratio. The incorporated light source of the spectrometer is obviously not 
polarized, and the light was incident on the multilayer side of the samples. Furthermore we 
verified that the absoption of the Si substrates is very small between 2 |im to 20 Jim, and that the 
interference fringes which could possibly appear on the spectra due to internal multiple reflections 
in the substrates were averaged"out due to the moderate spectral resolution we used. Secondly, 
we measured the field dependence of the transmission at fixed wavelength, using a CO2 laser 
operating at 10.6 urn of wavelength as light source incident on the multilayer side, and a liquid 
nitrogen cooled HgCdTe detector. The transmission hysteresis loops were recorded on a digital 
oscilloscope in XY mode, by averaging over 256 cycles of the magnetic field which was in this 
case modulated at few ten Hertz. We used in both cases approximatively 1/4 cm2 pieces cut from 
the original 2" wafers, put into a special holder incorporating a pair of magnetic coils which 
allowed us to apply staticor low frequency modulated magnetic fields when measuring the 
spectra, in the plane of the films and ranging from 0 up to 1500 Oe. 

We first focused our attention on the three samples with tCu = 9.5, 22 and 34.5 A, 
corresponding to the three first maxima of antiferromagnetic interlayer exchange coupling of the 
Ni8oFe2o/Cu/Co system [24]. This means that at some field Hmax around zero field the 
magnetization of neighbouring NisoFe2o and Co layers are almost antiparallel in these samples, 
which is indicated by a maximum value of the DC resistivity; and above some saturation field 
Hsat < 1500 Oe sufficient to overcome the antiferromagnetic coupling, all the magnetizations are 
aligned [24]. One can see on Fig.3(a) the transmission spectra under saturating applied field for 
the three samples, and on Fig.3(b) the relative change in the transmission defined as 
AT/Tsat = [T(Hmax) - T(Hsat)]/T(Hsat). The predicted variation of the transmission coefficient 
under the change of the magnetization structure, from the AP to the P state, is clearly observed. 
One has also to note that in the experimental geometry used (normal incidence, magnetization in 
the plane of the sample, unpolarized incident light, detector insensitive to the polarization ) neither 
the Faraday nor the Cotton-Mouton effects could induce any change in the measured transmitted 
intensity. In order to further substantiate our point, we performed the same measurements on the 
whole series of samples. One can see part of these data on Fig.4(a) where we plot AT/Tsat as 
measured at two different wavelengths ( 9 (J.m and 20 am) as a function of tCu, together with the 
plot of the relative change in the DC resistivity Ap/p[24]. One clearly recovers in the optical 
measurements the oscillation in the  magnitude  of the  effect observed in the DC transport 
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(b) - AT/T(H) = - [T(H)-T(Hsa,)]/T(Hsat) (1) measured at 10.6 Jim of wavelength, ploted with 
Ap/p(H) (2), for the sample [50 Ä Ni8oFe20/22 A Cu/20 A Co/22 A Cujx3. 

measurements, which is due to the oscillatory interlayer exchange coupling [3,24]. This clearly 
demonstrates that the observed effect requires a change in the relative orientation of the 
magnetizations to be observed, because it almost disapears for tCu values ( 15 Ä and 27 Ä ) 
where the ferromagnetic coupling suppress the possibility of such a change. We also observed 
for all the samples the change in sign of AT/T between the measurements made at 20 urn and 
those made at 9 (im of wavelength, previously visible on the spectra given in Fig.3(b). Finally, 
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we also measured the field dependence of the effect at 10.6 \im of wavelength using the CO2 
laser on the sample with tCu = 22 Ä, as one can see in Fig.4(b) where we also plot the field 
dependence of the change in the DC resistance. Despite a somehow larger hysteresis at low field, 
the two curves have almost the same shape. More strikingly, it is clear that once the sample is 
magnetically saturated there is no further change in the transmission, ruling out any possible 
spurious "paramagnetic" effect ( direct influence of the magnetic field on any part of the 
experimental set up ). Finally, when changing the polarization of the incident laser beam from 
parallel to perpendicular to the applied field we observe absolutly no change. 

In our view, the presented experimental results constitute alltogether a strong demonstration 
of the existence of the predicted magnetorefractive effect, and confirm its essential predicted 
features : the variation of the index of refraction at infrared wavelength is polarization 
independent and is observed when a change in the relative orientation of adjacent layer 
magnetizations occurs. Furthermore, we clearly observed the predicted smooth and oscillating 
wavelength dependence with a disappearance of the effect at short wavelength when cox » 1. 
This is a strong argument in favor of the proposed microscopic mechanism based on spin 
dependent scatterings. 

COMPARISON BETWEEN THE EXPERIMENTAL RESULTS AND 
NUMERICAL CALCULATIONS 

Apart from the very simple model derived in the SAL, we also developed a Mathematica™ 
notebook in order to solve numerically the Maxwell-Boltzmann coupled set of equations, Eqs. 
(l)-(3), in the case of a monochromatic plane wave incident at normal incidence on an arbitrary 
magnetic multilayer with colinear magnetization structure deposited on a dielectric substrate of 
finite thickness. We solve self consistently for two velocity distribution functions gs for the two 
spin directions s = + and for the electric field, neglecting the spin mixing, and using angle 
dependent transmission probabilities for the electrons at the interfaces [18]. We used a standard 
interference matrix method to compute the transmission and reflection coefficients. The detail of 
the method and extensive numerical results will be given elsewhere [25]. Our aim here is just to 
give the calculated results correspondings to the experimental measurements shown on Fig.3, in 
order to demonstrate that one can reach a reasonnable agreement between the model and the 
experiments. 

Thus, we considered the following stacking : 200 urn Si/50 A Fe/[50 A Ni8oFe2o/tCu Cu/ 
20 A Co/tCu Cu]x3, in the three cases : tCu = 9.5 A (1), 22 Ä (2) and 34.5 Ä (3). We take into 
account that approximatively the top 30 Ä of the stacking is oxidized, as it was assesed by TEM 
[26], treating mis part as a dielectric cap layer of dielectric constant 8oX = 9. The set of parameters 
used for all the calculations is ( following the previously defined notations ): £si = 11.56 at all 
wavelengths [26]; est = 1; p A  = 1000 nß.cm.Ä,   vF = 0.75 106 m.s-i, x(Fe)= 8 10-15 s, 
ß(Fe) = 0, D(Fe/NiFe) = 0.06,    -yCFe/NiFe) _ Q; tfNiFe) =2.3 10"15 S, ß<Fe) = -0.73, D(NiFe/Cu) =0.06, 
^(NiFe/Cu) = 0; T(Co) = 2.4 10-15 s, ß(Co) = _Q.82, D(Co/Cu) =0.48, 7<Co/Cu) = _ Q.88. We also 
assumed that the outer boundaries of the multilayer are perfectly diffusing for the electrons. 
Despite we did not perform a rigourous fit, this particular choice of parameters is found to 
reproduce quite well the experimental DC resistivities in the saturated state pSat(exp) as well as the 
GMR ratio Ap/p<exP> for the three samples, as one can see in Tab. 1. Using these parameters, 
we computed the transmission coefficients T(P) in the parallel state and the relative change 
AT/T = [r(AP)-T(P)]/T(P). One can see these two quantities plotted as a function of the wavelength, 
respectively in Fig.5 (a) and (b). Thus, one can directly compare Fig. 3 and Fig. 5. It is clear 
that although not quantitative, the agreement is quite good, particularly when considering that we 
adjust the parameter to reproduce the DC measurements and then we compute with this same set 
the optical properties. 
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Sample (1) Sample (2) Sample (3) 
D„,r(«P)   n£Xcm 29. 23. 17. 
P^Ccalc)   (ifl.cm 28.1 20.6 16.3 

Ap/p(exp)      % 13.8 11.3 8.1 
Ap/p(calc)     % 13.9 10.4 8.1 

Tab.l. Experimental DC resistivities in the saturated state pSat(exP) and GMR ratio 
Ap/p<exP), for the Si/50 A Fe/[50 A Ni8oFe2o/tCu Cu/ 20 A Co/tCu Cu]x3 samples 

with tCu = 9.5 A (1), 22 A (2) and 34.5 A (3), compared to the calculated values. 
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Fig.5 Calculated transmission TOP) (a), and relative change AT/T (b), as functions 
of X0 the wavelength in vacuum, for the three [50 A NigqFe2o/tCu Cu/20 A Co/tCu Cu]X3 

multilayer samples with tCu = 9.5 A (1), 22 A (2) and 34.5 A (3). 

In our view, this quite good agreement between a free electron ( no potential steps at the 
interfaces ) Boltzmann equation based model of the linear response functions and the exposed 
experimental results, from zero frequency up to 1015 Hz in [NigoFe2o/Cu/Co/Cu] multilayers, is a 
strong and new support of the currently most popular interpretation of magnetotransport 
properties in multilayers based on spin dependent scattering mechanisms. 

CONCLUSIONS 

We have shown for the first time, both theoretically and experimentally, that a change in the 
relative orientation of adjacent F layer magnetizations in magnetic multilayers shall be generally 
associated with a significant change of their refractive index, which is mostly prominent at 
infrared wavelengths. This effect appears because of the non locality of the intraband optical 
conductivity which average the electron scattering rates over the shorter of the following length 
scale : A the electron mean free path, or vp/co the ratio of the Fermi velocity by the optical wave 
angular frequency. 

This effect was shown to have completely different symmetry properties compared to the well 
known Kerr-Faraday or Cotton-Mouton magnetooptical effect: it does not depend on the relative 
orientation of the optical electric field (the polarization ) and of the magnetizations. It is thus 
clearly a new magnetooptical effect that we propose to name the magnetorefractive effect. 
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This effect is closely linked to the GMR effect, and in some sense, one can say that the 
magnetorefractive effect is related to the GMR in the same way as the intraband part of the Kerr- 
Faraday effect is linked with the extraordinary Hall effect [23]. 

Quite good agreement is obtained between numerical calculations based on the Maxwell- 
Boltzmann coupled system of equations and optical transmission measurements between 2 um 
and 20 |im of wavelength on [NigoFe2o/Cu/Co/Cu] multilayers, using the same set of parameters 
which allows to reproduce the DC resistivities and GMR. In our view, this agreement from zero 
frequency up to 1015 Hz is a strong and new support of the interpretation of magnetotransport 
properties in multilayers based on spin dependent scattering mechanisms. 

This newly observed effect seems to open many new experimental possibilities regarding to 
conventionnal DC transport measurements : easy in-situ characterizations, reflection 
measurements on multilayers deposited on metallic substrates... 

Finally, we stress that even though this paper is dealing with multilayers, one can certainly 
expect similar effects in non laminated structures like granular materials [28]. Quite independently 
of the spatial distribution and nature of the magnetized entities involved ( granules, layers ), the 
magnetorefractive effect as well as the GMR just require that one can induce some change in the 
magnetization arrangements on a length scale not too large compared to the range of the non local 
conductivity. 
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SECOND ORDER MAGNETO-OPTIC EFFECTS IN EPITAXIAL FE(llO)/ 
MO(llO) BILAYERS 

R.M. OSGOOD III, R.L. WHITE and B.M. CLEMENS 
Department of Materials Science and Engineering, Stanford University, Stanford, CA 94305 

ABSTRACT 

The signal measured during a Magneto-Optic Kerr Effect (MOKE) experiment is usually 
assumed to be linear in the magnetization (or the magnitude of the magneto-optic coupling 
vector Q that is proportional to the magnetization) so that a plot of the magnetization 
versus applied field can be obtained. We have observed an appreciable contribution from 
the Q2 term in the magneto-optic response of epitaxial Fe(110)/Mo(110) bilayers. The Q2 

term in the magneto-optic response is much larger than that predicted by existing theory. 
We re-derive and modify the existing theory to fit the Q2 term. 

INTRODUCTION 

MOKE has proven its usefulness in a number of magnetic thin film systems where it 
has been used to investigate the thickness dependence of the Curie temperature, search 
for magnetic ordering, and determine the anisotropy1. The latter measurement requires a 
magnetization curve in order to determine the anisotropy or saturation field. To obtain 
such a curve, the MOKE signal must be proportional to the magnetization M (the absolute 
value of which is proportional to Q, the absolute value of the magneto-optic coupling vector2). 
Most workers in magneto-optics have assumed that the higher order terms in the magneto- 
optic response are negligible due to the smallness of Q and because for purely in-plane 
magnetization the second order term is proportional to the product of the components of 
M lying parallel and perpendicular to the plane of incidence1'3. In an isotropic thin film, one 
of these two components is usually zero because the external field H is applied parallel or 
perpendicular to the plane of incidence so that the Q2 terms vanish. In films with in-plane 
magnetic anisotropy, however, there can be a non-zero component of M perpendicular to 
H\ the anisotropy forces M to reverse by coherent rotation when H is close to parallel to 
the hard axis. We shall show that in a magnetically anisotropic Fe(110)/Mo(110) bilayer, 
the large size of the component of M perpendicular to H creates a measurable Q2 term in 
the magneto-optic response. 

EXPERIMENTAL 

A (HO)-oriented Fe/Mo bilayer was grown following a well-known procedure that guar- 
anteed epitaxy4. A seed layer of Mo was deposited onto a AI2O3 substrate heated to above 
650° C which was subsequently allowed to cool to below 100° C before deposition of the Fe 
layer. Torque magnetometry determined the uniaxial and biaxial anisotropy constants to be 
respectively 9.0xl04 ergs/cm3 and 1.6xl04 ergs/cm3, with an easy axis along the in-plane 
[001] direction. The magnetization curve (measured with vibrating sample magnetometry 
(VSM)) along the hard axis could be simulated assuming pure rotation (no domain wall 
motion). The demagnetizing field confined M to the plane of the sample. 

A He-Ne laser beam (633 nm) polarized parallel to the plane of incidence ('p'-polarized) 
was incident on the sample at an angle from the film normal between 5° and 29°.   Both 
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rotation and ellipticity (9k and tk, respectively) were measured as functions of H. The 
dimensionless longitudinal (mi) and transverse (mt) components of the unit vector in the 
direction of M were respectively parallel and perpendicular to H. In this small angle limit, 
the magneto-optic response is given approximately by: 

9k + itk = 
—iQOmi n0 1 + iira 

■ iwa 
)Q2m1mt, (1) (ng-1)     (n2-l)'n2-l 

where 6, n0, and 4xa are respectively the angle of incidence in radians, the index of refrac- 
tion, and the contribution to the on-diagonal term of the dielectric tensor from electrons 
whose equations of motion are not affected by the force from the magetization (see below for 
an explanation of the iira term). Time-reversal symmetry considerations dictate that the 
magnetization curve will go into itself if reflected through the origin5; therefore, the term 
proportional to Q mi is symmetric (i.e., can be reflected through the origin into itself), 
while the term proportional to Q2 mimt is asymmetric (cannot be reflected through the 
origin into itself). 
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Figs, la and lb. Observed ellipticity (left) and rotation (right) as a function of H. 
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Figs. 2a. and 2b. mt (left) and product of m; and mt (right) as a function of H. 

Displayed in Figs, la and lb are the observed ellipticity and rotation for H close to 
parallel to the [110] direction and an angle of incidence of 11°. The rotation and particularly 
the ellipticity are asymmetric and exhibit the presence of the Q2 m\mt term (from Eq. 1). 
Our magneto-optic measurement of mt is shown in Fig. 2a, and the product of mt and m; 
(also determined magneto-optically) which determined the shape of the Q2 term is shown 
in Fig. 2b (as in Figs, la - b, H is applied close to parallel to the [110] direction and the 
laser's angle of incidence is 11°). An explanation of how mt was measured magneto-optically 
is given in a related article6; mi was obtained by using the same dependence on H as the 
rotation signal at an angle of incidence of 29° (this signal was almost perfectly symmetric 
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and was very similar to the hysteresis loop measured by VSM) and assuming mi = ±1 at 
saturation. As the angle of incidence is reduced, the coefficient of the term proportional 
to Q mi becomes smaller, while the coefficient of the Q2 term remains constant: thus, the 
hysteresis loops become even more asymmetric at small angles of incidence, degenerating 
into the structure of Fig. 2b as the angle of incidence is reduced to zero. This has been 
confirmed by our experiments. 

The existing theory of magneto-optics by Metzger et al.3 assumed a = 0. This gave 
a coefficient of the Q2 term that was much too small to explain our observations. In the 
following section, we calculate explicitly the coefficient of the Q2 term for the case of normal 
incidence (this is a fairly good approximation to our experiments because the coefficient of 
the Q2 term is relatively constant with angle at small angles of incidence). We show how 
the existing theory predicts a very small effect while our modification to the theory is large 
enough to explain the observed Q2 mimt term. 

THEORY 

Let us consider the case of the laser beam at normal incidence to the sample surface (i.e. 
parallel to the z-axis so that 0 = 0), with the in-plane magnetization along the in-plane 
z-axis. We derive the size of the Q2 term in the case of normal incidence because the physics 
is much more straightforward than in the case of an arbitrary angle of incidence and because 
exact calculations and our experiments show that the Q2 term is approximately independent 
of angle of incidence for small angles of incidence7. Fitting a to the expression for the Q2 

term at normal incidence gives the correct value of a for small angles of incidence. 
The incident electric field is Eexp(iu>t — i\k\z), where k, E and w are the wavevector, 

electric field vector, and frequency of the light wave, respectively. The absolute value of the 
wavevector | k | equals u;/c outside the sample and n0u/c inside the sample in the absence 
of magnetization (c is the speed of light and n0 is the index of refraction in the absence of 
magnetization). Note that in the derivation below, the absolute value of the magnetization, 
| M |, is constant. 

The dielectric tensor enters the wave equation in the following manner: 

-.     ~     -     J2   - 
k x k x E + — IE = 0. (2) 

where i is the dielectric tensor of the sample. Following Yariv and Yeh8 (although in CGS 
units), we write: 

/ txx - n2   0 0  \  / Ex \       / 0 \ 
0 ezz-n2   eyz  \ \  Ey     =     0     . (3) 

V       0 ezy tzzJ\Ez)      \ 0 / 

This allows us to find the eigenmodes of propagation with their respective eigenvalues 
or indices of refraction. There are two eigenmodes, polarized parallel and perpendicular to 
the magnetization, and therefore two indices of refraction: ray and nx (given in terms of n0, 
the index of refraction at zero magnetization): 

Eigenmode # 1: 

«i = e„ + ^ (4) 
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£»     • (5) 

Eigenmode # 2: 

(6) 

(7) 

The sample reference frame has basis vectors parallel (x) and perpendicular (y) to the 
magnetization direction and perpendicular (z) to the sample. In this reference frame, the 
reflectivity matrix is given by: 

0 

l-nj. 
1+nj. 

0 
0 
1_- (8) 

where rxx and ryy are reflection coefficients of the sample that give the amplitudes of respec- 
tively reflecting light polarized parallel to the x and y directions into the same polarization 
state. Note that there is no coupling between different polarizations. 

We can rotate the reflectivity matrix an angle 6 about the z axis, where M is at an 
angle from the transverse direction. M (which lies along the x-axis in the film frame) can 
be written: M =| M \ x =| M \ (cos 8s + sin 9p) =| M \ (mts + mip), where s and p are unit 
vectors in the transverse and longitudinal directions, respectively. In the laboratory frame, 
the reflectivity matrix can be written: 

)"( 

ryy cos2 9 + rxx sin2 6   (ryy - rxx) sin 9 cos 8 
c cos2 9 + ryy sin2 6 

(9) 
■ »P   ■ M /       v (rsra - r*z)sin 9 cos 9   r*x cos2 ° + rw sin* 6 ) 

where rps and rsp are reflection coefficients of the sample that give the amplitudes of respec- 
tively reflecting V polarized light (along the transverse direction) into 'p' polarized light 
(along the longitudinal direction) and vice versa. 

The measured response is: 

8k + itk = rp3/r3. 
(ryy -rxx)sm9cos9 (rv ■ rxx)mimt 

Substituting the reflection matrix from Eq. 8 gives (valid to third order in Q): 

/l_n. 1—nil \ 

8k + *«* : 
Vl+nx ("x - nf,)m,mt      (ex '-)mimt 

l-np 
1+no 

(10) 

(11) n0{nl - 1) n0(nl - 1) 

Now let us consider the dielectric tensor used by Metzger et al.3 (in the film frame, with 

M=\M\x): 

0 
0 

0 0 \ 

-inlQmx   n
2

0 + ^§j J 
(12) 
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Note that the second order term in the dielectric tensor is equal to the first order term 
squared and divided by {n\ — 1); in a sense, these two terms are not independent of each 
other. Substituting the values for the dielectric components given in Eq. 12 into Eq. 11, 
we get: 

Q2n0mimt 

^^-"K^IT ( } 

which agrees with Metzger et al.3.  Using values for Q and n0 fitted to our experimental 
results (Q = 0.018 + i 0.004, n0 = 2.5 - i 3.5)5, we obtain: 

6k + iek £ 3 x 10~6m;m,, (14) 

which is at the limits of detection of our system. 
We can go further than Metzger et al.3 and make the terms in the dielectric tensor 

first and second order in Q linearly independent. Metzger et al.3 obtained the dielectric 
tensor using Bolotin and Sokolov's approach of calculating the conductivity from classical 
electronic equations of motion in the presence of an effective magnetic field equal to M9. We 
follow this approach, except that we postulate the existence of two groups of electrons: one 
group (which we identify with bound electrons) whose equations of motion don't include 

a force from M, and another (which we identify with the conduction electrons) whose 

equations of motion do include a force from M. This division of electrons into two groups 
was inspired by Argyres10, who in his quantum mechanical calculation of the dielectric tensor 
split integrals over states into two groups: integrals over states occupied by 'magnetic' and 
'non-magnetic' electrons. In Argyres' calculation, both groups of electrons contributed to 
47ra; for simplicity, we have assumed that only the 'non-magnetic' electrons contribute to 
iira10. Essentially, we are fitting the second order term independently of the first, not 
assuming the two to be related in the manner of Eq . 12. Note that our method gives the 
same first order term as Metzger et al.3. The force equations for the two groups of electrons 

Bound electrons : F\ = mf[ = — eE — rruJlfi — mflj (15) 

Conduction electrons : F2 = rnf2 = — eE — mr^f rj x 4-ivM, (16) 
c 

where r£2 is the displacement of the bound and conduction electron from the origin, u?0 is 

the frequency of the bound electron, m is the electron effective mass, (M =| M |) is the 
magnetization, e and c are the electronic charge and speed of light respectively, and 7 is a 
damping factor (equal to — ix the scattering rate in the zero frequency limit). 

Substituting r^e""* for r£2 and wc for the product ^„J''', we write down the following 
equation for the displacement of the conduction electrons: 

1 —ijmu)   0 

0 —ifmoj 

^      0        iu>ucmx 

I Ex \ 
Ey     .       (17) 

Recalling that 2=1+ 4irx and the definition of the polarization, P = j(E, we write 
P = —ßnefi — (1 — ß)nef2, where ß is the fraction of bound electrons and n is the total 
electron density. This gives for the total dielectric tensor 2: 

2=1(1+4«*) + ^ . (18) 
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where 4xa = miJ^utji\ 
K ^e contribution to the dielectric tensor from the bound elec- 

trons and the conductivity tensor (ä) is given by: 

4?rä 47r<To 
l-(wcr)

2   0 0 
0 1 —iucTmx 

0 iucTmx 1 1-Kr)2' 
(19) 

. Note where g- = „jff~S and r is a frequency-dependent factor given by: r - ^_"-,w) 
that ^^ = (rag — 1 — 4?ra). Writing the conductivity in this manner allows us to make 
the dielectric tensor a function of n0, Q, and 4ira only; the latter two variables can be fit 
to the magnitude of the terms in the magneto-optic response first and second order in Q, 
respectively (see Eq. 1 and Ref. 6). 

Substituting Eq. 19 into Eq. 18 gives the complete expression for our dielectric tensor: 

(n\   0 0 \ 
n 2   ,   (n3-l-4*<»)(c,cT)» 
u      "0 T l_(WcT)2 

"0 + 

0       0 

ft      4jrgQ (-WcT)mi 
tw     1—(WCT)

2 

Aitag (wcT)mj 
tw   1—(ü/cr)

2 

«2 j_ (ng-l-4ffa)(^cT)2 

l-(WcT)2 

(20) 

The first order term of the dielectric tensor is given by: 

tyZ = inlQmx, (21) 

where Q is of order 10~2. Comparing our dielectric tensor (Eq. 20) to Eq. 21 and using the 
equality ^^ = (n2, — 1 — 4?ra), we write down the following equality: 

. (nl - 1 - 4jra)f—j-^—rr = miQmx 1 - {OJCTY 
(22) 

and solve for O;CT, which gives (valid to second order in the quantity n2_"°_4Tg, which is 

of order 10_1 using the values of no and Q given earlier and a fitted value of ixa = 
-3.6 - 14.6 i5): 

U>CT : 
n%Q 

no — 1 — 47ra' 
(23) 

which agrees with Metzger et al.3 in the limit of a -* 0. Metzger et al. use a different 
notation; they use the variables A and A for the quantities U>CT and n% — 1 (valid to first 
order in A), respectively3. 

Having solved for O>CT, we can then write down an expression for ezz in terms of n0, Q, 
and 4wa: 

,     (n2
0-l-4Ta){ucr)2        , 

= no H j ,   /.. „12 = "o + 
<Q2 

■ (wcr)
2 ~ '"u '  (ng - 1 - 4?ra)' ^ 

which is valid to third order in UCT. This expression agrees with Metzger et al.3 in the limit 
of a —> 0. Our theory therefore has the following dielectric tensor: 

€-xx 0 0  > \ 
0 tzz ^ = 
0 £zy «» ) 1 

/ng o 
U      U0 + (ng-l-tora) 
0    —inlQmx 

0 \ 

"0+ (nJ-l-4iro)   / 

(25) 
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Plugging the tensor components exx,ezz, and eyz into Eq. 11 and using the values of nQ 

and Q given earlier, we obtain: 

0       . Q2mimt{nl-^^) ÖW;(Ä)K.     1f)_4 ,„. 

'* + *> = ^öJFi) = ört = ,m"   (a6) 

which is easily observable by our system. We fit Ana to the magnitude of the Q2 term. Note 
that our results coincide with those of Metzger et al.3 in the limit of a —> 0. 

CONCLUSION 

We have shown how the MOKE signal from an epitaxial Fe(110)/Mo(110) bilayer con- 
tains a significant contribution from a term proportional to Q2. This term can appear in 
the magneto-optic response from any sample with a non-zero mt (and therefore an in-plane 
anisotropy). This term is proportional to the product mimt and therefore does not go into 
itself if reflected through the origin. We have modified the existing theory of magneto-optics 
to explain the magnitude of the Q2 term in the magneto-optic response. 
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91128 Palaiseau Cedex, France. 
**Institut d'Optique Theorique et Appliquee, Centre Universitaire, Bat 503, 
91403 Orsay Cedex, France. 

ABSTRACT 

We present an electromagnetic enhancement mechanism for the magneto-optical response 
of noble metal / ferromagnetic metal multilayer thin films. When such a structure is 
illuminated in total reflection condition, the resonant coupling of light with the noble metal 
surface plasmons gives rise to an amplification of the magneto-optically induced component of 
the light electric field. The experimental results obtained on a 30nm-thick Au / Co / Au model 
system show that this resonant feature observed in the Kerr rotation and ellipticity corresponds 
to a strong enhancement of the magneto-optical figure of merit and signal-to-noise ratio. 

INTRODUCTION 

Enhancing magneto-optical (MO) effects stimulates a wide interest as it may promote new 
capabilities of optical techniques for studying magnetic material properties and because of the 
possible applications to information storage. Any approach to enhance the MO response (i. e. 
the MO figure of merit) of a structure involving a given magnetic material must account for 
two necessary conditions: the media must provide a high optical response (reflectivity) and a 
large (Kerr) rotation or ellipticity.1,2 

Here we show that these two required conditions can be satisfied in simple systems such as 
noble metal / ferromagnetic metal multilayer thin films which are already known to exhibit 
large MO effects.3 Our experimental and theoretical results obtained on a model Au / Co / Au 
structure4 evidence that a resonance-like characteristic feature is observed in the MO effects at 
the angle of incidence beyond the total reflection limit where the noble metal (gold) surface 
plasmon modes5 couple with the p-component of the evanescent light electric field. This 
feature results in a strong enhancement of the Kerr rotation and ellipticity and above all of the 
MO figure of merit and of the signal-to-noise ratio. 

EXPERIMENT 

The sample is a Au / Co / Au film of total thickness d = 30 nm, grown on a glass plate 
under UHV conditions.6 The thicknesses of the substrate and cap gold layers are respectively 
d' = 25 nm and d" = 4 nm. The I = 1 nm-thick cobalt layer has its easy-magnetization axis 
perpendicular to the film plane and exhibits a square hysteresis loop. 

In our experiment,4 the glass plate is optically coupled to a half-cylindrical glass prism 
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with adapting refractive index liquid. Linearly polarized light of wavelength 647 nm (the red 
line of a krypton-ion laser) illuminates the sample through the prism at a variable incident 
angle 6. The intensity and polarization of the reflected beam are analyzed. The MO 
measurements are performed by specific modulation technics. The saturated magnetization of 
the Co-layer is periodically flipped by applying an alternative pulsed magnetic field 
perpendicular to the film plane and larger than the Co-layer coercive field (= 800 Oe). The 
resulting modulation of the reflected light polarization induced by the MO effect is detected as 
an intensity modulation through a polarization analyzer. The ac component of the detector 
output signal at the modulation frequency, measured with a lock-in amplifier, is the amplitude 
of the MO hysteresis loop at zero external magnetic field. 

For a unit excitation intensity, the dc detector output signal is half of the reflectivity R and 
the ac signal is taken as the definition of the MO figure of merit.1 The polarization analyzer is 
either a linear analyzer oriented at 45° to the incident polarization axis, or a circular analyzer, 
i. e. a quarter wave plate inserted in front of a linear analyzer oriented at 45° to the plate axis. 
For linear (resp. circular) detection, we note S1 (resp. S°) the value of the MO figure of merit 
and K1 (resp. K°) the Kerr rotation (resp. ellipticity) which is the ratio of the ac component to 
twice the dc component of the detector output signal. 

When considering the MO effect as the appearance of a component perpendicular to the 
incident polarization direction, the complex amplitudes, ER

S and ERP, of the s- and p- 
components of the reflected light electric field are related to the incident ones, EQ

S
 and EQ

P
, by 

the following tensorial expression •? 

1     ■ p"    ps 

(!) EP /   l pP*   PPP j\ EP 

This relation defines the complex reflection coefficients p of the whole structure for each 
component of the reflected electric field. Writing these coefficients in the general form 
p = r e1*, the different quantities measured in the MO experiment, for instance in the case of a 
p-excitation, are given by : 

Kl_r*PC0S(A(p) KC_r*Psin(A4)sP) 
rPP rPP 

R = (rPP)2 (2) 

(3) 

Sl = 2rPPrsPcos(A(t)sp) = 2RK1    and   Sc = 2rPPr*Psin(A(|>
S
P) = 2 RKc (3) 

where A<tPs = tf® - <j>Ps. Similar expressions hold for s-excitation with permutation of the 
superscripts s and p. 

RESULTS 

In Fig.l are plotted the variations, with the incidence angle, of R (curves a and b), K1 

(curves c and d) and Y? (curves e and f), that we measured for both incident polarizations. For 
p-excitation, the pronounced minimum of reflectivity (curve b) characteristic of the excitation 
of the gold surface plasmon5 is observed beyond the total reflection limit (6 > 41.5°) at the 
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Figure 1 : Reflectivity (curves a and b), Kerr rotation (curves c and d) and ellipticity 
(curves e and f) as a function of the incidence angle 9, for £- Qeft column) and p- (right 
column) excitation, the Symboles represent the experimental points and the full lines are 
obtained from theory. 

resonance angle Qjj = 44.5° (for the light energy that we uses). In the vicinity of 6R, the MO 
quantities all exhibit a resonance behavior for both s- and p-excitations. 

The precise theoretical description of the MO properties of magnetic metallic multilayer 
thin films, from which we obtained the theoretical curves plotted in Fig.l (full lines), is not 
detailed here.4,8 The main feature occuring at resonance may be understood when considering 
the analytical expressions, to first order in £ of the MO components of the reflected light 
electric field, i. e. of pPs and psp which are involved in all the measured MO quantities. In 
these expressions, we use the complex reflection coefficients p and transmission coefficients x 
of the two light electric field components,^ as indicated by the superscripts s or p, at the 
different interfaces between two adjacent media designated by double-number subscripts 
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where 1 refers to glass, 2 to gold, and 3 to air. Denoting e2 and k2 respectively the dielectric 
constant and the complex z-component (the z-direction being the normal to the surface) of the 
light wave vector in medium 2 (gold), pps is given, in this framework, by: 

pns _    k2 Eb C     e**1' xj2 (1 + pj3 e
2**»") «**■' ^ (1+ & e2**»") (5) 

2E2 cos (6) 1 + pf2 p|3 e2**1 1 + p?2 p& e2*2" 

The first factor of Eq.(5) is the s-»p conversion factor in the Co layer. It is proportional to 
the magnetization through e^,, the off-diagonal part of the cobalt dielectric tensor. The second 
factor is the expression of the amplitude of the total s-excitation field in the Co layer. The third 
factor describes the propagation and interface transmission, between the Co layer and the 
observation in glass, of the p-wave magneto-optically generated in the Co layer. Both the 
second and third factors account for multiple reflections at the Au / air and Au / glass 
interfaces. The plasmon resonance arises here through pp

23 , in the numerator of the third 
factor (the denominator term involving pp

23 is attenuated), which shows around OR a strong 
amplitude enhancement (responsible for the maximum in the variation of K1) and phase 
variation (which explains that Kc go through zero). 

For p-excitation, p^ is obtained by replacing the first factor of Eq.(5) by the p-»s 
conversion factor eb tkg2 cos (0)/ 2k2 and by exchanging the superscripts s and p in the second 
and third factors. One can verify that for the considered magnetization orientation p^ = pPs. It 
is now the second factor, describing the amplitude of the total p-excitation field in the Co 
layer, which contains the resonant quantity pP23 in exactly the same form as in pPs. 

Thus, for any incident light polarization, the MO component of the reflected light electric 
field has the same complex amplitude psp = pPs and the coupling of the p-component of the 
light electric field, either magneto-optically induced in the Co layer or coming from the 
excitation, with the gold surface plasmon at the Au / air interface, gives rise to a resonant 
behavior of the MO component. 

According to Eqs.(2) and (3), we have deduced from the measurements presented in Fig.l 
the experimental variation with 6 of r^ and rps (Fig.2 curves a and b). As predicted by theory 
(full lines), these curves show that the magneto-optically induced component of the reflected 
light electric field is identical for both s- and p-incident polarizations [rps = i^P within the 
accuracy, around 0R, on the determination of rpp from the measurements of R = (rpp)2] and is 
about three times larger at resonance than in the standard non-total reflection geometry. 

Nevertheless, important differences appear around 0R in the behavior of the measured MO 
quantities according as the incident light is s- orp-polarized. TheKerr rotation, for instance, is 
enhanced at 6g by about a factor ten for p-excitation, and by a factor three for 
s-excitation. This larger enhancement of Kerr rotation for p-excitation is in fact "artificial". It 
is not due to the MO properties of the system but features the abrupt variation of the 
reflectivity. Indeed, as can be seen from curve b in Fig.l, rW, which enters as a denominator in 
the expression of K1 [see Eq.(4)], goes through a deep minimum (close to zero) at resonance. 
On the contrary, for s-excitation, the amplification (by a factor 3) of K1 at 6R is directly related 
to the one of rPs because r^ (see curve a in Fig.l) does not show any particular feature and 
remains almost equal to 1 in the whole range of incidence angle. This emphasizes that when 
the reflectivity varies, the Kerr rotation and ellipticity are not significant enough to describe 
the MO properties of a system. 

As an important consequence, although the MO component of the reflected light electric 
field are identical for both incident polarizations, the two conditions (large reflectivity and 
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Figure 2 : Variation, as a function of the incidence angle 9, of rPs and I4*? (curves a and b), 
and of the maximum figure of merit Sm for s- and /»-excitation (curves c and d). the 
Symboles represent the experimental points and the full lines are obtained from theory. The 
variation of r?s and I*P also represents the variation of the signal to noise ratio (in arbitrary 
units) related to the measurement of Sm respectively fors- andp-excitation. 

large rotation or ellipticity) required to obtained a large MO response are satisfied at resonance 
for j-excitation but not forp-excitation. This is evidenced when considering the variation with 
incidence angle of the maximum figure of merit Sm (= 2 r® rPs, for s-excitation) that one can 
deduce from the measurements presented in Fig. 1 or directly measure by compensating at 
detection the phase difference (A<j>Ps or A<j)sP) between the s- andp-components of the reflected 
light electric field. For j-excitation (Fig.2.c), Sm shows a strong enhancement directly related 
to the amplification of rPs (Fig.2.a), while forp-excitation (Fig.2.b), the same resonance effect 
on r^ (Fig.2.b) is strongly attenuated by the low value of the reflectivity, i. e. of rPP. 

Finally, one can roughly consider that the noise in the MO signal is proportional to the 
square root of the reflectivity, i. e. to r" or rPP. Then, the signal-to-noise ratio related to the 
measurement of Sm is proportional to rP5 (Fig.2.a) or rsp (Fig.2.b) and also shows a large 
enhancement at resonance. Therefore, for ^-excitation, the situation is particularly favourable 
as both the true MO response, i. e. the figure of merit, and the signal-to-noise ratio are 
enhanced at resonance. 

CONCLUSION 

We have shown that in magnetic metallic systems the coupling of light with the surface 
plasmon modes may provide surface enhanced MO effects. This coupling occurs in a very 
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simple total reflection arrangement. The quality factor of the surface plasmon resonance is 
high when | Re(e) / Im(e) | » 1, e being the dielectric constant of the metal, which is the case 
for noble metals in a wide spectral range including the near infrared and visible domain. 
Therefore, this technique is particularly well adapted to noble metal / ferromagnetic metal 
multilayer structures, already known to exhibit large MO response in standard geometry. We 
have presented here an experimental evidence of the resonance effect of surface plasmons on 
the MO properties of a Au / Co / Au model system. These results demonstrate that the 
conditions required to obtain large MO response can be satisfied at resonance, where a strong 
enhancement of the MO figure of merit and of the signal to noise ratio are observed. This 
amplification effect has also been observed in the near-field at the gold / air interface4 and 
preliminary results demonstrate that it occurs for any magnetization direction.10 
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ABSTRACT 

With appropriate processing conditions, nanoscale ferromagnetic particles precipitate from 
nonmagnetic matrix phase in the Co-Cr and Cr-Fe systems. In these heterogeneous alloys, unique 
magnetic properties are observed. In order to correlate such magnetic properties with the 
microstructures, we have employed an atom probe field ion microscope (APFIM) and a three 
dimensional atom probe (3DAP). In the Co-22Cr thin film sputter-deposited at elevated 
temperatures (-500 K), both APFIM and 3DAP data convincingly showed that the film was 
composed of lamellae-like ferromagnetic and paramagnetic phases of approximately 8 nm in 
thickness. On the other hand, it was shown that the films sputter-deposited at ambient temperature 
was composed of e-Co single phase without significant compositional heterogeneity. Based on 
these observations, we conclude that phase separation progresses during the growth of the film on 
a heated substrate. In the Cr-Fe alloy, large negative MR was observed in the as-quenched alloy at 
liquid helium temperature. However, the MR behavior changes as the phase decomposition 
progresses by annealing. The change in the MR behavior observed in this alloy with various heat 
treatment conditions will be discussed based on the microstructural characterization results by 
APFIM and 3DAP. 

INTRODUCTION 

Magnetic properties of materials are sensitive to the microstructure. Hence, in order to 
understand the mechanism of the emergence of magnetic properties, it is essential to characterize 
the microstructures in less than a nanometer scale. In many magnetic materials, properties arise 
when ferromagnetic particles evolve from a nonmagnetic matrix. Such examples can be found in 
some alloy permanent magnets such as Alnico, where nanoscale ferromagnetic particles precipitate 
from the matrix phase by phase decomposition. Similar phenomena were recently observed in 
some high density recording media and giant magnetoresistance (MR) materials. This paper 
present two such examples, i.e. decomposition in Co-Cr thin films and Cr-Fe alloys. The former 
is the fundamental system for high density recording media such as Co-Cr-Ta/Cr and Co-Cr-Pt/Cr, 
and the compositional heterogeneities in these films have been a subject of controversy. The latter 
alloy is interesting because it was recently found that large negative MR appeared in this system. In 
this study, we have analyzed local concentration changes in these materials in a subnanometer 
scale, and try to understand the correlation between the magnetic properties and the microstructure. 

EXPERIMENTAL 

For characterizing microstructures of these alloys, we have employed a time-of-flight atom 
probe field ion microscope (APFIM) and a three dimensional atom probe (3DAP). In an atom 
probe, atoms are field evaporated from the surface of a sharp needle shape specimen [1]. The 
mass-to-charge ratio is determined by measuring the time-of-flight of individual ions. By this way, 
atoms are sampled from a region which is covered by a small aperture (probe hole) of less than 2 
nm. Since atoms are always ionized from the surface of the specimen, it is possible to obtain 
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concentration depth profiles by collecting an extended number of ions. The lateral spatial resolution 
of such analysis is determined by the probe hole diameter and a monoatomic layer resolution is 
obtained in the depth direction. In a three dimensional atom probe, the mass to charge ratios and 
the coordinates of individual ions are determined simultaneously [2]. By collecting such 
information from an extended number of atoms, two dimensional element mappings can be 
constructed with a subnanometer spatial resolution. As atoms always ionized from the specimen 
surface, atom number corresponds to the depth of the specimen. Scaling appropriate depth distance 
as a function of the number of detected ions, three dimensional element mappings can be 
constructed [3]. The details of atom probes used in the present study are described elsewhere 
[4,5]. 

The Co-Cr film was deposited by rf magnetron sputtering from a Co-22at.%Cr alloy target 
on a Cu coated Si wafer substrate at an Ar pressure of 1.1 Pa. The film thickness was estimated to 
be approximately 3 um. During deposition, the substrate temperature was kept at approximately 
500 K. The specimens for atom probe analyses were prepared by using a combination of 
photolithography and micro-electropolishing. A detailed description of this method is given 
elsewhere [4]. It should be noted that the FIM tips were prepared in a planar direction of the film, 
and hence atom probe analyses were conducted in this direction. The specimens were etched 
symmetrically during electropolishing so that the analysis region corresponded approximately to 
the middle of the film, i.e., about 1.5 tun from both substrate and the surface. 

Cr-Fe alloy ingots with different compositions were prepared by argon arc melting. Small 
square rods of approximately 0.5 x 0.5 x 12 mm were cut out of the button ingot. These samples 
were solution heat treated in a vacuum sealed quartz tube at 1300 K for 1 h, men quenched into 
water (referred to as ASQ). Solution treated specimens were subsequently annealed in vacuum at 
773 K for periods of 400 and 2600 h (hereafter, referred to as 400 h and 2600 h, respectively). 
Magnetoresistance (MR) was measured at 5.8 kOe at three different temperatures of 4.2, 77 and 
300 K by the standard four-point probe method. Magnetic field is applied parallel to the electric 
current for all the MR measurements. 

PHASE DECOMPOSITION IN Co-Cr SPUTTERED THIN FILMS 

Co-Cr alloy is the fundamental system employed in current longitudinal high density 
recording media, such as Co-Cr-Ta and Co-Cr-Pt [7,8]. Co-Cr alloy thin film are also considered 
to be one of the most promising media for perpendicular recording [9]. It is well known that the 
magnetic properties of the thin film recording media depend on sputtering parameters, such as bias 
voltage, gas pressure and substrate temperature. One such example is the increase in coercivity and 
the decrease in media noise when Co-Cr based films are deposited on heated substrates [10,11]. 
The underlying mechanisms of such magnetic property changes, however, are not well 
understood. 

Magnetic measurements indicate that there may be compositional heterogeneities in Co-Cr 
binary alloy thin films [12-16]. For example, Fisher et al. [13] found that the saturation 
magnetization and Curie temperature of sputtered thin films were higher than those of bulk 
materials with the same mean composition. Subsequently, many investigations have attempted to 
confirm the presence of compositional heterogeneities in these alloy thin films [14-16]. It has been 
suggested that such compositional heterogeneities may be explained by grain boundary segregation 
of Cr. In this model, each columnar grain is thought to be magnetically isolated from neighboring 
grains by a Cr enriched grain boundary phase and thus could function as the minimum unit of the 
recording bit [17]. In order to test this model, several analytical electron microscopy studies using 
x-ray energy dispersive spectroscopy (EDS) were performed [18-20]. However, limitations in the 
spatial resolution of these methods, which employ a focused electron beam, make it difficult to 
obtain quantitative results that provide evidence for the grain boundary segregation or chemical 
heterogeneities within the small grains in sputtered thin films. 

It is impossible to observe compositional heterogeneities in these films by structure factor 
contrast using transmission electron microscopy (TEM), since the atomic scattering factor of Cr is 
very similar to that of Co. Maeda et al. [21-23], however, observed a chrysanthemum-like pattern 
(CP) structure within the grains of Co-Cr thin films deposited on heated substrates by chemically 
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Fig. 1   One dimensional atom probe concentration 
depth  profile  of Co-22at.%Cr  alloy thin film 
sputter-deposited at 573 K. 

etching the Co in the Co-Cr films. They proposed that the bright contrast in this CP structure 
represented preferential dissolution of regions which were Cr depleted prior to etching. Based on 
this interpretation, they concluded that fine compositional fluctuations existed within each grain. 
Many subsequent results were published supporting the presence of compositional heterogeneities 
within the grains. These included analytical 
TEM  studies  [24],  nuclear magnetic       g^ 
resonance (NMR) measurements [25,26], 
thermomagnetic analysis [27,28], small 
angle neutron scattering (SANS) studies 
[29] and atom probe investigations [30-33]. 

Figure 1 shows a one dimensional 
atom probe concentration depth profile of 
Co-22at.%Cr thin films sputter deposited at 
473 K, which convincingly showed that the 
films prepared at elevated temperatures were 
composed of ferromagnetic and 
paramagnetic phases of comparable 
dimensions. The specimen was prepared 
along the direction of the film, so the 
concentration depth profile represents 
fluctuations in the Cr concentration in the planar direction of the film. One phase is rich in Cr (~30 
- 40 at.%Cr), and the other is depleted in Cr (~5 - 10 at.%Cr). The sizes of Cr and Co enriched 
regions are comparable (~8 nm). The Curie temperature becomes lower than room temperature 
when the Cr concentration exceeds 25 at.%, hence the Cr enriched phase is paramagnetic and the 
Co enriched region is ferromagnetic. As the size of the paramagnetic phase is several nanometers, 
each ferromagnetic phase is believed to be isolated magnetically. The scale of the compositional 
fluctuation is significantly smaller than that of the grains, hence it is concluded that compositional 
fluctuations are present within the grains. Such compositional inhomogeneity cannot be explained 
by equilibrium grain boundary segregation and it is suggested that this is caused by phase 
separation which occurred during the sputtering process. The thin films deposited at the ambient 
temperature did not show such long range fluctuation of Cr concentration [32]. This indicates that 
sputter deposition on a heated 
substrate enhances the kinetics of 
decomposition, because high 
energy ions can migrate on the 
growing surface by a surface 
diffusion mechanism. In this 
case, the two phase state, which 
will never be achieved in the 
bulk specimen, can be realized 
by the sputter deposition at 
elevated temperatures. 

While the conventional 
atom probe data convincingly 
showed the presence of the 
compositional heterogeneity, it 
does not provide any 
information on the morphology 
of the phase. Hence, in order to 
visualize the morphology of the 
ferromagnetic particles, three 
dimensional atom probe analysis 
was performed. Figures 2 (a) 
and (b) show a three 
dimensional concentration 
mapping and isoconcentration 

Fig. 2  (a) Three dimensional atom probe concentration 
mapping of Co-22at.%Cr alloy sputter-deposited at 573 K. 
The color scale indicates the local concentration of Co in the 
analyzed volume. By TEM observation of the specimen, it 
was confirmed that the data was obtained from an interior of a 
grain, (b) Isoconcentration contour of 75at.%Co. This surface 
corresponds to interfaces between the paramagnetic and 
ferromagnetic phases. 
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Fig. 3 Low temperature phase diagram of 
the Co-Cr binary system which is reproduced 
based on Ref. 34. 

contours which were constructed by connecting 1600 
concentration data points of 75at.%Co, 
respectively. The three dimensional 
concentration mapping (Fig. 2(a)) shows there 
is significant fluctuation in Co concentration. It 
can be clearly seen that the Co enriched and Cr 
enriched phases form a lamellar structure. The 
thickness of the Cr enriched lamellae is 
approximately 5 nm. The isoconcentration 
contours correspond to the interfaces between 
paramagnetic and ferromagnetic phases. TEM 
observations did not reveal any evidence for the 
presence of multiple crystallographic phases, 
so both the Co enriched and depleted phases 
are hep E-CO. 

This work directly reveals 
compositional heterogeneity within grains of 
the Co-Cr thin films sputter-deposited at 
elevated temperatures. In addition, the three 
dimensional compositional mapping shows 
convincingly that the ferromagnetic and 
paramagnetic phases both exist in a lamellar 
structure. The lamellae of the Co enriched 
phase are also completely separated from each 
other by the lamellae of the Cr enriched 
paramagnetic phase, whose width is 5 - 10 nm. This thickness is believed to be sufficient to 
suppress exchange interactions between neighboring ferromagnetic regions. It also should be 
noted that if the ferromagnetic phase were composed of spherical particles less than -10 nm in 
diameter, the film would exhibit superparamagnetic behavior. These phases, however, form a 
lamellar structure within the grain, as shown in Fig. 2, and hence the ferromagnetic phase will be 
more resistant to thermal fluctuations due to shape anisotropy even though they are only a few 
nanometers in width. 

We believe that the origin of the lamella-like 
compositional heterogeneity is phase separation 
which progresses during film deposition at elevated 
temperatures. Based on the phase diagram calculated 
by Hasebe et al. [34], the isostructure two phase field 
appears at a temperature region below approximately 
500 K for the Co-22at.%Cr alloy as shown in Fig. 3. 
Hence, phase decomposition is expected to take place 
in the low temperature region for the Co-22at.%Cr 
solid solution. In the bulk, however, such phase 
decomposition would never occur, due to sluggish 
volume diffusion in this temperature range. The 
phase decomposition would be kinetically possible 
only during the film deposition process at the film 
surface, because during sputtering atoms have high 
kinetic energies and are mobile at the surface upon 
deposition. By elevating the substrate temperature to 
around 600 K, phase separation would progress two 
dimensionally by surface diffusion as schematically 
shown in Fig. 4. When the second monolayer 
develops, Cr atoms would segregate above the Cr 
enriched underlayer and Co atoms would segregate  Fig 4 Schematic   drawing   of   the 
above the Co enriched underlayer. Then a lamellar deposition process of Co.Cr thin film at 
structure composed of the alternating ferromagnetic an elevated temperature. 
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and paramagnetic phases would develop as the film grows (Fig. 4). When the substrate 
temperature is lower, the kinetics for surface diffusion are not fast enough and a compositionally 
uniform film should grow. For a better understanding of magnetic properties, it is also important 
to characterize the chemical inhomogeneities at grain boundaries. 

MAGNETORESISTANCE AND PHASE DECOMPOSITION IN Cr-Fe ALLOY 

Giant magnetoresistance (GMR) was reported 
for the first time in Cr/Fe thin films with the 
multilayer structure [35]. Since then, this 
phenomenon has been observed in many metallic 
multilayers which are composed of nonmagnetic and 
ferromagnetic thin layers of a few nanometers [36- 
39]. A recent discovery of GMR in alloy thin films 
with heterogeneous structure, in which nanoscale 
ferromagnetic particles are distributed in the 
nonmagnetic matrix phase, has stimulated research 
into non-multilayer type GMR [40,41]. This has been 
reported in the alloy systems composed of 
nonmagnetic and ferromagnetic elements with 
negligible solubilities like Cu-Co, Ag-Fe, Ag-Co etc. 
[42]. Moreover, it has been recently shown that a 
similar phenomenon is observed in melt spun ribbons 
of Cu-Co [43-45] as well as in bulk Cu-Ni-Fe alloy 
[46]. The origin of MR in these heterogeneous alloy 
films is believed to be similar to that of multilayer type 
GMR, i.e. the spin dependent electron scattering by 
the ferromagnetic particles. Although this type of 
GMR has been reported in many binary alloy 
systems, the Cr-Fe system has not been examined in 
the thin film or bulk alloy form with heterogeneous 
structure. The Cr-Fe system is quite different from the 
other systems where GMR has been reported in the 
heterogeneous structure in the following points: (1) 
the equilibrium solid solution exists above 1094 K in 
the entire concentration region, (2) it has a large 
miscibility gap below 1094 K, but the solubility limit 
of each side is as much as 10 at.% even at 700 K. 
Phase separation is expected to occur by aging the 
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Fig. 5  MR ratios, Dr/r at 5.8 kOe, of as- 
quenched Cr-25at.%Fe (referred to as 
ASQ), the same alloy annealed at 773 K 
for 400 h. (referred to as 400 h) and for 2 
600 h. (referred to as 2600 h). Measured 
at (a) 4.5 K, (b) 77 K and (c) 300 K. 

supersaturated solid solution at temperatures below 
the miscibility gap, although the kinetics of the decomposition is expected to be very slow below 
800 K due to the low bulk diffusivity. In order to attain a heterogeneous structure in the Cr-Fe 
system, it is necessary to anneal the supersaturated solid solution for an extended period of time. 
We have recently observed large MR in sputtered Cr-Fe thin films as well as in the bulk Cr-Fe 
alloys [47,48]. 

Figure 5 (a-c) shows the variation of the MR ratios of Cr-25at.%Fe alloy with three 
different heat treatment conditions (as-quenched, aged for 400 h and 2600 h at 773 K). In this 
figure, the values of Ap/p at 4.2,77 and 290 K were plotted as a function of applied magnetic field. 
Large negative magnetoresistance is observed in all specimens at 4.5 K. MR decreases 
monotonously to 5.8 kOe, but the magnetoresistance change does not seem to saturate even at 5.8 
kOe. The MR dependence on the heat treatment is not prominent at 4.5 K and all samples show 
similar behavior. However, it may be noted that the MR ratio at 5.8 kOe becomes smaller as the 
annealing time becomes longer. The tendency is entirely different at 77 K as shown in Fig.5 (b). 
The highest MR ratio was obtained in the 2600 h specimen and the as-quenched and 400 h 
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Fig. 6 Field ion micrographs and atom probe concentration depth profiles of the Cr-25at.%Fe 
alloy (a) as-quenched, (b) annealed at 773 K for 400 h and (c) annealed at 773 K for 2600 h. 
Images were observed with a mixture of Ne and He as an imaging gas. The probe aperture was 
located on the (Oil) pole. The dotted line shows the statistical error expected from 2a, two 
times of the standard deviation. 

specimens show similar MR behavior. The MR change at the low field region is more noticeable in 
the 2600 h specimen. At 300 K, the difference becomes more prominent. Although MR does not 
appear in the as-quenched specimen, the sample aged for 400 h. shows unsaturated monotonous 
MR changes. The specimen aged for 2600 h. shows a small but steep MR change at lower than 2 
kOe, but it almost saturates at that field. 

In order to understand these MR observations, it is essential to characterize the nature of Fe 
clusters in the alloy as a function of annealing time. Figures 6 (a-c) show field ion micrographs of 
Cr-25at.%Fe alloy in the (a) as-quenched, (b) annealed at 773 K for 400 h. and (c) annealed at 773 
K for 2600 h. and their corresponding one dimensional atom probe concentration depth profiles. 
In the FIM image of the as-quenched alloy, bright spots are uniformly distributed, suggesting that 
this is a homogeneous solid solution. In the specimen aged for 400 h., regions of brighter contrast 
are observed. However, these brightly imaging regions are not well defined and appear somewhat 
interconnected. This suggests that a limited degree of concentration fluctuation is present. The 
specimen aged for 2600 h. clearly shows many isolated Fe particles. From the continuity of the 
concentric rings of the small particles to those of the matrix, it can be seen that these precipitates 

512 



are coherent with the Cr matrix. The average size of 
Fe particles is estimated to be -4 nm and the 
interparticle distance is ~ 6 nm. The volume fraction 
of the ferromagnetic particles which is estimated from 
the area fraction of the brightly imaging region is - 
14 %. The atom probe concentration depth 
profiles demonstrate the changes in compositional 
fluctuations during the 
decomposition process quantitatively. In the as- 
quenched specimen, the concentration fluctuation is 
almost within the statistical errors, suggesting that the 
distribution of Fe atoms is homogeneous. No 
statistically significant long range concentration 
fluctuations are detected. On the other hand, small 
concentration fluctuations are recognized in the 
specimen aged for 400 h. There are Fe enriched 
regions with a diameter of -2 nm and a concentration 
of 50 at%Fe. The interface between the Fe enriched 
particle and the matrix is not well defined, suggesting 
that the interface may be diffuse. In the specimen 
aged for 2600 h, the Fe concentration of the Fe-rich 
particles reaches approximately 80%, which is still 
slightly lower than the equilibrium concentration 
estimated from the binary phase diagram. Since the 
solubility limit of Fe to Cr is high, a large amount of 
Fe (~10at.%) still remains in the Cr matrix. The 
diameter of the particles is estimated to be ~ 4 nm and 
the interparticle distance is comparable or slightly 
larger than this. 

The evolution of these ferromagnetic particles 
can be more clearly seen in the two dimensional 
concentration mapping obtained by the three 
dimensional atom probe. Fig. 7 shows two 
dimensional concentration mappings and their 
corresponding isoconcentration contours of (a) as- 
quenched specimen and of specimens (b) annealed at 
773 K for 400 h and (c) annealed at 773 K for 2600 h. In this figure, local concentrations of Fe are 
displayed with a gray scale. The concentration mapping of the as-quenched sample show only 
statistical concentration fluctuations and no Fe rich particles are observed. In the specimen 
annealed at 773 K for 40 h., fluctuations in Fe concentration can be clearly recognized. However, 
the interface between the Fe-enriched region and the matrix is still not clear. The isoconcentration 
contours indicate that the maximum concentration of the Fe-enriched region is only 50at.%Fe, 
which is significantly lower than the equilibrium value, 80at.%Fe. The concentration mapping 
indicates that the Fe-enriched regions are interconnected. This type of concentration modulation is 
expected in the early stage of spinodal decomposition. In the specimen annealed for 2600 h., 
discrete Fe rich particles are recognized. The concentration of Fe in the particles are ~80at.%Fe, 
which is close to the thermal equilibrium value. Isoconcentration contours indicate that the 
concentration change at the particle/matrix interfaces are much more discrete that those in the 
previous two specimens. Note that ~20at.%Fe are still remain in the matrix. 

Based on these atom probe results, the distribution of spins of Fe atoms as well as the 
spontaneous magnetization of ferromagnetic particles can be schematically represented as Fig. 8, 
where small arrows indicate the spins of independent Fe atoms and large arrows indicate the 
spontaneous magnetization of the single domain ferromagnetic particles. The aggregates of arrows 
represent ferromagnetically coupled spin clusters. The as-quenched alloy is spin cluster glass, in 
which a mixture of ferromagnetically and antiferromagnetically coupled spin clusters is present, 
while the chemical composition is homogeneous on a macroscopic scale but fluctuate in a statistical 

-20 nm 

Fig. 7 Two dimensional concentratioi 
mapping fo Cr-25at.%Fe alloy (a) as- 
quenched, (b) annealed at 773 K for 400 h 
and (c) annealed at 773 K for 2600 h. The 
gray scale corresponds to th 
concentration of Fe. 
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sense. The spins of the ferromagnetic ASQ annealed 
clusters are easily rotated by the application 
of a magnetic field, but the individual spins 
frozen as spin glass do not rotate easily as 
they are coupled by the 
RKKY interaction. The latter results in the 
unsaturated type MR, because the direction 
of the spin will not be aligned with the 
application of the usual strength of magnetic 
field. As temperature increases, the direction 
of the spin will be disturbed by thermal 
fluctuations and it will become impossible to 
align spins by the application of an external 
magnetic filed. However, the direction of 
spontaneous magnetization will still be 
aligned by an applied magnetic field, 
because the thermal energy is not large 
enough to perturb the direction of the 
spontaneous magnetization.  Hence,  at 
higher temperatures, the MR originated from 
spin glass disappears, but the MR originated 
from magnetic particles remains. The MR 
change   observed   in   Fig.   8   can   be 
qualitatively explained by the interplay of 
MR's   originated   from   ferromagnetic 
particles, spin and cluster glasses and their 
thermal agitation. Atom probe analysis 
clearly showed how much fraction of solute 
are dissolved in the matrix phase which cause spin glass effect at low temperatures and how much 
Fe are consumed for the formation of ferromagnetic particles. Also, it offered valuable information 
regarding the particle size, interparticle distance, density , and composition of ferromagnetic 
particles, all of which are key factors in controlling the MR in the heterogeneous alloy structure. 
Nanostructure characterization by atom probe analysis of these heterogeneous magnetic alloys will 
yield crucial information on the mechanisms of various magnetic properties. 

Magnetic Field 

Fig. 8  Schematic   drawings   of   MR   curves 
expected from three types of scattering sources, 
i.e. individual spins of Fe atoms, spin clusters and 
ferromagnetic particles. 
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ABSTRACT 

An unconventional technique combining Mössbauer spectroscopy with the effects induced 
by magnetic radio-frequency fields (rf collapse and rf sidebands) is employed to study the 
microstructure and magnetic properties of nanocrystalline clusters of bcc Fe formed by annealing 
amorphous Fe^.^yZryBxCuy (x=6, 8, 12, y=0, 2) alloys at 500-600°C. The rf-Mössbauer 
experiments allow us to distinguish magnetically soft nanoclusters from magnetically harder 
microcrystalline phases. The dependence of the bcc Fe phase formation on the alloy composition 
is discussed. The Mössbauer results are supplemented by DSC measurements. 

INTRODUCTION 

Recently, a new class of soft magnetic materials with high saturation magnetization and low 
magnetostriction has been developed by utilizing the first stage of crystallization of amorphous 
Fe-based alloys. It was found that by annealing the amorphous FeSiB-based alloys containing Cu 
and Nb the nanocrystalline bcc Fe(Si) phase is formed which exhibits excellent soft magnetic 
properties [1], Addition of Cu decreases the crystallization temperature and increases the 
nucleation rate, and a small amount of Nb limits the grain growth. The good soft magnetic 
properties of nanocrystalline alloys are well explained by the reduction of the effective magnetic 
anisotropy due to refinement of the grain size [2]. 

A nanocrystalline bcc Fe phase was obtained in ternary FeZrB alloys which reveal superior 
magnetic properties (higher saturation magnetization and permeability) as compared with 
FeCuNbSiB alloys [3]. Annealing of the amorphous precursor causes formation of nanoscale 
grains of bcc Fe which exhibit high saturation magnetization combined with low anisotropy and 
coercive fields and vanishing magnetostriction. Addition of 1-2% Cu to FeZrB alloys decreases 
the crystallization temperature and increases the nucleation rate. Boron enhances thermal stability 
of the nanocrystalline bcc phase [4] and affects the homogeneity of the bcc precipitates [5]. 

The structure and magnetic properties of nanocrystalline alloys have been extensively 
investigated by various experimental techniques including the Mössbauer spectroscopy which was 
successfully used for phase identification. However, information regarding the grain size and 
magnetic anisotropy is not available by conventional Mössbauer measurements. Therefore in the 
study of the microstructure and magnetic properties of the FeZrBCu alloys we applied an 
unconventional technique which combines the Mössbauer effect with the phenomena induced by 
an external radio-frequency field (rf collapse and sideband effects) [6]. The collapse of the 
magnetic hyperfine splitting occurs due to fast magnetization reversal induced by an external 
radio-frequency (rf) magnetic field. If the frequency of the rf field is larger than the Larmor 
precession frequency and the rf field is strong enough to overcome local magnetic anisotropy, 
then the magnetic hyperfine field is averaged to zero at the Mössbauer nuclei. The rf-collapsed 
spectra consist of a single line or a quadrupole doublet in the place of the magnetically split 
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six-line pattern, though the sample remains in the ferromagnetic state. The rf collapse is very 
sensitive to small changes of local magnetic anisotropy, what allows distinction of the soft 
nanocrystalline phase from the magnetically harder microcrystalline phases formed by annealing 
of the amorphous precursor. The rf sideband effect, directly related to magnetostriction, allows 
identification of the nanocrystalline phase thanks to vanishing magnetostriction. 

The rf Mössbauer technique was recently successfully used in the study of nanocrystalline 
FeCuNbSiB alloys [7]. Here we present the results obtained for Fe93.x.yZr7BxCuy alloys in 
amorphous, nano- and microcrystalline states. 

EXPERIMENTAL 

Amorphous Fe93.x.yZr7BxCuy (x= 6, 8, 12; y= 0, 2) alloys were prepared by the melt- 
spinning technique. The ribbons were 4 mm wide and about 25 urn thick. In order to obtain the 
nanocrystalline phase the amorphous alloys were annealed in an Ar atmosphere for 1 hour at 
430°C, 500°C, 550°C, 600°C and 780°C in a furnace heated with halogen lamps. The differential 
scanning calorimetry (DSC) measurements at the heating rate of 20 K/min were performed to 
determine the first and second crystallization peaks. Conventional Mössbauer measurements were 
performed for the as-quenched and annealed samples prior and after the rf exposure. The 
unconventional rf-Mössbauer measurements were performed during the exposure of samples to 
the rf field of 20 Oe at 60.8 MHz, frequency about three times higher than the Larmor one. The 
rf field was applied in the plane of the samples which played the role of an absorber. Adequate 
cooling of the samples preventing excessive heating was applied [6,7]. 

RESULTS AND DISCUSSION 

DSC measurements 

300    400    500    600    700 
TEMPERATURE [°C] 

Fig. 1. The DSC curves for Fe93_x_yZr7BxCuy alloys. 
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The crystallization behaviour of Fe93.x.yZr7BxCuy alloys was studied by DSC. All alloys 
crystallized through two steps as revealed by two exothermic peaks in DSC curves (onset 
temperatures Tx, and TX2 are indicated in Fig. 1). The crystallization temperatures depend on the 
boron content and for a given boron level decrease markedly upon addition of 2% Cu. The first 
stage with the crystallization temperature (Tx,) corresponds to the structural transformation from 
the amorphous to the nanoscale bcc phase. The second exothermic peak (TX2) reflects the 
transformation of the remaining amorphous phase to a mixture of FeZr compounds and 
microcrystalline a-Fe. The nanocrystalline bcc Fe phase can be formed in the temperature range 
between TXl and TX2. The 2% Cu content not only decreases the Tx, temperature but also 
extends the temperature range between Tx, and TX2 (Fig. 1). 

Conventional Mössbauer measurements 

no rf field in rf field 

1.00 

0.96 
1.00 

0 6-6 0 6 
VELOCITY [mm/sj 

Fig. 2. Mössbauer spectra recorded in the absence of the rf field (A-E) and during rf exposure 
(A'-E')forFe85Zr7B8 alloy in the as-quenched state and after annealing at 43Q-60O°C. 
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The Mössbauer measurements clearly revealed the changes in the microstructure of the 
amorphous Fe93.^yZr7BxCuy alloys induced by annealing. Typical examples are shown in 
Figs. 2A-2E and Rgs. 3A-3E for FegsZr^Bg and Fe^Z^BgCu^ respectively. The spectra 
measured for the as-quenched alloys are typical for an amorphous structure (Figs. 2A and 3A). 
Annealing at T<500°C induces the structural relaxation in the amorphous phase, evidenced in the 
spectra by the increase of the average hyperfine field (Figs. 2B and 3B). At 500°C the bcc Fe 
phase appears; the spectral component with sharp lines and the characteristic hyperfine field 
HM=32.95 T and isomer shift 5=0.00 mm/s is observed in the spectra (Figs. 2C and 3C). Its 
spectral contribution increases with increasing annealing temperature (Figs. 2D-2E and 3D-3E). 
Beside the bcc Fe phase, the Fe3(Zr,B) and Fe2(Zr,B) phases can be detected. The increase of 
annealing temperature to 780°C causes complete crystallization of the amorphous alloys. The 
microcrystalline phase a-Fe dominates, however, another phase with a characteristic 
paramagnetic subspectrum (quadrupole splitting of 0.45 mm/s and 5=0.22 mm/s), corresponding 

no rf field in rf field 

0 6-60 
VELOCITY [mm/s] 

Fig. 3. Mössbauer spectra recorded in the absence of the rf field (A-E) and during rf exposure 
(A '-E') for Feg^ZryBgCu2 alloy in the as-quenched state and after annealing at 430-600°C. 
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probably to the FeZr2-type phase, appears in the spectrum. Similar results were obtained for the 
remaining alloy compositions. The conventional Mössbauer measurements allow determination 
of the relative spectral contribution of the bcc Fe phase to the total spectral area. However, 
information regarding the grain size cannot be obtained. 

The relative abundance of the bcc Fe phase for various alloy compositions is shown in Fig. 4. 
As can be seen, the increase of boron content in the FeZrBCu alloy increases the TXl temperature 
resulting in the enhanced thermal stability of the amorphous phase. The relative abundance of the 
bcc Fe phase increases with decreasing boron content (Figs. 4A-4C). The presence of 2% Cu 
decreases the TXl temperature and dramatically promotes the precipitation of the bcc Fe phase. 
This effect is clearly seen especially for temperatures close to TXl (e.g. 500°C) (Figs. 4B-4C). 
The highest relative amount of the bcc Fe phase formed at 600°C is observed for the lowest 
boron content in the alloy (Fig. 4C). 

70 

f£ 50 
^40 

U. 30 

U 20 
o 
-° 10 

* 0 

o 

-A 

t^Ä 
25 400  500  600 25 400  500  600 25 400 

TEMPERATURE [°C] 
500     600 

Fig. 4. The relative abundance of the bcc Fe phase determined from the conventional 
Mössbauer measurements. 

The rf-Mössbauer results 

The typical Mössbauer spectra measured during exposure to the rf field of 20 Oe at 60.8 
MHz for Fe85Zr7B8 and Fe83Zr7B8Cu2 alloys are shown in Figs. 2A-2E' and Figs. 3A-3E', 
respectively. A complete collapse of the magnetic hyperfine structure to a quadrupole doublet is 
observed in the amorphous state (Figs. 2A-2B' and 3A-3B'). The rf sidebands, clearly seen in the 
spectra of the as-quenched alloys (Figs. 2A and 3A'), decrease markedly due to structural 
relaxation in the amorphous phase (Figs. 2B' and 3B') which causes a decrease of the 
magnetostriction constant [3], The sidebands disappear almost completely for the samples 
annealed at 500°C (Figs. 2C and 3C) in which the bcc Fe phase begins to form. The formation 
of the nanocrystalline bcc Fe phase dramatically affects the shape of the collapsed spectra [8]. 
The central collapsed part consists here of a superposition of a single line corresponding to the 
cubic nanocrystalline magnetically soft Fe phase and a quadrupole doublet corresponding to the 
remaining amorphous matrix (Figs. 2C and 3C). In addition to the completely collapsed central 
part a well resolved partially collapsed hyperfine structure appears (Figs. 2D'-2F and 3C-3E). 
The partially collapsed six-line spectral component corresponds to the bcc Fe grains with 
magnetic anisotropy sufficiently large to limit the magnetization reversal. The hyperfine split 
pattern reveals an average hyperfine field markedly reduced as compared to a-Fe, suggesting that 
the magnetic anisotropy is much smaller than in the bulk a-Fe, for which no rf-induced 
narrowing is observed. Thus, the partially collapsed component corresponds to the nanoscale bcc 
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Fe grains having a magnetic anisotropy considerably larger than for the amorphous phase, for 
which a complete rf collapse was observed. The artiount of such grains markedly increases with 
increasing annealing temperature, as seen by the dramatic increase of the magnetically split 
spectral component and the decrease of the rf collapsed component at 550°C (from 90% of the 
total spectral area, Fig. 2C, to 15% , Fig. 2D', and from 60%, Fig. 3C, to 20%, Fig. 3D'). 
However, annealing at 600°C causes partial restoration of the fully collapsed spectral component 
(26%, Fig. 2E, and 30%, Fig. 3E) thus revealing an increase of the relative abundance of the 
magnetically soft nanoscale bcc Fe grains (Figs. 2E, 3E'). It seems that in these alloys annealing 
at 600°C is most favourable for the formation pf nanocrystalline Fe phase with low anisotropy. A 
further increase of annealing temperature (to 780°C) causes complete crystallization of the alloys 
and the formation of microcrystalline a-Fe with magnetic anisotropy large enough to prevent any 
rf-narrowing of the spectra. 

The rf-Mössbauer results show that annealing FeZrBCu alloys at temperatures 550-600°C 
causes formation of grains with a broad distribution of the magnetic anisotropy fields related to a 
broad size distribution of the bcc Fe grains embedded in the amorphous matrix. The formation of 
the bcc Fe phase proceeds in a similar way in Fe87Zr7B6 and Fe85Zr7B6Cu2 alloys. However, in 
alloys with the highest boron content (Fe81Zr7B12) a different grain size distribution was detected 
by the rf-Mössbauer technique [8]. It was found that in a Fe8iZr7B12 alloy annealed at 500- 
600°C the bcc Fe appears in two kinds of grains: (i) small ones, magnetically very soft, for which 
a complete rf collapse was observed, and (ii) large ones with magnetic anisotropy large enough 
to prevent rf collapse, for which the spectral component with H]jf=32.95 T, characteristic for 
bulk a-Fe, was observed. The presence of Cu in the Fe79Zr7Bi2Cu2 alloy results in the 
formation at 500-600°C of a continuous broad grain size distribution [9], similar to that proposed 
to explain the data in Figs. 2A-2E' and Figs. 3A-3E. 

CONCLUSIONS 

Conventional Mössbauer measurements allow identification of phases formed by annealing 
of the starting amorphous alloys but do not provide information concerning the magnetic 
anisotropy of the grains. The rf-Mössbauer experiments, in which the rf collapse and sideband 
effects are observed, permit us to distinguish the soft nanocrystalline bcc phase from magnetically 
harder microcrystalline a-Fe. Some information concerning grain size distribution can be 
obtained. The nanocrystalline a-Fe phase is identified by the appearance of a single line 
component in the rf collapsed spectrum and by the disappearance of rf sidebands due to 
vanishing magnetostriction. 
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ABSTRACT 

The magnetic properties of alkali-doped zeolites have been investigated using magnetic 
resonance spectroscopy. Although paramagnetic centres have been detected, the predominant 
species, in many cases, is spin-paired. 

INTRODUCTION 

Zeolites are a well defined class of crystalline aluminosilicates, with structures based on 
tetrahedral networks which encompass channels and cavities of molecular dimensions. The general 
formula for the composition of a zeolite is: 

Mx/„[(A102MSi02)y]/«H20 

where cations M of valence n neutralise the negative charges on the aluminosilicate framework. 
The framework is made up from corner sharing SiÜ4 and AIO4 tetrahedra, with the cations found 
within the cavities and channels of the framework co-ordinated to the framework oxygens or 
water molecules. The framework structures of three zeolites, based on a common sodalite cage are 
shown in figure 1. 

The idea of using the zeolite as a host in which to dissolve alkali metals is not a new one1. On 
contact with the dehydrated zeolite, the incoming alkali atoms are spontaneously ionised by the 
intense electric fields within the host matrix. This approach focuses on the deliberate modification 
of the host material to generate new solid-state compounds that have interesting electronic and 
magnetic properties2. We have studied a number of zeolite-based systems, containing the sodalite 
cage as a basic building block, in an attempt to understand and perhaps control the electronic 
properties of these types of materials. 

EXPERIMENTAL 

The syntheses of all of these powdered materials was carried out through the controlled 
reaction of the dehydrated host with alkali metal. The reactions were carried out between 100 and 
250°C, in a sealed, evacuated quartz tube for between 12 to 48 hours, as described elsewhere3. 

The electronic properties of these materials were probed using ESR (Electron Spin Resonance) 
Spectroscopy. ESR studies were performed using a Bruker ESP300 Spectrometer, operating at X- 
Band frequencies (9.5GHz) between 4K and room temperature. To quantify the ESR 
measurements, the ESR signal from each sample was compared to that of a known Q1SO4.5H2O 
standard in a dual-mode cavity. Errors in this technique are estimated at +20%. 

Preliminary Solid-State NMR measurements have also been performed on some samples. 
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RESULTS 

With regard to the composition of these materials, the following nomenclature will be adopted. 
The addition of x-mole equivalents of metal (M) to a host zeolite (2) containing cations (N) results 
in the formation of a product labelled as MJN-Z. 

On addition of sodium metal to sodalite, the sample undergoes a remarkable colour change. The 
white host first turns blue, then purple and finally black as the concentration of reacted metal 
increases4. The ESR spectra, recorded at room temperature, of samples of sodalite containing x 
mole-equivalents of sodium are shown in figure 2 (Table I). A similar set of spectra, recorded on 
samples of metal-loaded zeolite -Y are presented in figure 3 (Table Ü). 

Potassium has been reacted with zeolite K12-A. At the lowest loadings (x~0.5) the sample 
appears blue and at the highest (x=5) brown. The ESR spectra, recorded at room temperature, of 
samples of Kx/Ki2-A containing x mole-equivalents of potassium are shown in figure 4 (Table 
DI). The structures of a number of these samples have previously been determined5. 

For comparative purposes alone the ESR Intensity is expressed as: 
i) number of electron spins per formula unit of sodalite cage 

._ „.    . number of visible spins (ESR Intensity)    ,.„.. 
11) % spins =  r-r^—* :—— xl00% 

number of mjected electron spms 

The room temperature 23Na NMR spectrum of K5/Nai2-A is shown in figure 5. 

Sodalite 

Zeolite A Zeolite Y 

FIGURE 1. THE FRAMEWORK STRUCTURES OF 
ZEOLITES -A, -Y AND SODALITE 
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FIGURE 2. THE ROOM TEMPERATURE      FIGURE 3. THE ROOM TEMPERATURE 
ESR SPECTRA OF Nax/Sodalite (s = 0.3-2)   ESR SPECTRA OF Nax/Na56-Y (x = 4-64) 

TABLEI 
Sample 

Napj/Sodalite 
Nai/Sodalite 
Na2/Sodalite 

2.0000 
2.0000 
2.0000 

Linewidth (G) 

2.1 
2.2 
5.3 

Spins per 
Sodalite Cage 

0.012 
0.15 
0.28 

% Spins 

15 
14 

TABLED 
Sample g Linewidth (G) Spins per 

Sodalite Cage 
% Spins 

Na4/Na56-Y (291K) 2.0013 (singlet) 32.0 
A=33 (13 lines) 

0.6 120 

Na8/Na56-Y (29 IK) 2.0012 (singlet) 27.5 0.79 79 
Nai6/Na56-Y (291K) 2.0011 20.6 1.00 50 
Na64/Na56-Y (291K) 2.0011 16.1 0.6 7 
Na8/Na87-X (291K) 2.0019 A = 26 0.16 16 

Nai3/Na87-X(291K) 2.0011 40.0 0.21 13 
Na3i/Na87-X(291K) 2.0011 4.4 0.27 7 
Na63/Na87-X (29 IK) 2.0011 13.4 0.1 1.3 
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FIGURE 4. THE ROOM TEMPERATURE 
ESR SPECTRA OF Kx/Ki2-A (x = 03-5) 

FIGURE 5. THE ROOM TEMPERATURE 
23Na NMR SPECTRUM OF Ks/Nai2-A 

TABLEm 
Sample g Linewidth (G) Spins per 

Sodalite Cage 
% Spins 

Ko.5/Kl2-A(291K) 
(4K) 

1.9996 (singlet) 2.6 (singlet) 
A=14 (10 lines) 

0.05 9 (291K) 

K1/K12-A (291K) 1.9997 (singlet) complex 0.25 25 

Ki.5/Ki2-A(291K) 1.9987 (narrow) 
1.9987 (broad) 

1.2 (narrow) 
6.4 (broad) 

0.53 35 

K2/Ki2-A(291K) 1.9987 (narrow) 
1.9979 (broad) 

1.4 (narrow) 
17 (broad) 

0.74 37 

K3/K12-A (291K) 1.9978 4.2 (broad) 0.78 26 

K5/K12-A (291K) 1.9974 (singlet) 22.0 (singlet) 0.95 19 
Na5/Nal2-A (291K) 1.9992 (singlet) 5.1 (singlet) 0.15 3.1 
K5/Nai2-A (291K) 2.0012 (singlet) 12.5 (singlet) 0.025 0.5 

Rb5/Nai2-A (291K) 1.9990 singlet) 4.5 (singlet) 0.035 0.7 
Rb5/Rbl2-A (291K) 1.9888 74 (narrow) 

1000 (broad) 
0.75 15 

Cs2/Cs9Na3-A (291K) 2.0003(narrow) 
2.034 (broad) 

4.0 (narrow) 
250 (broad) 

0.12 (10K) 6 (10K) 
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DISCUSSION 

Low Density Regime 

Two extreme may be noted in the ESR results for low metal loadings. The ESR spectrum of 
K.O.3/K12-A (at low temperatures) and Najc/Nas6-Y, forx=4,8 show hyperfme structure (as does 
Nag/Nagy-X). These may be attributed to the K.32+ and Na43+ paramagnetic centres 
respectively6-8 whose formation may be represented as: 

M° + «N+z H> M+z + N„(«-')+
z 

eg: Na° + 4Na+z -» Na+
Z + Na43+

Z 

Although the %spins visible is high for the Na-Y system, it is relatively low for the Na-X, K-A 
and sodalite systems. The structure of Na8/Na56-Y has been determined9. The sodalite cages 
contain sodium cations (site F occupancy 73%) that are separated by 4.4Ä. These are thought to 
be bound together as local Na43+ states, in good agreement with the high %spin. This is in good 
agreement with the model of Ursenbach and Madden10. Interactions between clusters is believed 
to give rise to the central ESR singlets in these materials; an intercluster distance of 5.4Ä in 
Nag/Na56-Y is consistent with this line of thought. However, for the other systems the %spins is 
considerably smaller than that expected for a complete set of independent localised moments. The 
Na54+ and Na65+ clusters have been observed in Na3/Na87-X3. However, in Nas/Na87-X only a 
small portion of the injected spins (16%) give rise to paramagnetic states. Therefore a 
correspondingly large portion of the spins (84%) must exist in spin-paired, diamagnetic states. It 
is conceivable that sodium cations located between sodalite cages could facilitate spin-pairing. 
Similarly, in Naoj/Sodalite only 4% of the injected spins appear visible. The distance between 
the centres of adjacent sodalite cages (6.5Ä) (and also the average distance between sodiums in 
adjacent sodalite cages) in sodalite is smaller than the equivalent distance in zeolites -X,-Y or -A. 
Interactions between electrons in sodalite may be enhanced relative to those in zeolites -X,-Y or 
-A, due to a larger density of sodium cations. 

Intermediate Density Regime 

The composition dependence of the room temperature ESR spectra of Kx/Ki2-A is shown in 
figure 4. The evolution of both a narrow singlet and broad singlet is to be noticed; each perhaps 
may be associated with a different spin environment. For x=l-5 the % spins visible is relatively 
large, suggesting a stable environment for localised spin states. In K5/K12-A each sodalite cage can 
formally be associated with a localised K43+ state. At least 80% of the spins exist in spin-paired 
states in this material at room temperature. 

The ESR spectra of a number of similar systems have also been investigated. Within zeolite-A 
systems, the most intense ESR spectra appear to come from systems where the host zeolite 
contains the same cations as those injected. The ESR spectrum of Ks/Na^-A can be associated 
with <1% of the injected electrons. Further evidence for diamagnetic states in this material has 
come from NMR studies11 (figure 5). The narrow, diamagnetic shifted signal at 65ppm has been 
seen in metal-amines12 and alkalides13. It has been assigned to the Na" ion. 
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High Density Regime 

Beyond Nai/sodalite, each sodalite cage can nominally be regarded as saturated with Na43+ 

centres*4. However, our ESR data suggests that the excess electrons are predominantly spin- 
paired. For Na2/sodalite, the %spins is lower than in the equivalent -Y and -A system. Again, a 
higher cation density may be responsible for the enhanced spin-pairing. 

For zeolites -X and -Y with the largest concentrations of injected electrons, the %spms starts 
to fall as the systems move closer towards metallic behaviour. 
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FERROMAGNETIC BEHAVIOUR IN NANOSCALE COBALT PARTICLES DISPERSED 
BY ZEOLITE Na-X. 

I. HUSSAIN, I. GAMESON, P.A. ANDERSON AND P. P. EDWARDS. 
The School of Chemistry, The University of Birmingham, Edgbaston, Birmingham, B15 2TT, 

UK. 

ABSTRACT 

This investigation has looked at the preparation of nanoscale cobalt particles by a simple 
solid state reaction involving cobalt (II) nitrate and zeolite Na-X under vacuum conditions 
followed by reduction in an hydrogen atmosphere. Samples were characterised by powder x-ray 
diffraction and scanning/transmission electron microscopy (TEM). Magnetic measurements were 
performed on the samples below 300 K using a SQUID magnetometer. 

INTRODUCTION 

Zeolites are a class of crystalline aluminosilicates whose structures are formed by comer 
linking of AIO4 and S1O4 tetrahedra. A very important property of zeolites is that the internal 
surface consists of interconnecting channels and cavities which can be sufficiently large to allow 
the entry of small atomic, molecular and metallic clusters of metal. Zeolite Na-X is the synthetic 
structural analogue of the mineral faujasite. In this zeolite the sodalite cages are joined together by 
hexagonal prisms or double six rings, resulting in the formation of a supercage which has a central 
diameter of-12.5 Ä. These supercages are accessible through four 12 membered rings which have 
a free diameter of-7.4 Ä. 

Occlusion In Zeolites 

The process in which the host zeolite is penetrated by atoms or salt molecules of another 
substance is generally known as occlusion. Interestingly, the pore space within a dehydrated 
zeolitic framework may be filled from the vapour phase, via salt melts or by heating the zeolite 
with salt powders1"4. The ultimate aim of this research is to successfully insert cobalt atoms, 
clusters and particles into the supercages of various zeolites and examine the magnetic properties 
of these new materials. A wide variety of synthetic conditions were used and the resulting 
materials were investigated using a combination of structural and magnetic techniques. 
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Experimental 

In order for non-framework species to be introduced into the zeolite, its water of 
crystallisation must first be removed. This is best achieved by heating under vacuum and for this 
reason the occlusion of cobalt into zeolites must take place under vacuum conditions. A high 
vacuum system has been designed and constructed for this purpose. Stoichiometric amounts of 
Co(N03)2-6H20 (pink powder) and zeolite Na-X (white powder), supplied by Laporte 
Inorganics , composition Na86(AlO2)86(SiO2)i06-264H2O were intimately ground together using 
a mortar and pestle. The mixture was heated to a temperature of 550°C for 12 hours under 
vacuum conditions, followed by reduction with 35%H2/Ar gas mixture for 4 hours at 550°C, to 
yield the occluded and reduced zeolites. On heating, most anhydrous metal nitrates decompose to 
the metal oxide, NO2 and O2. However, two possible oxides can be formed when cobalt nitrate 
decomposes, these are CoO and C03O4. When heated under vacuum, the latter of the two oxides 
is formed. A sample of 10 cobalt atoms per unit cell of NaX was synthesised and its structure 

and magnetic behaviour examined after occlusion and then reduction. 

Results and Discussion 

An x-ray powder diffraction (XRD) pattern of the pure zeolite is shown in figure 1, after 
occlusion and reduction. This was extremely useful in probing the degree of crystallinity of the 
host material. Basically, the XRD data verified that the zeolite remained intact after it was 

occluded with cobalt oxide and then reduced. 
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Fig. 1 Powder x-ray diffraction pattern of lOCoNaX after occlusion and then reduction. 
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No cobalt peaks were observed in the diffraction pattern of the occluded and reduced 
samples. However a reduction in the intensity of the high 28 reflections is observed suggesting a 

loss in crystallinity of the sample. 

Fig. 2(a) Scanning image of lOCoNaX(occluded). 

Fig. 2(b) Transmission image of lOCoNaX(occluded). 

The TEM data also proved to be extremely effective as a complementary technique to XRD 
in revealing the morphology of the zeolite as well as the size and shape of the cobalt clusters 
formed (figures 2 & 3). It is apparent from our observations that the average size of the particles 
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are in the range 200-250Ä. Clearly, the size of the cobalt particles in the zeolitic host will be 
constrained by the dimensions of the zeolite cage. This implies that particles growing beyond the 
natural dimensions of the zeolite cavity will eventually break out and appear on the surface. 

Fig. 3(a) Scanning image of 10CoNaX(occluded/reduced). 

Fig. 3(b) Transmission image of 10CoNaX(occluded/reduced). 

532 



SQUID Measurements 

The magnetic behaviour of the samples were analysed using a SQUID magnetometer after 
occlusion and then reduction. Hysteresis loops were taken at 15K with the field being scanned 
from 0.1 T to -0.1 T and back up to 0.1 T. Susceptibility measurements were taken from 4 K to 
300 K. Figure 4(a) shows that there is very little or no hysteresis in the sample. Furthermore the 
susceptibility plot (figure 4b) shows that the occluded sample behaves as a paramagnet. 

Occlusion 

-8 10"- 
-0.1 -0.05       0 

Field (T) 
50    100   150   200   250   300 

Temperature (K) 

Fig.4(a) Plot of the hysteresis loop for lOCoNaX(occluded) and (b) the susceptibility curve. 
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Fig.5(a) Plot of the hysteresis loop for 10CoNaX(occluded and reduced) and (b) is the 
susceptibility curve. 
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From the TEM micrographs we observed small particles of cobalt in the size range 200-250Ä 
which were widely dispersed throughout the sample. This evidence suggests that these particles 
give rise to a hysteresis curve which is indicative of ferromagnetic behaviour. Figure 5b shows 
that the susceptibility of the reduced sample rises as a function of temperature. This complex 
behaviour is not normally found for a bulk ferromagnet. The magnetic data indicate the presence 
of ferromagnetism in the sample which was occluded and reduced. This sample was also attracted 
to a permanent magnet at room temperature. It is apparent that the reduction is a necessary step 

in the processing to produce this effect. 

Summary 

The conclusion to emerge is that at a loading of 10 Co atoms per unit cell of zeolite NaX, 

occlusion by cobalt (II) nitrate followed by reduction appears to be an effective route to the 
preparation of ultrafine cobalt particles in zeolite NaX. The initial size of these particles is 
governed by the size of the cavities of the zeolite. Particles which have grown beyond the 
dimensions of the zeolite will have broken out of the cages and appear on the surface as observed 
in the TEM. Such a process will reduce the crystallinity of the zeolite as observed in our x-ray 
data. Also before reduction had taken place the occluded zeolite did not possess any hysteresis 
and behaved as a paramagnet. After treatment with hydrogen the sample displayed some 
hysteresis which was typical of a ferromagnet. 
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MAGNETIC PROPERTIES OF EMBEDDED 
Rh CLUSTERS IN Ni MATRIX 
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ABSTRACT 
The electronic structure and magnetic properties of rhodium clusters with sizes of 1 

- 43 atoms embedded in the nickel host are studied by the first-principles spin-polarized 
calculations within the local density functional formalism. Single Rh atom in Ni matrix is 
found to have magnetic moment of 0.45/iß. RhJ3 and Rhig clusters in Ni matrix have lower 
magnetic moments compared with the free ones. The most interesting finding is that Rh43 

cluster, which is bulk-like nonmagnetic in vacuum, becomes ferromagnetic when embedded 
in the nickel host. 

INTRODUCTION 

Atomic clusters have opened new prospects in the development of materials science. 
Taking advantage of the characteristic behavior of small particles, one expects to be able 
to tailor new materials for specific technological purposes. Consequently, much effort has 
been invested in the research on the properties of microclusters[l]. Rhodium has specially 
interesting magnetic properties. It is nonmagnetic in the bulk state. However, the rhodium 
monolayer on an iron substrate has a measured magnetic moment of 0.82 fin per atom[6]. 
Since Reddy, Khanna and Dunlap[2] predicted that small rhodium clusters show the ferro- 
magnetic properties, many experimental and theoretical investigations have been conducted 
to explore the unusual magnetic properties of rhodium clusters[3, 4, 5]. 

Using the local-spin-density (LSD) functional theory, Reddy, Khanna and Dunlap[2] 
recently calculated the magnetic moments for ruthernium, rhodium, and palladium 13- 
atom clusters with icosahedral and cubo-octahedral symmetry. They predicted moments of 
1.62 fi.B per atom for icosahedral Rhi3, 1.02 ßB per atom for icosahedral Riu3, and 0.12/J/J 

for icosahedral Pdi3. Indeed, Cox et al[3] observed experimentally giant magnetic moments 
in small Rh„ clusters with n=12-34. However, their observed value of the average magnetic 
moment per atom for Rhi3 is 0.48^<B, only about one-third of the theoretical prediction 
of Reddy et al. They also found that the average moment per atom of the Rh clusters 
depends significantly on the cluster size. There are several sizes, R.h15, Rhi6, and RliI9 

which have magnetic moments per atom that are significantly larger than those of adjacent 
cluster sizes. The average moment of the rhodium cluster decreases to the bulk value of 
zero as the cluster size increases. Yang et al.[4] have also performed first principles studies 
on Rh„ (n=2-19) clusters, and they did not observe the magnetic transition from magnetic 
state to nonmagnetic state as the cluster size increases, due to small number of atoms in 
their studies. 

We have studied the electronic structure and magnetic properties of Rh„ (n=6, 9, 13, 
19, 43) clusters and obtained better results compared with the experiments[5], Moreover, 
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we found that the magnetic and electronic structure of Rh43 cluster have almost the same 
features as that of the rhodium bulk. 

For most technological applications, the properties of embedded clusters (e.g. clusters 
in a matrix) are more relevant than the free clusters because it is related to the granular 
or island geometrical arrangements observed in the overlayers, sandwiches and multilayers. 
Therefore, it is of considerable importance to extend our knowledge on free clusters to 
the cases where these clusters are embedded in an environment. Comparison between 
the behavior of the free and embedded clusters would also contribute significantly to the 
understanding of the specific properties of these materials. 

The formation of a magnetic moment on isolated transition metal impurities dissolved 
into metallic hosts continues to be a topic of experimental as well as theoretical interests. 
Extensive data are now available for the magnetism of 3d ions in various metals[7]. In 
comparison, much less information is available on the magnetic behavior of isolated Ad 
impurities in transition metals hosts. Using a cluster model, we can study the magnetic 
impurities in a more flexible way. 

As an extension to our previous paper on the free rhodium clusters, we report here a 
first-principles study on Rh„ clusters embedded in the nickel matrix. Wc chose nickel as 
host because it has the same fee structure as rhodium and it is ferromagnetic. Ni« cluster 
is used as a model of the nickel matrix, as we will discuss later, which represents well the 
electronic and magnetic structures of nickel crystal. 

METHOD 

The electronic structures of the clusters are calculated with the first principles discrete 
variational method (DVM)[10]. The same method has already been employed in several 
other studies on metal clusters[ll, 12], and described in detail elsewhere[12]. In short, 
the numerical atomic orbitals are used in the construction of molecular orbitals. In the 
present work, atomic orbital configurations composed of Ad, 5s and 5p for R.h and 3d, 
4.s and Ap for Ni are employed to generate the valence orbitals. The secular equation 
(H-ES)C=0 is then solved self-consistently using the matrix elements obtained via three- 
dimensional numerical integrations on a grid of random points by the diophantine method. 
About 900 sampling points around each site are employed. These points were found to 
be sufficient for convergence of the electronic spectrum within 0.01eV[ll]. Self-consistent- 
charge (SCC) scheme[13] and von Barth-Hedin[9] exchange-correlation function are used in 
the calculations. 

RESULTS 

We first study the Ni43 cluster in fee structure, see Figure 1, which is used as a model 
of nickel bulk. There are four different sites in this cluster labelled A-D. The calculated 
results are summaried in Table 1. The central atom in the model (A site) has the lowest 
magnetic moment of 0.66 ßß which is in good agreement with the value of nickel bulk. It 
is noted that while the 3d moment is positive, the 4« and Ap moments are negative. 

The local density of states (DOS) of the central atom in this cluster are shown in Figure 
2, which are obtained by a Lorentz expansion of the discrete energy levels and a summation 
over them. In comparison with the DOS of nickel bulk calculated by LDA band-structure 
method[14], we notice that the main features, namely three large peaks and about. 4eV 
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Figure 1: Structure of cluster model, where different sites are labelled by A-D. 

Table 1: Magnetic moments of each site of N143 and RhNi42 clusters. 

A B C D 

N143 
d 0.73 0.74 0.97 1.10 
s -0.03 -0.02 -0.03 0.03 
p -0.04 -0.01 -0.05 -0.01 

-total 0.66 0.71 0.89 1.12 
RhNi42 

d 0.55 0.64 0.98 1.08 
s -0.03 -0.02 -0.03 0.02 

V -0.07 0.01 -0.06 -0.02 
total 0.45 0.63 0.89 1.08 

valence band width, are well reproduced by the N143 clusters. Therefore, this cluster can 
be used to represent the nickel bulk for dealing with the local problems. 

Next, we discuss the local moment formation of single Rh impurity in Ni host. Zeller[15] 
has examined the electronic structure of Ad impurities in Ni, using a LSD approach based 
on the Korringa-Kolm-Rostocker (KKR) Green's function method. Here the impurity is 
described by a single-site perturbated muffin-tin potential in an otherwise perfect, periodic- 
lattice. The calculated magnetic moment of Rh atom is 0.57/.<£ which is much smaller 
than the experimental result of 2ßg observed by the neutron scattering[16]. However, this 
experimental result is contrary to the expectation that in the Ad series the moments are 
always smaller than the 3d series and therefore the Rh moment should be smaller than 
the Co moment of 1.8^. The discrepancy between the theory and experiment is so large 
that it deserves more studies by different approaches. Here, we use a cluster model to 
represent one Rh impurity in the Ni host. Similiar approach has been used to calculate the 
magnetism of single Fe in Al by a 43-atom cluster[17]. The calculated results arc listed in 
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Figure 2: Local density of states of the central atom in the Ni43 cluster. 

Table 1. The total magnetic moment of Rh atom is 0.45^B which is mainly arised from the 
polarization of d states whereas s and p polarization add only a small negative contribution. 
It is noted from Table 1 that the effect of the Rh impurity on the Ni host is quite local, only 
a little change for the next-nearest neighboring Ni atoms. Our result is in good agreement 
with the KKR calculations but contrary to the neutron scattering experiments. A possible 
reason for the discrepancy may be the analysis of the experiments. The experimentist. uses 
a two-moment version of the local environment model and the application is incomplete ;is 
it has been argued by Hicks[18]. 

Figure 3 shows the LDOS of the Rh atom in nickel host. It is clear that small exchange 
splitting between the majority and minority spin results in the magnetic formation of Rh 
atom. Compared with the LDOS of free Rh43 cluster, it is noticed there are extra states 
for both majority and minority spin at about -7eV below Fermi level, which are due to the 
hybridization of Ni 3d and Rh Ad states. 

In the previous paper[5], we have shown that small rhodium clusters have finite magnetic- 
moments, and RI143 cluster is non-magnetic exhibiting the bulk-like electronic and magnetic- 
properties. To characterize the effect of matrix on the magnetic moments of Rh clusters, 
we study the electronic properties of Rh„Ni43_„ and Rh43Ni12 clusters. Table 2 gives the 
calculated magnetic moments for each cluster as well as the results of free clusters for 
comparison. The embedded RI113 and Rhi9 clusters are also ferromagnetic with reduced 
magnetic moments compared with the free ones. It is interesting to note that Rhig cluster 
surrounded by Rh24 is bulk-like nonmagnetic, whereas it is ferromagnetic when surrounded 
by Ni24. To further clarify this point, we study a larger cluster Rh43JNi12, which has 12 
nickel atoms surrounding 43 Rh cluster in fee structure. We find that Rh43 cluster becomes 
ferromagnetic in this case. This is very similar with the experimental observation that. 
rhodium monolayer over iron has magnetic moment which is induced 1)}' the hybridization 
of Ad-Zd electronic states[6]. Therefore, one can obtain larger ferromagnetic Rh clusters in 
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Figure 3: Local density of states of the Rh atom in the RhNi42 cluster. 

this way and we hope that experiments may check our expectation. 

Table 2: Magnetic moments of Rhn and Rh„Ni43_n clusters at different site A-E. 

cluster A B C D E 

Rhi3 1.59 0.63 
Rh19 0.06 0.59 0.16 
RI143 0.00 0.13 0.04 0.01 
Ni43 0.67 0.71 0.89 1.12 
RhNi« 0.45 0.63 0.98 1.08 
Rhi3Ni3o 0.49 0.52 0.987 1.11 
Rhi9Ni24 0.25 0.37 0.208 1.24 
Rh43Nii2 0.02 0.23 0.35 0.53 1.45 

To summarize, by using the first-principles self-consistent LSD calculations, we find that 
single Rh atom impurity in the Ni host has magnetic moment of 0.45/(B and the embedded 
Rhn and Rhi9 clusters are also ferromagnetic though the moments are smaller than the 
free clusters. While the free-standing Rh43 cluster shows the nonmagnetic property, the 
embedded one has the induced magnetic moments. Those properties might be found in the 
granular materials and thin films. 
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ABSTRACT 

Studies of the evolution of electrical resistance in an external applied magnetic field, B, as well 
as with temperature, T, on Cu86Co14 and Cu92Cos as quenched and annealed melt-spun ribbons, 
reveal that magnetoresistance, MR, AR(B,T)=R(B)-R(0) scales with B/T. Furthermore, it found 
that annealing up to 600 CC scales the magnetic moment of the Co-rich superparamagnetic 
nanoparticles such that, the data for the field dependence of the MR obtained at various 
temperatures collapses onto the same unique and universal curve f(mB/T) with the Langevin 
variable mB/T governing the overall behaviour. 

INTRODUCTION 

Ever since the discovery of giant magnetoresistance, GMR, in granular solids containing 
transition metal elements in a non magnetic metallic matrix', there has been extensive efforts both 
from an experimental as well as theoretical point of view. 

The above phenomenon has also been observed in melt-spun ribbons made of similar 
constituents2. GMR in granular solids appears to be concomitant with a superparamagnetic 
behaviour3"5. An attempt for such a correlation has been given by Parker et al.6 in terms of 
Langevin function. It has also been shown78 that AR scales with B/T. GMR has also been 
correlated with the square of the macroscopic magnetization15. Such correlation has been 
explained in terms of a spin dependent scattering model9. GMR in granular solids has also been 
explained by considering interfacial spin dependent scattering of conduction electrons, using a log- 
normal distribution function for the cluster size10. Also, in some studies GMR has been shown to 
depend linearly, and not as the square of the magnetization, which is considered to arise from 
scattering of pairs of blocked and superparamagnetic particles". 

In the present work, we show a correlation between the magnetic nature of the samples and 
their GMR, taking into account their dependence on magnetic field and temperature, as well as the 
modifications which takes place with annealing treatments. The magnetization behaviour is 
described by a Langevin function. We analyse our data by considering a spin dependent scattering 
model, and the dependence of GMR to the square of the magnetization. From such an analyses we 
find that GMR scales with mB/T and thereby the role of number and size of magnetic clusters in 
describing the temperature dependence of GMR. 

EXPERIMENTAL 

Controlled inert atmosphere melt-spinning technique has been used to produce Cu92Co8 and 
CuS6Co,4 ribbons 30 urn thick and 2.5 mm wide. We have annealed in inert atmosphere samples in 
a commercial halogen lamps furnace as follow: 500 °C for 60 min., 600 °C for 30 min. and 700 <C 
for 30 min. X-ray diffraction using Cu-Kct radiation (h= 1.5423 Ä) as well as 200 kV transmission 
electron microscopy (TEM) investigation have been carried out in commercial equipment's. Details 
of these analyses have been reported before8. 
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MR measurements in Q192C08 have been made using the four probe technique with 1 mA d.c. 
flowing along the ribbon. The field was applied parallel to the current. The voltage drop was 
measured over a length of 6.5 mm, from which the resistance can be obtained. The SQUID was 
used to provide the field and the low temperature capability. Cu86Coi4 samples have been 
annealed in a conventional resistance furnace at 425 °C, 450 °C, 475°C, 500 °C and 600 °C for 1 h. 
in inert atmosphere. MR measurements have been made by means of an Automatic Resistance 
Bridge from A.S.L. model F26. 1 mA current was flowing along the ribbon 12 mm. long, 1 mm 
width, and the magnetic field was applied perpendicular to the current and perpendicular to the 
ribbon plane. An electromagnet was used to provide the magnetic field up to 2 Tesla. Due to air 
gap limitations, measurements at 77 K were made in a maximum field of 1 Tesla. Measurement at 
temperatures lower than 77 K were not made on these samples. 

RESULTS AND DISCUSSION. 

Magnetoresistance 

In Fig. 1 and Fig. 2 we show the field dependence of MR values corresponding to the G192C08 
samples. The maximum value of GMR corresponds to the 600 °C annealed sample with a negative 
relative increment of 17% for a magnetic field B=l Tesla at 5K. An increment in GMR effect is 
produced by annealing; however, for the sample annealed at 700 °C the MR has a very low value 
and the GMR effect is lost. We have recently shown4 that the magnetic nature of these samples is 
superparamagnetic, which is lost simultaneously with GMR above 700 °C anneal. The GMR, for 
each sample, increases monotonically with decreasing temperatures, as shown in Fig.2. In Fig. 3 
and Fig. 4 we show the GMR data obtained for the CugöCou samples annealed at different 
temperatures. The maximum negative relative increment in MR, 12%, corresponds to the 475 t 
annealed sample, in a magnetic field B= 1.1 Tesla at 77 K. 

To correlate the GMR with the magnetization data we have considered that the origin of GMR is 
the spin dependent scattering of conduction electrons by the magnetic moment of clusters. This 
approach has been used in the past to explain the MR in dilute magnetic alloys'2. In this model the 
change in resistivity produced by a magnetic field is proportional to the square of the change in the 
macroscopic magnetization 

AR=-ßM2. (1) 

AR is measured between the initial demagnetised state,  B=0,  M=0,   and  the  state  of 
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magnetization M(B,T) reached at temperature T.  The macroscopic magnetization of these 
superparamagnetic samples is described by the Langevin function 

M(B,T)=MsL(a) (2) 

where L(a) is the Langevin function and a=mB/kT. m is the magnetic moment of each cluster and 
k the Boltzmann constant. 

Hence the increment in electrical resistance produced on application of a magnetic field can be 
expressed as 

AR=-ßm2N2{L [mB/k(T-e)]}2 
(3) 

where we have considered that N magnetic clusters participating in the phenomenon of MR have 
magnetic moment m. We use the same ordering temperature 6=-13 K which was obtained on 
scaling the superparamagnetic behaviour of these samples4. 

The continuous lines shown in Figs. 1, 3 and 4 are the fits of the MR data to expression (3). 
The values of m and ßm2N2 obtained from these fittings are used in the various scaling analyses 
discussed below. 

AR scales with B/T 

It can be shown that for a given sample the 
field dependence of the changes in the resistance 
measured at various temperatures shown in Figs.2, 
3 and 4 can be collapsed in to a single curve with 
the appropriate scaling. Fig. 5 and 6 show the 
scaling of magnetoresistance when plotted vs B/T. 
It can be observed for such scaling it is necessary 
to introduce a temperature dependence of the factor 
ß(T).Thus it is possible to scale AR using the same 
ordering temperature 6=-13K for all of the samples 
independently of the annealing treatments. This 
value of 6 was obtained from the magnetic data of 
the same samples. 
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Fig. 5 Scaling of AR vs.B/T. The values of ß 
relative to T=300 K, are shown for each temperature. 
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For these scalings the factor ß is found to decrease as the temperature increases. Such an 
evolution can not be magnetic in origin. Furthermore, magnetic measurements scale 
with B/(T-6) without any need to modify the ordering temperature 6. 
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must be included to scale. Note, also, that this factor is independent of the annealing treatments. 

It is interesting to point out that the temperature dependence of ß is qualitatively similar to the 
temperature dependence of the mean free path of conduction electrons". 

AR scales with mB 

With annealing, the size and number of the 
magnetic clusters must change and hence the 
magnetic moment for each cluster. Considering 
these factors it is found that data for 
differently annealed samples can be collapsed 
in to unique curve as shown in Fig. 7. This 
figure shows AR/ßm2N2 plotted against mB for 
different samples of the system Cu92Co8, 
measured at T=5 K. In fact this scaling is again 
rather good, taking the values of ßm2N2 and m 
from the data fittings obtained, shown in Fig. 1. 
Fig. 8 is a universal scaling of the data, at two 
different temperatures, for samples of the 
system Cu86 Co14. In this case, besides the 
variation of m and N produced by thermal 
treatments, the variation with temperature of 
ß(T) has been taken into account. 4 different 
samples (corresponding to 4 different thermal 
treatments),     measured     at   two    different 
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temperatures are being represented in Fig. 8. This shows the very good overall scaling of AR with 
mB/T. The influence of changes of m and N produced by annealing have been considered and also 
the changes in ß due to temperature. 
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A model considering a distribution of the size of the magnetic clusters, instead of an unique 
value, would enable us to better understand quantitatively the different parameters involved in the 
MR phenomenon. 

CONCLUSIONS 

The study of evolution of MR with magnetic field and temperature as well as with thermal 
treatments are shown to be uniquely governed by the Langevin variable mB/T, as long as the 
samples are in the superparamagnetic state. 

The MR is an even function of the macroscopic magnetization. 
From the factor of the Langevin function we have deduced: the influence on the MR of the number 
and size of magnetic clusters   participating   in   the   phenomenon, and how their variations 
produced by thermal treatments change the GMR. 

There are two main and distinguishable temperature dependencies of the GMR: 1) through the 
magnetization process, by different values of magnetization reached at different   temperatures. 
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2) Through the factor ß, which is of non-magnetic origin and may be related to electronic 
conduction processes involved. 
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